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Foreword

THE ACS SYMPOSIUM SERIES was first published in 1974 to provide
a mechanism for publishing symposia quickly in book form. The pur-
pose of the series is to publish timely, comprehensive books devel-
oped from ACS sponsored symposia based on current scientific re-
search. Occasionally, books are developed from symposia sponsored
by other organizations when the topic is of keen interest to the chem-
istry audience.

Before agreeing to publish a book, the proposed table of contents
is reviewed for appropriate and comprehensive coverage and for in-
terest to the audience. Some papers may be excluded in order to better
focus the book; others may be added to provide comprehensiveness.
When appropriate, overview or introductory chapters are added.
Drafts of chapters are peer-reviewed prior to final acceptance or re-
jection, and manuscripts are prepared in camera-ready format.

As a rule, only original research papers and original review pa-
pers are included in the volumes. Verbatim reproductions of previ-
ously published papers are not accepted.

ACS BOOKS DEPARTMENT
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Preface

This volume was developed from selected contributions to the Symposium on
Structure and Properties of Glassy Polymers, sponsored by the Division of
Polymeric Materials: Science and Engineering (PMSE) and held during the 1997
Spring ACS Meeting in San Francisco. This three-day symposium provided a
forum for lively discussions on diverse topics ranging from ionic transport in
polymer glasses to glass formation of spatially confined molecules. The discus-
sions continuously evoked the principles of glassy polymer physics to interpret
new or recent data on physical, mechanical, electrical, and transport properties.
Application of recent and developing mechanistic models (in place of phenome-
nological models) to such newly emerging data showed promise for developing
unified interpretations of glassy behavior. It became clear during the symposium
that only by obtaining a fundamental understanding of the underlying physics of
polymeric glasses will polymer scientists and engineers be able to develop the
ability to tailor the structure and state of the polymer glass to achieve the prop-
erties desired for specific applications.

This book, like the symposium, is organized into five sections: Physics of
Glassy Polymers, Molecular Mobility and Relaxations in the Glassy State,
Physical Aging, Mechanical Properties, and Transport Properties and includes
an introductory chapter written by the editors. We know of no other book that
covers such a diverse range of topics concerning the structure and properties of
glassy polymers in such an up-to-date fashion. Some chapters could have been
placed in any of several sections. Thus, readers are encouraged to peruse the
entire book for only then will a complete picture of glassy polymer physics
emerge. Note that the physics of polymer melts is not covered except where an
understanding is needed of, for example, the approach toward the glass transi-
tion or where comparing glassy behavior to that of the liquid.

We express our deep gratitude to the sponsors of the symposium: Eastman
Chemical Company, Commonwealth Scientific and Industrial Research Organi-
zation (CSIRO) Division of Manufacturing Science and Technology, EG&G
Ortec, the Petroleum Research Fund of the American Chemical Society, and the
ACS Division of Polymeric Materials: Science and Engineering, Inc. We are
also grateful for the expert assistance of Anne Wilson of the ACS Books
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Department. In addition, the editors acknowledge Georgina Roderick of CSIRO
for her assistance with the cover design. Contributors to the symposium and to
the volume are thanked for sharing their work and opinions with the scientific
community.

MARTIN R. TANT

Research Laboratories
Eastman Chemical Company
Kingsport, TN 37662

ANITA J. HILL

CSIRO

Manufacturing Science and Technology
Clayton, Victoria 3168 Australia
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Chapter 1

The Structure and Properties of Glassy Polymers

An Overview

Anita J. Hill' and Martin R. Tant’

'CSIRO Manufacturing Science and Technology, Private Bag 33, South Clayton
MDC, Clayton, Victoria 3169, Australia
* Research Laboratories, Eastman Chemical Company, P.O. Box 1972,
Kingsport, TN 37662

An overview of the physics of glassy polymers and the relationships
between molecular mechanisms and macroscopic physical, mechanical
and transport properties of polymer glasses is presented. The
importance of local translational and/or rotational motions of molecular
segments in the glass is discussed in terms of the implications for
thermodynamic descriptions of the glass (configurational states and
energy surfaces) as well as history dependent properties such as
expansivity, refractive index, gas permeability, and viscoelastic
mechanical behaviour.

Glassy polymers are technologically important across the gamut of materials
applications from structural (hyperbaric windows) to electronic (ionic conductors,
surface coatings for printed circuit boards) to environmental (membranes for industrial
gas separation). The properties of glassy polymers are widely varying and not easily
predictable due to the variety of possible chemical structures that can be synthesized
and the range of non-equilibrium states available to the polymer. Early theoretical
work in glassy polymers focused on two aspects of their nature: the glass transition
and their viscoelastic behaviour (I-7). A formal description and understanding of the
glass transition temperature (the temperature below which the supercooled liquid
behaves as a glass) is necessary in order to determine the configurational state and
hence physical (and possibly mechanical and transport) properties of the glass. The
contributions to this book and other symposia compilations (8-12) illustrate the quest
for theories and characterization techniques that adequately predict and measure
phenomena responsible for the mechanical, electrical, magnetic, physical and transport
properties of polymer glasses.

The Glass Transition

Glasses can be easily formed from non-crystallizable polymers and can be formed as
well from crystallizable polymers if the cooling rate from the melt to below the glass

©1998 American Chemical Society 1
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transition temperature is sufficiently rapid. The glass transition, or glassy
solidification, has been described as either a thermodynamic transition or a kinetic
phenomenon (/3). Glassy solidification shows similarities to a formal second-order
transition in the pressure dependence of T,; however, as pointed out by Rehage and
Borchard (/4) internal thermodynamic equilibrium does not exist on both sides of T,
(the Ehrenfest relationships do not hold) making it impossible to describe the
solidification process as a formal second order transition. Alternatively, the kinetic
argument suggests that our measurement techniques and their characteristic
frequencies define the phenomenological glass transition temperature. As the melt is
cooled, viscosity increases to such an extent (ca. 10" - 10" poise) that the time scale of
the experiment becomes similar to or longer than the molecular relaxation times. The
temperature dependence of the coefficient of thermal expansion, elastic modulus,
specific heat, dielectric constant, chemical shift linewidth, diffusivity, etc. defines the
glass transition temperature, but (it is argued) the change in these parameters is due to
the frequency of molecular motion with respect to the measurement frequency or time,
not due to the existence of a thermodynamic second order transition temperature.
DiMarzio suggests in Chapter 2 that there is an intimate connection between kinetic
and equilibrium quantities and argues for a thermodynamic transition on the basis of
theory and experiment, as do Bohn and Kriiger in Chapter 5. For the purposes of this
discussion, the transition in behaviour from that of a liquid to a glass will be described
by the observation that the large-scale cooperative rearrangements of the molecules
that are possible in the liquid are effectively arrested in the glass in relation to
experimental time scales for motion; however, whether this limited mobility occurs
due to formation of glassy regions which coexist with the liquid until eventual
percolation or due to the limited patience of the experimentalist is left to the reader to
decide (see arguments presented in this volume by DiMarzio: Chapter 2, Baschnagel:
Chapter 4, and Bohn and Kriiger: Chapter 5). In either case, the viscosity becomes
very large as the glass transition is approached on cooling such that the number of
configurational states on an energy landscape is greatly reduced in the glass as
compared to the liquid, and the ease of rearrangement from one configurational state
(or energy minimum) to another is dependent on the nature of the energy landscape.
Angell (15) has suggested that the nature of the energy landscape reflects the polymer
“personality”, and knowledge of this energy landscape gives information regarding the
solidification history, the structure of the polymer glass, the population of
configurational states available and the energy necessary for configurational
rearrangements which lead to relaxations in the glassy state. Angell discusses in
Chapter 3 the factors that affect the energy landscape placing emphasis on the a—f
bifurcation temperature (or the temperature at which the f relaxation diverges from the
main a relaxation). In this case the o relaxation is used to describe the large-scale
cooperative rearrangements of the molecules in the region of the glass transition whilst
the B relaxation is used to describe slower segmental or sub-T, relaxations. The
persistence of local-scale cooperative, as well as uncoupled segmental, motion of the
molecules in the glass is of interest from the polymer physics as well as applied
property points of view and will be explored further in this chapter as well as Chapters
8-12. It is thus important to be able to predict the energy landscape of a polymer
glass, or if this landscape is infinitely complicated, to be able to predict and measure
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the main factors that reflect this landscape, namely the relaxation times for the
molecular motions.

Figure 1 shows an isobaric specific volume-temperature schematic for glassy,
liquid and crystalline states of a polymer. The theoretical 100% crystalline material
has a first order thermodynamic transition at T,, which represents the melt
temperature. The first feature of interest for glassy polymers is the departure from
equilibrium on cooling. As the polymer is cooled below T,, nonequilibrium properties
(in this case volume, but as shown in Chapter 13, enthalpy as well) are quenched in
and will relax to some quasi-equilibrium value with time. The quasi-equilibrium
glassy state is shown in Figure 1 as a dotted line extrapolated from the liquid. At
much lower temperatures the quasi-equilibrium dotted line displays a change of slope
associated with vanishing configurational entropy. As mentioned above, in addition to
volume and enthalpy changes observed on cooling through T,, the entropy of the
polymer changes as indicated by a significant increase in relaxation times which
signifies a decrease in the number of configurations available to the polymer system.
Kauzmann (16) originally noted the thermodynamic inconsistencies associated with
the extrapolation of equilibrium data far below T, by calculating unrealistic quantities
such as negative configurational entropy and negative free volume. Gibbs and
DiMarzio (17) resolved the paradox of negative configurational entropies by
predicting a second order transition at a temperature T, much less than T,. At T, the
configurational entropy vanishes and remains zero to 0 K. Chapter 2 by DiMarzio and
Chapter 3 by Angell (15,18) further discuss Kauzmann’s paradox and its resolution via
extension of equilibrium liquid theory to low temperatures (DiMarzio) and its
implications for strong and fragile behaviour of liquids as well as cooperativity of
relaxations (Angell). Relaxation of the volume (and enthalpy) takes place below T,
due to the departure from quasi-equilibrium as shown in Figure 1. The relaxation
process is nonlinear and nonexponential and can be modeled using an approach
outlined by Hodge (19,20). This approach is discussed in a subsequent section entitled
Physical Aging and in more detail by Simon in Chapter 13.

The second feature of interest in Figure 1 for this discussion of glassy
polymers is the change of slope (increase in expansivity) as the material is heated
through various relaxation regions labeled with Greek symbols. The largest change in
linear expansion coefficient occurs at T, (the o relaxation). The schematic in Figure 1
can be compared to experimental results for poly(methylmethacrylate) shown in
Figure 2 (2I). Each relaxation can be attributed to a particular molecular
rearrangement in the glassy polymer and research to discover the molecular
mechanisms responsible for the sub-T, relaxations in glassy polymers is ongoing.
Cartoons in Figure 2 suggest the motions attributed to each relaxation in PMMA.
Chapter 10 by Pratt and Smith discusses assignment of sub-T, dielectric relaxations in
polycarbonate and polyester blends. The importance of these relaxational processes to
physical, mechanical and transport properties is discussed in a subsequent section of
this chapter entitled Links Between Sub-T, Mobility and Macroscopic Properties. The
sub-T, mobility responsible for these relaxations reflects the energy landscape of the
glass and as such, the activation energies for the relaxations and the distribution of
relaxation times can give information on the intersegmental motion that affects
macroscopic properties.
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Figure 2. Specific volume-temperature data for poly(methylmethacrylate).
(Adapted from ref. 21.)
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Relaxation Times

One method of describing non-equilibrium glassy polymer behaviour is through the
use of relaxation or retardation times. However, glassy behaviour cannot, in general,
be described using a single relaxation or retardation time (or single parameter) model.
The local structure of loosely packed polymer chains allows cooperative reorientation
processes which can be represented by a sum of single relaxation times (simple
process) or a relaxation time distribution (complex process) (22). There are many
experimental ways to measure the relaxation times over a wide temperature/frequency
range and the relaxation spectrum near T, as well as the spectra for sub-T, processes
are used to model behaviour (23). Figure 3 shows the volume response of
poly(vinylacetate) PVAc on cooling through T, (24). Cooling from the liquid to a
temperature below T,, where the glass is held isothermally and the relaxation of a
property (volume, free volume, refractive index, etc.) is measured, is termed a
contraction or physical aging “annealing” experiment. In a homogeneous isotropic
glass, density is proportional to refractive index such that the refractive index response
mimics the volume relaxation. Also shown in Figure 3 is the volume response for an
expansion ‘memory’ experiment. The expansion experiment consists of quenching a
sample at quasi-equilibrium to a temperature T, below T, storing for some time, and
then heating to a testing temperature T still below T, at which the property of interest
is measured as a function of time. Memory behaviour is observed in polymer glasses
when the double temperature change of the expansion experiment is performed in a
time frame that does not allow the polymer to reach quasi-equilibrium at T,. The
memory effect is illustrated by a volume relaxation peak during the expansion
experiment resulting from the distribution of relaxation times associated with
molecular mobility. The contraction and expansion isotherms are asymmetric and
approach the same quasi-equilibrium volume. Much work has been devoted to the
development of models to describe the kinetics of polymers in the non-equilibrium
glassy state and to accurately predict the volume and enthalpy response during
relaxation experiments. One can anticipate the importance of the volume response,
following processing and/or thermal history in service, to vital characteristics such as
dimensional stability, residual stress, etc. Further discussion of contraction, expansion,
and memory volume relaxation experiments can be found elsewhere (24-28).

Modeling of relaxation behaviour in the glass can be done using either
phenomenological models or models that attempt to describe bulk behaviour using
thermodynamic or molecular arguments. An example of the former is the transparent
mulitparameter model of Kovacs, Aklonis, Hutchinson, and Ramos (29), now
commonly referred to as the KAHR model. They used a sum of exponentials and a
normalized departure from equilibrium, 8 = (v-va)/v., Where v is the volume at time t
and v, is the volume at equilibrium. The distribution of relaxation or retardation times
is a function of & and can be written:

8(t) = —Aa [R(z- z')%dz’ )
° .
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Figure 3. Volume relaxation in poly(vinylacetate) upon cooling from 40°C,
through T, to 30°C (e), contraction; upon cooling from 40°C, through T to
25°C holding for 90 hr and heating to 30°C (o), memory; and upon cooling
from 40°C, through T, to 25°C holding until quasi-equilibrium is reached and
heating to 30°C (---); expansion. (Adapted from ref. 24.)
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where z is a reduced time, Aa is the change in coefficient of thermal expansion at the
glass transition, T is absolute temperature, and R(t) is a retardation function describing
structural recovery. The model successfully describes the various features of glassy
behaviour such as asymmetry, nonlinearity and the memory effect.

An approach that can be more closely linked to thermodynamic and molecular
arguments is the empirical Kohlrausch-Williams-Watt (KWW) (30) function, in which
the relaxing quantity ¢(t) is given as:

o) = exp[-(t7)°] (1>$>0) 2

where the relaxation time is represented by t and the breadth of the relaxation time
distribution is represented by B. Use of the empirical KWW stretched exponential
function to describe relaxation behaviour in the glass has been tied to molecular
mechanisms using the models of Tool (3/) and Narayanaswamy (32). Derivation of ©
from the nonlinear form of the Adam-Gibbs (33) equation expresses the relaxation
time in terms of structural parameters (20):

1 = Aexp[(xAh*/RT) + (1-x)Ah*/RT,] 3)

where Ah*/R reflects the energy barrier to intersegmental motion, x is governed by the
activation energy for cooperative rearrangement of segments, and T; is the fictive
temperature which represents the structural state of the relaxing glass in terms of the
temperature at which the relaxing property (volume, enthalpy, refractive index, etc.)
would be the equilibrium value. (Comparing this model with the KAHR model, it is.
clear that the stretched exponential replaces the distribution of relaxation times and the
state is represented by the fictive temperature instead of volumetric departure from
equilibrium.) Hodge (19,20) has shown that the nonlinearity and nonexponentiality of
the relaxation are contained in the parameters x and B respectively, and that these
parameters (Ah*, x, B) are dependent on the configurational landscape of the polymer
glass and the cooperativity of the intersegmental motions involved in the relaxation,
thus modeling of the relaxation gives information on the “state” of the glassy polymer.
As discussed earlier, the ability to measure relaxation spectra and relate them to the
polymer structure is necessary for property prediction. Further discussion of modeling
of volume and enthalpy relaxations in the glass and the importance of linking the
polymer structure and state to model parameters (as opposed to the use of empirical
models) is given by Simon in Chapter 13.

In addition to the physical aging experiment (a quench from above T, to below,
hold and measure isothermal relaxation), glassy state relaxations occur in response to
an applied field (stress, electric, magnetic). Figure 4 shows dielectric relaxation
spectroscopy (DRS) data and dynamic mechanical thermal analysis (DMTA) data for
polycarbonate (34,35). For DRS, the dielectric loss factor €” or the dielectric loss
tangent tand, (tand=¢"/¢’) are used to follow the molecular rearrangement of polar
groups in the glass. For DMTA, the loss modulus E” or the quantity tand (tand =
E”/E’) is used to show the regions of energy dissipation (loss) as a function of
temperature at a fixed frequency. Pratt and Smith discuss assignment of the DRS
features for polycarbonate in detail in Chapter 10. Dallas et al. report the effect of
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Figure 4. Dielectric loss factor €” at 10Hz and dynamic mechanical loss
modulus E” at 1Hz as functions of temperature for polycarbonate. (Adapted
from ref. 34 and 35.)
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small molecule penetrants on the relaxation behaviour of polyimide-amide, as
measured by DMTA and DRS, in Chapter 11. Other methods of detecting sub-T,
mobility include solid state nuclear magnetic resonance (36), ultrasonic (37), creep and
stress relaxation measurements (38). Each of these techniques covers a particular
frequency regime and allows measurement of relaxation times and activation energies
for a wide range of glassy mobility including main chain, side group, and local mode
or cooperative relaxations. The relaxation time distribution is measured and the
temperature dependence of the relaxation time is used to calculate the activation
energies for the relaxation involving cooperative rearrangement of molecular
segments. The relaxation times have been linked to the configurational entropy by
Adam and Gibbs (33) whilst the relaxation times and configurational entropy have
been linked to polymer behaviour as described by the configurational states on an
energy landscape via Angell (13, herein Chapter 3).

Given that mechanical creep and stress relaxation measurements are sensitive
to sub-T, relaxations, it comes as no surprise that prediction of macroscopic
mechanical properties can be made based on knowledge of the relaxation behaviour.
The recent work of Matsuoka (39, 42) is an example of the continuing development of
theoretical approaches to describe molecular motions and their effect on properties at
temperatures near and below the glass transition. He has used the concept of
conformers to describe molecular relaxation in both the rubbery and glassy states. A
conformer is defined simply as the smallest unit of conformational change. For
example, an addition polymer typically consists of two conformers per repeat unit. If
substituent groups are long enough to contain an additional conformer, then the
number of conformers per repeat unit will be greater than two. When a force field
(mechanical, electrical, magnetic) is applied, the conformer responds with a change in
bond angle which may or may not lead to a change in conformation, e.g. from gauche
to trans or vice versa. At very high temperatures, relaxations are not restricted by
adjacent conformers and can occur in picoseconds. As temperature is reduced,
molecular crowding occurs to the point where adjacent conformers often must relax
simultaneously in order for either relaxation to take place. Cooperative relaxation
occurs when a number of adjacent conformers relax (or change conformation)
simultaneously. Matsuoka defines the domain of cooperativity as the number of
cooperative conformers, and this domain size grows as temperature decreases. It is
shown that the excess entropy is proportional to the number of domains and that the
domain size is inversely proportional. From these basic concepts, predictions can be
made for such properties as T,, rheological shift factors, the distribution of relaxation
times, the dynamics of physical aging, and the kinetics and T,’s of thermosets during
cure.

Another model which is also closely linked to the physics of glasses (and
condensed matter in general) is the coupling model (40,41) which presents a response
function based on fundamental relaxation modes existing in domains of short range
order that are coupled to their complex surroundings. Relaxation involves cooperative
adjustments by the fundamental modes within the domains as well as by the complex
environment. The coupling model of relaxation has been used to predict the time
dependent response of glassy polymers following a perturbation including the
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influence of variables such as physical aging, molecular additives, molecular weight,
and strain history (42,43).

The connection of relaxation times (which can be measured) to molecular pair
interaction parameters to macroscopic properties has been extensively pursued by
Chow (23) who has shown that yield behaviour of miscible blends can be predicted
from knowledge of the compositional dependent relaxation time and strength of
volume interactions. In particular the connectivity of hole motions is used to reflect
the relaxation spectrum (23). These relationships are of particular interest for
modeling of polymer mobility and transport property predictions (44,45) as well as
application of positron annihilation lifetime spectroscopy (PALS) to measure hole
dynamics (46). In Chapter 8 Simha discusses extension of the Simha-Somcynsky
equation of state below the glass transition and prediction of relaxation in the glass.
These predictions are compared to measurements of hole relaxation via PALS.
Building the quantitative connection between hole dynamics, molecular relaxation
times, molecular mechanisms (chain dynamics), and macroscopic properties in glassy
polymers is a topic of much current research. With this background information on
the features of the glassy state, it is possible to examine the effects of common
variables (residual stress, orientation, physical aging, antiplasticization, etc.) on the
relaxation behaviour and macroscopic properties of polymer glasses.

Links Between Sub-T, Mobility and Macroscopic Properties

Physical Aging. Examination of the effect of a quench from above T, to an annealing
temperature below T, on the secondary relaxation behaviour shows a suppression of
the sub-T, relaxation processes (47-50). Figure 5 illustrates the decrease in intensity
of the dielectric loss tand for the sub-T, relaxation of glassy poly(propylene oxide) as a
function of aging or “annealing” time. The inset in Figure 5 shows the decrease in the
amplitude of the tan peak for the P relaxation as a function of aging time. Analogous
measurements of mechanical relaxation of glassy polymers (48,50-52) show a
qualitatively similar decrease in the sub-T, mechanical loss tand on aging. Reduction
in the number of segments participating in the B relaxation (i.e. the number of
segments able to dissipate energy whether electrical or mechanical) should be reflected
in macroscopic properties such as yield strength and impact energy. Fracture of glassy
polymers is typified by either shear yielding and ductile failure or craze initiation and
brittle fracture (53). As shown by Tant et al. in Chapter 17 the yield stress of glassy
poly(ethylene terephthlate) increases with aging time while the craze stress remains
constant, eventually resulting in a transition from ductile to brittle behaviour. It is
thought that the reduction of the number of segments participating in energy
dissipating relaxations is due to improved local order (reduction of configurational
entropy) which limits mobility and an accompanying decrease in the hole fraction.
Simha in Chapter 8 as well as Tant et al. in Chapter 17 explore this link between
reduction of free volume due to physical aging (relaxation) in the glassy state. The
concept of a free volume fraction that is “frozen in” at T, and thus constant at all
temperatures below T, (54,55) is not supported by the results in Chapters 8 and 17.

In addition to the effect on mechanical and electrical properties, an important
aspect of physical aging and volume relaxation is the dimensional change that
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Figure 5. Dielectric loss tand as a function of temperature at 1kHz for
poly(propylene oxide) in the unaged (o) and aged (o) states. The aged sample
was held for 5 hr at 5.3°C below T,. Inset shows the tand peak intensity for
the P relaxation as a function of aging time at 10.3°C below T,. (Adapted
from ref. 49.)
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accompanies the macroscopic property changes. In order to predict dimensional
stability of glassy polymers, one can study the density distribution, or hole fraction
distribution, because the density is affected by the applied or residual stress, the state
of stress during vitrification, the cooling rate during vitrification and the thermal
history post-vitrification (27,56). In essence the density distribution can give
information on the energy landscape.

Residual Stress and Orientation. Application of stress to a polymer melt causes
partial orientation of the molecules in the direction of the applied stress. As the melt is
cooled through the glass transition, the orientational relaxation times increase and
preferred orientation is quenched in the glassy state (56,57). The macroscopic
properties of the polymer glass are affected by this orientation which causes
macroscopic anisotropy evidenced in thermal conductivity, thermal expansion, elastic
modulus, refractive index, etc. Because residual stress as well as flow-induced
molecular orientation affect macroscopic properties, prediction of residual molecular
orientation in glassy polymers is important. Relaxation of residual molecular
orientation in the glass is similar to the physical aging process in that it is dependent
on molecular mobility. The molecular mobility is in turn dependent on the level of
orientation and residual stress in much the same way as the rate of physical aging is
dependent on the departure from equilibrium. Modeling of the relaxation of residual
molecular orientation below T, can be accomplished using the approach of Tool (31)
and Narayanaswamy (32) as discussed in a previous section entitled Relaxation Times.
The relaxing quantity in this case is the stress optical coefficient that allows
calculation of the stress tensor from the deviatoric refractive index tensor (36). Just as
the concept of free volume “frozen in” at the glass transition has persisted in the
literature (54,55) so has the “frozen in” birefringence in the glassy state for prediction
of molecular orientation and residual stress in molded parts (58). The mobility of the
glassy state is much reduced from that of the equilibrium liquid; however, as this
overview has illustrated, the rotational and/or translational mobility present in the
glass determines the relaxation times which are used to model the macroscopic
behaviour, thus presenting a dynamic picture of the glass that is far from “frozen.”

Surfaces, Interfaces, and Confinement. The relaxation behaviour of glassy
polymers can be affected by the presence of a surface or interface or
confined/constrained geometry. Recent computer simulations of glassy polymers (59-
62) have predicted a variation in the packing and mobility of chains at surfaces and
interfaces compared to chains in the bulk. These modeling results lend support to
postulations that the variation from bulk polymer properties found in thin films, latex
particles, and polymers in confined spaces, are due to conformational differences of
polymer chains at surfaces/interfaces. It is postulated that polymer chains in contact
with a surface may have a different conformational distribution, and thus energy
landscape, than chains in the bulk. It follows from previous discussion that changes in
the energy landscape will be reflected in the relaxations in the glassy state, and hence
the properties of the glass. The surface may be a free surface or a hard wall; the type
of surface and the distance to the next interface strongly influence the preferred or
possible conformations and hence the packing and chain entanglements (63).
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Conformational changes are expected to affect density (packing) and chain dynamics
(mobility) such that surface/interface properties vary from that of the bulk glass. The
surface effects are evident only within several chain segment diameters of the
surface/interface (63). Chapter 6, by Haralampus et al., presents experimental and
theoretical results on the effect of confinement on T,

Experimental techniques to probe polymer molecules at surfaces and interfaces
include X-ray and neutron reflectivity (64), near edge X-ray absorption fine structure
(NEXAFS) (64), spectroscopic ellipsometry (65), Brillouin light scattering (66), PALS
using a variable energy positron beam (67), and chromophore-based techniques such
as second harmonic generation and fluorescence nonradiative energy transfer (68).
Surface/interface properties are critical for polymers used in thin film applications or
constrained/confined geometry systems such as resists, interlayer dielectrics in
microelectronics fabrication (69), alignment layers for liquid crystal displays (64),
latex particles and films from latex (70), gas separation membranes (71), and
interfaces in copolymers and blends (63,72). As such, the chain dynamics, the
distribution of relaxation times, the polymer chain topology, and the physical,
mechanical and transport properties of polymer chains at surfaces/interfaces and in
confined spaces are the topics of much current research.

Antiplasticization. By examining the effect of plasticizer or antiplasticizer on sub-T,
relaxations, one can assess the effects on macroscopic properties (73,74). Figure 6
shows suppression of the sub-T, B relaxation in glassy polycarbonate as
antiplasticization occurs. The P relaxation is detected via solid state NMR and has
been presented here (Figure 6) in a manner similar to the loss peaks observed by
DMTA and DLS. The addition of 5 wt % phthalate diluent results in a slight increase
in elastic modulus and a suppression of the  loss peak. As discussed by Lui et al.
(36), the low temperature part of the peak is due to phenylene groups that are
suppressed by addition of the antiplasticizer (5 wt % phthalate diluent). Removal of
this low temperature component of the distribution of relaxation times shifts the
relaxation peak to higher temperatures. The increase in relaxation times as measured
by NMR (75) or DMTA (74) reflects an increase in the activation energy of the
relaxation. The restricted mobility results in an increase in elastic modulus similar to
that observed due to physical aging. In addition a decrease in gas transport properties
is observed (76). The change in macroscopic physical (increase in T,), mechanical
(increase in yield strength) and transport (decrease in gas permeability) properties of
glassy polymers due to antiplasticization has been attributed to the reduction of
configurational entropy reflected in the increase in relaxations times and the reduction
in free volume due to improved packing.

Transport Properties. Sorption and transport properties are highly dependent on the
post-vitrification history of glassy polymers (77); hence one would expect parameters
such as physical aging, antiplasticization and amorphous orientation to affect transport
properties. The reduction in diffusivity and permeability due to aging, orientation, and
antiplasticization can be modeled via entropy or free volume arguments (77). In
addition, diffusive jumps of penetrant molecules in glassy polymers can be affected by
(facilitated by) the segmental mobility that is manifested in sub-T, relaxations (78).

In Structure and Properties of Glassy Polymers; Tant, M., et a.;
ACS Symposium Series; American Chemical Society: Washington, DC, 1999.



Publication Date: January 28, 1999 | doi: 10.1021/bk-1998-0710.ch001

October 29, 2012 | http://pubs.acs.org

200
[u =]
150 o
L .
o e
]
= | a]
°
i 100 - o d
- ] O o
"o o ]
= ] i
)
50 - ® T
11 0 0% Diluent
® 5% Diluent
0 - T T v T
-200 <100 0 100 200

Temperature (°C)

Figure 6. Inverse of the proton spin lattice relaxation time (T,,)" as a
function of temperature for polycarbonate as-extruded () and on addition of
antiplasticizer (). (Adapted from ref. 36.)

In Structure and Properties of Glassy Polymers; Tant, M., et a.;
ACS Symposium Series; American Chemical Society: Washington, DC, 1999.



Publication Date: January 28, 1999 | doi: 10.1021/bk-1998-0710.ch001

October 29, 2012 | http://pubs.acs.org

15

Molecular dynamics simulations have shown that penetrant jumps between free
volume elements require cooperativity (44). Molecular mechanics and molecular
dynamics modeling of the size, distribution, and dynamics of the free volume elements
has been used to predict penetrant transport (44,45, 79-82). In Chapter 21 Freeman and
Hill present transport data for glassy polymers modeled using free volume arguments.
Nakagawa discusses in Chapter 22 the exceptionally high permeability of poly(1-
trimethylsilyl-1-propyne) PMSP or PTMSP and illustrates that aging in glassy PTMSP
is responsible for the time dependent reduction in gas permeability following casting
of PTMSP membranes. Antiplasticization, which causes a decrease in the B relaxation
(see Figure 6) and an increase in relaxation times and activation energy, has also been
shown to decrease permeability in glassy polymers (76). The correlation between sub-
T, mobility (and the relaxation times) and macroscopic transport properties is clear.

The apparent diffusivity for carbon dioxide of glassy poly(vinyl acetate) is
shown as a function of aging time upon cooling from above T, in Figure 7 (83). The
decay of diffusion coefficient with aging time is similar to the relaxation-induced
decay (or saturation growth) shown by properties such as yield stress, volume,
enthalpy, and refractive index.

Mechanical Properties. Crazing and shear band formation have been shown to
require significant changes in chain conformation, again suggesting the importance of
segmental mobility. Indeed it has been suggested (53) that crazes and shear bands may
propagate via highly cooperative segmental rotation of isomers. Hence the ability to
calculate (and confirm by measurement) the energy barriers (20) which control the
intersegmental motion is an important step in mechanical property prediction.
Matsuoka’s model (39,84) for intermolecular cooperativity among conformers leads to
a yield criterion for glassy polymers based on the activation energy for conformational
relaxation and intermolecular segmental cohesive energy. Figure 8 shows the stress-
strain data and theory for polycarbonate at three different strain rates. The fits are
superb, and as Matsuoka (84) points out, since the stress strain curves are modeled
based on relaxation times and the relaxation times reflect the aging time, the stress-
strain curves can be scaled to predict mechanical response as a function of physical
aging time.

Boyer (85) argued in 1968 that polymer scientists must understand mechanical
properties of polymers in terms of the molecular structure and molecular motions in
order to be able to design better plastics. The same may be said of understanding
physical, electrical, and transport properties of glassy polymers, and the chapters
contained in this book present current research efforts toward that end.

Concluding Comments

Scientists and engineers pursue development and application of theories for the
physics of glassy polymers in order to understand vitrification and the glassy state in
molecular solids. This understanding is coupled with the investigation of glassy state
phenomena and properties so that new materials and new applications are continuously
developed to improve the quality of life. Examples of this approach are found in the
following chapters and an illustrative example can be found in Chapter 25 by Forsyth
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et al. These authors discuss the modeling of ionic conductivity at ambient
temperatures for glassy polymers and show the development of novel glassy ionic
conductors with conductivities equivalent to or exceeding those of rubber electrolytes
(which should have the advantage of much higher molecular mobility, and hence
conductivity, at ambient temperatures). For equivalent ionic conductivities between
glass and rubber electrolytes, the advantages of glassy polymer electrolytes can be
found in their transparency and rigidity. Possible applications include electrochromic
windows, photoelectrochemical solar cells, and low power capacitors.

The importance of being able to measure and predict the relaxation spectra for
glassy polymers was illustrated in a number of examples. The glassy state relaxation
behaviour (sub-T, segmental mobility: a’, B, y processes, as well as physical aging)
was shown to affect macroscopic mechanical and transport properties. The
development of sensitive techniques and the ability to synthesize systematic series of
polymers, copolymers, and blends enables researchers to test theory and experiment
and to determine unifying molecular mechanisms for macroscopic properties of the
glassy state. The importance of chain conformation dynamics and the ability of
statistical mechanical theories to describe macroscopic behaviour emphasize the
dynamic nature of polymer glasses and the inadequacy of models that rely on
properties “frozen in” at the glass transition during cooling. The picture of the
polymeric glassy state that emerges in the following chapters is, rather, that of a
dynamic, constantly changing system of long chain molecules whose motions directly
control the physical, mechanical, and transport properties of the bulk material.
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Chapter 2

The Use of Configurational Entropy To Derive the
Kinetic Properties of Polymer Glasses

Edmund A. Di Marzio

National Institute of Standards and Technology, Gaithersburg, MD 20899

A logical chain of reasoning containing 8 links is described
which leads to formulas for the frequency and temperature
dependent viscosity n(w.T), diffusion coefficient D(w,T), and
dielectric response e(w,T). Our tentative result derived from our
minimal model for the zero frequency viscosity is Logn = B -
AF /KT where F, is the thermodynamic configurational free
energy. Thus, contrary to the Vogel-Fulcher equation or the
Adam-Gibbs equation, there is no discontinuity of the viscosity
at the glass transition even though the glass transition occurs
when the configurational entropy S, approaches zero. An
alternate model which is a nesting of minimal models results in
Logn = B -JS.+KU/KT where the linear combination of
configurational entropy and energy is not the free energy.

We have recently attempted to derive the frequency dependent viscosity
7(w,T), diffusion coefficient D(w,T) and dielectric response e(w,T) as a logical
consequence of the principles of statistical mechanics (I). In this paper we
wish to outline the logic of our development, describe an extension of our
method to a hierarchical nesting of minimal models and discuss some of the
results.

We know that there is no undiscovered deep law of physics on which the
existence of glasses depends. So we are confident in asserting that there is a
chain of reasoning using the known laws of physics which will lead to an
understanding of glasses and glass behavior. The only question is...can we
forge the links of this chain... Can we list a series of steps which lead to an
understanding of glasses...and can each step be built securely? Can the links
be forged without flaws? In our view an understanding of glasses is
accomplished in the following 8 steps

[1] We first show that the crystal phase is not ubiquitous (2,3). There exist
certain molecules that cannot possibly have a crystal phase. For these materials
the liquid phase which everyone admits exists at high temperatures extends to
all low temperatures. Thus, certain materials must of necessity have the
amorphous phase as the low temperature equilibrium phase. See the Appendix.
One is thus forced to face squarely the problem of determining the equilibrium
low temperature properties of those materials that form glasses.

22 ©1998 American Chemical Society
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[2] A simple way (actually the only way) to determine this low temperature
amorphous phase is to use a theory that correctly predicts the behavior of the
liquid and extend it to low temperatures. One obviously should use the most
realistic existing equilibrium theory to obtain the low temperature phase. The
predictions are the two equations of state, S-V-T and P-V-T which are each
derived from the Helmholtz free energy F which is in turn obtained from the
partition function (F=-kTLnQ). In obtaining the S-V-T equation of state it is
discovered that the configurational entropy S, defined as the total entropy
minus the vibrational entropy, approaches zero at a finite temperature (4). This
vanishing of S, is taken as the thermodynamic criterion of glass formation
4.6).

[3] One then tests these equilibrium predictions of the theory to see if they
make sense. Since we have obtained hard results (quantitative predictions)
before proceeding further we must show that indeed every prediction is
consistent with experiment. Were this not so we would have a flawed link and
the chain would be broken. Are all quantitative predictions of thermodynamics
of glasses correct? If not stop here. We think that we have agreement with
experiment. See below.

[4] Are all quantitative predictions of the thermodynamics of liquid crystals
correct. If not stop here. The reason for this step is that the theory (Flory-
Huggins lattice model) also predicts the occurrence of the isotropic to nematic
phase transition in liquid crystals. If the theory had predicted correctly the
properties of glasses but had failed for liquid crystals we would have had to
abandon it, especially since in both cases the cause of the transition is ascribed
to the vanishing of the configurational entropy. Alternatively the correctness of
the prediction for liquid crystals argues for the correctness of the prediction
for glasses. Since we have not been stopped by steps 3 and 4 we proceed to
step S.

[5] Having established a proper equilibrium foundation we look to derive the
kinetics. How do we connect these two classes of phenomena? It is already
known that as the configurational entropy approaches zero the viscosity gets
very high. This is because the elementary flow event is a jumping from one
allowed configuration to another. As S, decreases the allowed configurations
become fewer and therefore get further and further apart in configuration space
so it becomes more and more difficult to jump from one allowed configuration
to another. Also, we know from the fluctuation-dissipation theorem (7) that a
deep interrelationship exists between kinetic and equilibrium quantities. We
also know from experience that it is very difficult to implement the
connection, so we use the principle of detailed balance (8) to relate the
thermodynamics to the kinetics. If N; is the number of systems in state j and if
a; is the rate of jumping from state j to state i then the principle of detailed
balance states that Njog; = Niay;.

[6] We now propose a minimal model which is a trapping model in
configuration space. The potential energy surface in configuration space is
highly convoluted with deep wells interconnected along ridges and saddle
points (9). The principle of detailed balance can be used to determine the rate
constants for jumping into and out of the wells and the number of wells of a
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given depth is known from the structure of the potential energy surface. The
(master) equations of the minimal model are then written down and solved.

[7] In principle, knowing how the phase point moves from well to well
allows us to extract the viscosity 7(w,T), diffusion constant D(w,T) and
dielectric response e(w,T). We solve this problem and obtain formulas for
each of these quantities.

[8] These quantities are then are compared to experiment. And agreement
with experiment is noted.

The logic of our "eight-fold way" is unassailable. The more important
question is...Have we implemented it properly? Have we forged the links in
the chain so that they are without serious flaws? So, we now discuss each of
these links in more detail.

Discussion

Link 1. The crystal phase is not ubiquitous: We believe that this was proved
for polymers (when the molecules are not compact) in two previous papers
(2,3). The gist of the argument is as follows. Consider a polymer molecule
whose lowest energy shape appears to be a random walk with linear
dimensions of n'2, n being the number of monomers. If they are to space-fill
on a lattice the distance between the centers of mass of neighboring molecules
must vary as n'. There are then approximately n'? molecules within the
volume spanned by any one of them. Can each of these molecules have the
same shape without double occupancy of lattice sites? In order for the crystal
phase to be ubiquitous it must be possible for every given polymer shape to
space-fill the lattice without double overlap at even one site. An estimate is
made of the number of polymer molecules that have a shape which can space-
fill the lattice of coordination number z without double occupancy. For large n
the number zero is obtained. Coupling this with the fact that ubiquity of the
crystal phase implies that every shape must be able to space-fill, i.e. the
number estimated (10) should have been on the order of z*, we conclude that
the crystal phase is not universal. So, we are certain of a well-forged first link.
Link 2. Extending a liquid-like theory to low temperatures: This is just
what we need to resolve Kauzmann’s paradox (11). What better way is there
to extrapolate equilibrium behavior than by devising an equilibrium theory
which describes the high temperature region correctly and then seeing what it
predicts for low temperature? This was our original approach and we
discovered that the configurational entropy was approaching zero at a finite
temperature (5). The configurational entropy S, which is defined for all
materials as the total entropy S, minus the vibrational entropy S, is easily
calculated for polymers by using Flory-Huggins lattice statistics. This model
was adapted by us to polymer glasses by using empty lattice sites to allow for
volume changes within the bulk polymer and by making the molecules
semiflexible (5,6). The volume fraction of holes V, is controlled by the hole
energy E, and the fraction of bonds f flexed out of the lowest energy wells
(isomeric state model with nearest neighbor energies) is controlled by the flex
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energy Ae which is the energy difference between the lowest well and the
upper wells on rotation about a bond. The total number of configurations W
can be expressed as a function of the volume fraction of holes V, and the
amount of flexed polymer bonds f. The glass temperature occurs when the
configurational entropy (S =kTLnW(V,,f)) approaches zero.

S(Vo,f) = 0 (1a)

V, is obtained from the P-V-T equation of state through the relations F, = -
kTLnQ, and P = -9F/aV, while f is given by f=(z-2)exp(-Ae/kT)/(1+(z-
2)exp(-Ae/kT)), where z is the coordination number of the lattice. This enables
us to express the configurational entropy as a function of T and P. At the glass
transition we can write

S(T,,P) =0 (1b)

Egs. 1b divides T-P space into two regions. The high temperature region for
which S(T,P) > 0 and the low temperature region (12) for which S(T,P) =
0. For a given pressure the values of V, and f in the low temperature region
are independent of T- they have the same values as at the glass temperature
T,. V, for temperatures lower than T, is however dependent (I3) on P. One
immediate consequence of Eq. 1a is that the constant free volume assumption,
usually stated as V,=.025, must be abandoned. Not only is V, a function of P,
it is also dependent on E,, Ae and other details of polymer architecture such as
molecular weight for linear polymers. In the past, because it was much easier
to obtain, both experimentally and theoretically, the P-V-T equation of state
rather than the S-V-T equation of state, it was natural for the science
community to give undue emphasis to volume criteria rather than entropy
criteria. It’s the fallacy of looking for a lost article under the lamppost because
that’s where the light is.

Of course our modified FH theory which is 40 years old can obviously be
improved. Any theory that does a better job of predicting the properties of
bulk liquid polymer is an obvious candidate. The theories of Milchev (14),
Gujrati (15), Freed (16) and the composite analytical-computer intensive
theories of Binder (17) et al all need to be examined to see which one models
liquids more perfectly, and is therefore a better candidate for extrapolation to
the glassy region.

Another improvement in theory would be to treat f, V, as local rather than
global order parameters (I8). This leads to the idea that as one cools a
polymer (because of spatial-temporal fluctuations in f and V) pockets of
material become glassy while other regions stay liquid. The glass transition
then occurs when the glassy pockets connect up so as to span the space
occupied by polymer. The configurational entropy at which percolation first
occurs is now slightly greater than zero. This view of glasses has the nice
feature that liquid-like pockets exist below the glass transition, thus allowing
for both the o and 8 phases observed in bulk polymers. Reference 1 discusses
the local order parameter approach in somewhat more detail.

More fundamental fluctuation approaches that do not rely on the order
parameters f and V, are possible. Such treatments however, do need to
incorporate the concept of chain stiffness if they are to explain polymer
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glasses, since it is only through chain stiffness that the configurational entropy
can approach zero at finite temperature. See also the discussion under Link 4.
Link 3. Comparison to Experiment for glasses: This theory has been
successful in locating the glass transition in temperature-pressure space as a
function of molecular weight (2,5), polymer architecture (linear molecules
(2,5), rings (19,20), cross-linking (21)), stretch ratio A in a rubber (21),
plasticizer content (22,23), blend composition (24) and copolymer content (25)
as well as predicting the specific heat break at the glass temperature (26). In
all these cases we have what we believe is quantitative concord with
experiment.

One must be careful here because one can prove too much. The entropy
theory of glasses, also called the Gibbs-Di Marzio (GD) theory, is a theory of
equilibrium thermodynamic quantities only, it is not a theory of the kinetics of
glasses. Polymer viscosities do in fact get so large at the glass transition that
the relaxation times in the material equal and exceed the time scale of the
experiment. At such temperatures one should not expect to have a perfect
prediction of the various thermodynamic quantities. It is sensible to suppose
that our predictions should not accord perfectly with experiment in these high
viscosity regions.

Nevertheless, certain of the predictions are clear evidence of the underlying
thermodynamic character of the transition. First, the depression of glass
temperature by diluents is predicted to depend only on the mole fraction of
diluent and on no other quantity provided only that the diluent molecules are
small (22,23). The dependence on mole fraction is a colligative property and
the independence of T, on the energy of the diluent-polymer interaction is
clear evidence that entropy controls the location of T,. Second, the glass
temperature of ring polymers in bulk is predicted to increase as the ring
molecular weight is lowered while the glass temperature of linear polymers is
predicted to decrease(19,20). Both predictions agree with experiment. This is
ascribed to the fact that the configurational entropy of the ring system
decreases as we lower the ring molecular weight (27). Thus one does not have
to cool as far for low molecular weight rings to reach the S.=0 condition. For
a system of linear polymers lowering the molecular weight raises the
configurational entropy, and this means that we must cool further to reach the
S.=0 condition. Third, any deformation of a rubber lowers the configurational
entropy; this means that the glass temperature of a rubber should increase with
increasing deformation of any kind. This seems to be the case (21). Fourth,
the specific heat break at the glass transition has been predicted to within 10%
for 11 different polymers without the use of any parameters (26).

Link 4. Comparison to Experiment for Liquid Crystals: Liquid crystals and
polymer glasses are really two faces of the same coin. In both cases the
transition occurs because of a geometrical frustration arising from the stiffness
of the chain.

Liquid crystals consisting of rigid rods with asymmetry ratio x are easiest to
understand so we discuss them first. If the concentration of rigid rods is small
a particular rigid rod chosen at random can achieve every orientation and

every location. It is not frustrated from doing so. However, as the
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concentration of rods is increased, whether a particular rigid rod chosen at
random can achieve a particular orientation depends on its neighbors. In fact
interferences prevent the rod from freely choosing each orientation. Although
the mathematics of this is well established a proper intuitive appreciation of the
geometrical frustration involved can be obtained by attempting to pack pencils
at random on a table top (2-d problem). One sees that frustration occurs at
relatively large empty volumes. The 3-dimensional phenomenon of geometrical
frustration is neatly observed when trimming branches from shrubs or trees.
On throwing them onto a pile one observes, provided the twigs are stiff,
relatively large empty spaces within the pile. By cutting the branches in half
(and half again etc.) the volume of the pile can be reduced considerably. If the
branches are straight one can obtain unit density by laying the branches
parallel.

Flory gives for rigid rods the formula (28) xV,=8 while we give (29)
xV,=4. Here V, is the volume fraction of rigid rods and x the asymmetry
ratio. If xV, is less than the critical value the chains can pack at random but
when the critical value is exceeded the chains begin to order and a two phase
system is formed.

The first one to calculate the interferences of a collection of isotropically
ordered rigid rods and compare them to the interferences of an anisotropic
collection of rigid rods was Onsager (30). He showed quantitatively that as the
concentration of isotropically ordered rigid rods was increased it became
preferable for the rigid rods to align rather than for them to remain isotropic.
However, he restricted his analysis to dilute solution and did not examine what
happened if the concentration of the isotropically ordered rigid rods became
high. Flory (3I), using the lattice model which though approximate could treat
all concentrations did show that the configurational entropy became zero at a
finite concentration, thereby implying through the relation S, = kTLnW that
the number of configurations became 1 at this concentration. At higher
concentrations the rods simply could not pack together in an isotropic fashion.
Anisotropic (more ordered) collections of rigid rods have the larger entropy!
Later, Zwanzig (32) improved on the Onsager calculation by going out to the
7th virial coefficient and Di Marzio (33) improved on the Flory calculation by
deriving formulas which reduced to the exact result for perfectly aligned rods
and to the Huggins result for an isotropic orientation. The net result of these
calculations was that the approach of the configurational entropy towards zero
at a finite concentration as the rod concentration increased was understood as
geometric frustration.

To apply this concept of geometric or packing frustration to polymer glasses
imagine that, starting at high temperatures, we lower the temperature. Each
molecule has a lowest energy shape which it would like to obtain at zero K,
but at high temperatures every shape is equally likely. For concreteness
imagine an isomeric state model with rotations about each bond having one
lowest energy well and two higher energy wells. As we lower the temperature
the system of molecules goes from having many ways to pack together to
having fewer. Let us now model the polymer as linearly connected rigid rods
pivoting freely about their connections. At high temperatures the rods are one
monomer long and there are many pivots. As we lower the temperature,
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because of the increasing chain stiffness the number of pivot points is fewer
and fewer until at T=0K we have only one rigid rod. Obviously this is the
same problem as the rigid rod problem except that for liquid crystals we keep
the rod length the same and increase concentration while for glasses we
keep concentration constant but increase the effective rod length. In both
cases we have an entropy catastrophe caused by the geometrical frustration of
rods trying to pack together in a space too small to accommodate them.

Notice that as the temperature is lowered the molecules are getting stiffer and
stiffer. If they are also getting straighter and straighter, as is the case for
polyethylene, the option of orienting the chains presents itself and the packing
difficulty can be avoided by the system becoming crystalline or liquid
crystalline. However if the lowest energy configuration is stiff but not straight
then the system does not have the option of crystallizing because the energy
penalty for straightening is simply too great, Rather the system simply gets
stuck in one of its few low temperature configurations. This is the glassy
phase.

It is a quantitative result of the theory that at a finite temperature T, the
number of configurations is so small that the associated packing or
configurational entropy is zero (5). Above this temperature the polymer
configurations occur with Boltzmann probability (5); if the energy of shape j is
E; then the probability of shape j is proportional to exp(-E/kT). Below this
temperature the chain configurations occur with the Boltzmann probabilities
appropriate to T,; the probability of shape j is proportional to exp(-E/kT),).
Thus, geometric frustration prevents the molecules from assuming their
Boltzmann distribution of shapes at the glass temperature and below.

We note that the concept of geometrical frustration (4,5, 30) predates the
notion of frustration in spin glasses (34) by many years.

Link 5. Principle of Detailed Balance Connects Equilibrium to Kinetic
Considerations: Are our equilibrium results then unrelated to the kinetics of
glasses? It is easy to show that there is indeed an intimate connection between
kinetic and equilibrium quantities. An experimental proof is in Kauzmann’s
paradox'!. If we did our experiments infinitely slowly we would, according to
extrapolation of experimental curves for entropy and volume, reach negative
entropies and volumes less than crystal volumes. Yet, kinetics always
intervenes to save the day for thermodynamics. Since this always happens no
matter what the experimental system we are forced to conclude on
experimental grounds alone that there is a fundamental connection between
viscosity and entropy such that whenever the entropy is approaching zero the
viscosity is becoming very large.

Fundamental theory also tells us there is an intimate connection. The
fluctuation-dissipation (FD) theorem (7) relates dissipative quantities such as
viscosity to the ever present fluctuations in equilibrium systems, such as
correlations in local velocities. A significant statement about the viscosity can
now be made. The dissipative quantity has the same kind of temperature and
pressure discontinuities as does the correlation function. Thus, if we have a
first-order thermodynamic transition then we expect the viscosity to display
first-order character in its T-P behavior. This is the case. Since we predict an
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underlying second-order transition for polymer glasses we expect to have
second-order transition behavior in the viscosity. This is contrary to the Vogel-
Fulcher equation which predicts an infinite value for the viscosity at a finite
critical temperature.

The principle of detailed balance is another connection (8). This principle
relates the rate constants, oy, o; for the system jumping from state i to j to the
occupation numbers N;, N;.

N/N; = /ey = exp(-[E-E)/KT) @)

where E, is the energy of state i. One notes that equation 2 plus another as yet
unspecified equation will define the kinetics completely in terms of equilibrium
quantities. We can obtain such an equation by deciding how to apportion the
energy into the forward and backward reactions. We have argued previously
(35) that the energy should appear entirely as a barrier to escape from the
wells rather than as an energy sucking particles into wells. Thus the oy are
known except for a multiplicative constant and we can now proceed to develop
a kinetic model in which the o; play the fundamental role

Link 6. Theoretical Approach; A Minimal Model for the Kinetics: Our
approach examines the topology of the potential energy surface in
configuration space and the motion of the phase (configuration) point in this
space (). This potential energy surface is a mix of deep and shallow wells
separated by energy barriers. We use a trapping model in configuration space
because at low temperatures the configuration point escapes the deep wells
only rarely. Trapping models have been used previously to describe glasses (36,37).

The principle of detailed balance discussed above allows us to determine
kinetic properties from equilibrium properties. We infer that the escape from
a deep well is exponential in time with a relaxation time that is exponential in
the well depth E;. The GD configurational entropy theory can be used to
estimate Q(E;), the number of wells of depth E;.

The problem then reduces to that of solving the master equation for diagrams
that describe the essentials of the connectivity of the potential energy minima.
‘Our minimal model consists in replacing the potential energy surface in
configuration space by a diagram for which we know the transition rates ¢;
between points (wells). Our minimal model diagram is (1)

Nj N (‘6)‘1-1

[T T TR T ]
M;
The Master Equations describing the minimal model of the diagram are given

by the simple set of equations
dNI/dt = '(alNl‘ﬂzNz) ‘b|N1+A|M1 (3)
dNy/dt = (o Ny -BNy-(N;- 641 Nj ) -DN+AM;
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where the Greek rate constants denote stepping to the right. o;, or left, §;, and
the Roman rate constants denote stepping down, b;, or up, A;.

This minimal model displays the feature that there is no transport of the
configuration point when it is in one of the deep wells. Transport from well to
well is represented by the rate constants for horizontal motion o; and g;. This
diagram can be generalized by imagining that the horizontal lines are
themselves replaced by figures with the same topology as the above figure but
with a different set of rate constants. In this way we have a hierarchy of
structures or a nesting of nests.

Link 7. Theoretical Approach; Obtaining the Viscosity, n(w,T): By solving
these equations we should in principle be able to obtain the frequency and
temperature dependent viscosity, 7(w,T), and diffusion coefficient D(w,T).
This is a very difficult problem and we are not sure it was done right. The
idea we used was that in deep wells there is no motion. Motion only occurs
when the configuration point is roaming the configurational sea of shallow
wells that connect to the deep wells. Additionally, in real space there must be
a critical number of particles per unit volume residing in shallow wells before
flow can occur. Please consult reference 1 for our treatment.

However, once the complex viscosity is known the dielectric response is
easily obtained through a generalization of the Debye equation, viz.

[e(@,T)-e(o0 , M/[e(0,T)-e(>,T)] = 1/(1+G'(w,T)A) @

where G'(w,T) =iwn"(w,T) is the complex shear modulous and 7is the
complex shear viscosity. The Debye model assumes that each electric dipole is
imbedded in a rigid sphere which can rotate in a viscous liquid. The spheres
are imagined to be sufficiently far apart that they interact neither electrically
nor through the fluid. We showed that under these assumptions the above
equation is the correct one (38). If these assumptions fail then we expect it will
be because of the mechanical interaction. This is because the Green’s function
(Oseen Tensor) for the Navier-Stokes equation varies inversely with the
distance while the dipole-dipole interaction varies as inversely as the cube of
the distance. We would then opt for a Havriliak-Negami (HN) form (39) with
the frequency dependent complex viscosity again replacing the zero frequency
viscosity. An interesting question is whether the two parameters of the HN
equation have reduced variation from material to material when the complex
viscosity is used instead of the zero frequency viscosity.

The Fourier transforms of both G'(w,T) and 5"(w,T) display "KWW-like"
behavior.
Link 8. Some Results: We began our quest fully expecting to derive the
Vogel-Fulcher (VF) equation (40) along the lines of the Adam-Gibbs (AG)
approach (41) and then extend the results to frequencies other than zero.
Instead, much to our surprise we found that our logical extension of the
equilibrium theory (what we believe to be a logical extension) results in a
much different functional form for the zero frequency viscosity. Whereas the
VF equation
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Logn = B +A/(T-T,) o)
and the AG equation
Logn = B +A/TS, (6)

both show divergences, one at T, the other at the underlying second-order
transition temperature T,, Our equation

logn = B -AFJ/kT 0]

shows neither a discontinuity, nor even a discontinuity in slope at T,. Here F,
is the thermodynamic free energy appropriate to the system (G, for constant
pressure-temperature, F_ for constant volume-temperature). We are aware of
only one other work that stressed there should be no discontinuity in » versus
T plots (42).

We note that although the location of the glass transition in temperature-
pressure space is determined solely by the configurational entropy S,
(equation 1b) the zero frequency viscosity is determined solely by the
configurational free energy F. (equation 7).

It is remarkable that the viscosity should depend on a purely thermodynamic
quantity. However for frequencies other than zero this feature is lost'.

To test equation 7 one needs to know F, either from experiment or from
theory. If we use experiment there will be a two-parameter fit rather than a
three-parameter fit as in the VF equation. There is a general consensus that the
specific heat above the glass transition, C, ., varies approximately inversely
with temperature (43). We therefore use as an approximation to the
experimental situation the form

C,.=a/T = S;=a(l/T, -1/T) - (8)
G, = K -a(T/T, -1) +aln(T/T,), T,<T (92)
G, = K, T<T, (9b)

where the constant of integration K is the energy of activation.

To obtain these equations we integrated C, .=TdS./0T, S.=-3G./dT and
ignored any pressure dependence. Below the transition temperature T, the
configurational entropy is zero according to the simple version of the GD
theory so that we have only energy of activation while above T, the free
energy is consistent with the inverse temperature dependence of the specific
heat.

Using equation 7 we can eliminate B by choosing a reference temperature T
for which the viscosity equals 10'2 Pas (10" poise). A little algebra results in

Logn =12 +¢{xLnx +(1>-x)(§‘[l+Ln(T'/T2)] -0) (10a)
T,<T'<T, T,<T<T

Logn =12 +0(x-1)-{{(T"/T, -1)+Ln(T"/T,)] (10b)
T<T,<T"
Logn =12 +60(x-1)+ {(T"/T, -x)+xLn(xT,/T")] (10c)
T'<T,<T
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Logn =12 +6(x -1) (10d)
T<T'<T,, T'sT<T,

where 6=KA/KT", {=aA/KT", x=T"/T. T" is the temperature for which
n=10" Pas. If we had picked 10" as the reference viscosity then the above
equations would be the same with y replacing 12 and T" being the temperature
at which the viscosity is 10¥ Pas.

Equations 10a, 10c give a positive curvature (curve is concave up) and the
curvature is greater the larger the specific heat discontinuity at T,. Also, as the
value of T"/T decreases the curvature is larger. These features are also features
of Angell’s classification of glasses into strong and fragile varieties (44).

Below the glass temperature we predict pure Ahrennius behavior. An
interesting prediction is that if T*/T,=1 then the initial slope at T"/T=1 is
independent of specific heat. It does however depend on the constant K.

We tested these predictions for polymers using data for Polydimethylsiloxane
of varying molecular weight. Roland and Ngai (45) using dielectric relaxation
data of Kirst et al (46) and specific heat data of Bershstein and Egorov (47)
created fragility plots of the logarithm of relaxation time versus T,/T where T,
was defined as the temperature for which the relaxation time was one second.
Roland and Ngai observed, 1) that the slope of the curves at T*/T=1 are
independent of specific heat. We predict this; 2) The curvature is larger the
smaller the value of T,/T. We predict this; 3) The curves flare out for low
T,/T with the higher specific heat (low M.W.) material flaring up and the low
specific heat (high M.W.) material flaring down. We predict this. See figure 7
of reference 1.

In the future we hope to make a more rigorous test of equation 7. First,
assuming equations 10 we can check to see if there is agreement with the WLF
form. Preliminary results show that provided .85 < T,/T < 1 there is a good
fit to data (48). Second, F, can be obtained from lattice model statistics. We
can view that the constant A B of equation 7 are adjusted to fit the high and
low values of the viscosity in the temperature range of interest. Then all that is
required of the theory is that it give the correct curvature. Finally, there is
simply no substitute for good experimental data. This will allow us to examine
the dependencies of viscosity on such quantities as specific heat, compressibility
and thermal expansion coefficients, and to make a decisive test of equation 7.

Finally, we are aware that the use of different diagrams for our minimal
model gives different results. A hierarchical nesting of the diagram as
described in the text results in

logg = B -JS, +KU/KT 1)

which is a linear combination of energy and entropy, but not that combination
that results in free energy. It has an additional parameter. This formula implies
that n(T) is continuous through the glass transition but that dn(T)/dT is
discontinuous at T,.
It is obvious that if a system of molecules cannot possibly crystallize then at
low temperatures the system must per force be amorphous and of necessity this
amorphous system has low temperature equilibrium properties. In this
appendix we prove that such systems exist. We classify all systems into
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crystallizable (Class I) and non-crystallizable (Class II).

Class IIA consists of many different kinds of molecules each of which can
take on many different shapes. Atactic polymer molecules constitute an
example within this class.

Class IIB consists of many kinds of molecules each of which can take on
only one shape. Such systems are the subject of tiling theory (49). Penrose has
a system of several (the minimum being two) kinds of 2-dimensional molecules
that can completely cover a surface without any repetition of pattern (50).

Class IIC consists of one kind of molecule that can take on many shapes.
Many polymer and biopolymer molecules are of this type. We can perform a
gedankin experiment which shows that in principle at least, this class contains
non-crystallizable systems. let us imagine ourselves to be master chemists and
then create a polymer molecule so that so that each shape has the same energy
as every other shape. The equilibrium state of a system of such molecules will
be an amorphous phase with each shape occurring, even at a temperature of
absolute zero. This is our first example. A second more realistic example
occurs when we allow one of the shapes to be the lowest energy shape and all
other shapes to be of the same higher energy. We choose this lowest energy
shape to be one which cannot pack in regular array in a space-filling manner.
We shall prove later that such shapes exist. At high temperatures each of the
shapes exist with equal probability. As we lower the temperature more and
more molecules fall into their lowest energy shape. As we approach absolute
zero all of the molecules want to go into their lowest energy shape. However,
because this cannot happen only two other options remain. (1) Molecules can
always be placed in regular array if we are willing to place them far apart
from each other. However, being master chemists we have made our
molecules with strong intermolecular interaction energies so that the molecules
must pack tightly in space. This leaves only option (2) A certain fraction of
the molecules fall into their lowest energy shape and the remainder are free to
sample continuously their vast number of higher energy state. Such an
equilibrium state is obviously not a crystal.

To complete the proof we must now show that certain polymer shapes cannot
pack together densely in regular array (i.e. cannot crystallize). Let us pick as
the lowest energy shape one of the many shapes that has linear dimensions on
the order of n'2 where n is the molecular weight. For simplicity it is useful to
imagine polymer chains on a lattice but a lattice is not necessary to the
argument. Imagine also that the shape we have chosen is roughly spherical in
shape, being one of the many such random-walk shapes available to a polymer
molecule. Now, because of close packing (no voids) the distance between
adjacent molecule centers varies as n'?. However, the size of the molecule
varies as n'2. Thus there is large overlap and extensive interpenetration of
neighboring molecles. The volume occupied by one molecule, n*?, is enough
to accommodate n'?-1 other molecules. In order for the system to be
crystalline each of the n'2 molecules within the sphere of volume n*? must
have the same shape. This is clearly impossible.

To make an estimate of the probability p that a shape chosen at random can
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close-pack with each of the other chains having the same shape we proceed as
follows. The first chain defines the volume into which we place the subsequent
n'2-1 chains. The first segment of the (j+1)th chain can be placed in (n*”-jn)
ways. Each subsequent segment of the (j+1)th chain has a probability j n™*? of
suffering interference and a probability 1-jn' of not suffering interference.
The probability that the (j+1)th chain sufferers no interference on being placed
in the volume circumscribed by the first.chain is (n*?-jn)(1-jn"?)*!. Thus,

n'2-1
p = O[(@**jn)(1-jn?)™] (A1)
j=0

This problem is identical to that of calculating the configurational entropy for
the case of perfectly stiff (stiff but not straight) chains and has been given
previously (4-6). A little algebra shows that the log.(p) varies as

log.(p) ~ n'Zlog(n/e) - n*? (A2)

which means that p decreases exponentially with n*2. p is an average value
and since it is non-zero there is a small chance that a chain configuration
chosen at random can pack in crystalline array. However, for there to always
be a an equilibrium crystalline state every possible shape must be able to pack
in a regular array. But this possibility is clearly in contradiction to equation
Al. Equation Al shows that the vast majority of molecular shapes allowed to a
polymer molecule are shapes that cannot pack in regular array in a space
filling manner.

Class IID consists of one kind of molecule, one kind of shape. The open
structures we considered above have a-Hausdorff dimension of
D=dlogM/dlogr = 2 and we have shown that they indeed do not pack
together in a space-filling manner. However, even for the case of compact
molecules there are many shapes that do not form crystals. Hoare (5I) has
discussed the problem of densely packing compact molecules that locally at
least abhor regular arrangements. A prototype of this kind of molecule is a
pentagon which does not pack nicely because because of the non-existence of
five-fold crystal symmetry. Higher-order regular polygons with numbers of
sides that are not multiples of 2 or 3 retain this amorphous nature and do not
pack well locally. Such objects and their analogues in dimensions other than 2
are called amorphons or vitrons (52). Monte Carlo calculations on such objects
always result in amorphous liquids (5I). Though suggestive these calculations
do not constitute a proof because one must be open to the possibility that small
clusters of amorphons (say three pentagons) can pack in regular array.
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Chapter 3

Entropy, Landscapes, and Fragility in Liquids and
Polymers, and the ACp Problem

C. A. Angell

Department of Chemistry, Arizona State University, Tempe, AZ 85287

We examine the relation of the mode coupling theory of
glassforming liquid dynamics to the Gibbs-Goldstein
landscape picture of relaxation, and identify, using both
scaling relationships and thermodynamic calculations,
where the crossover between the two domains occurs.
This "landscape" approach is then applied to chain
polymers, using a neglected relation between the WLF
C1 parameter and the high frequency limit for
relaxation, to establish the characteristic temperature of
the landscape ground state and the appropriate fragility
parameters. A problem with the relation between
thermodynamic to relaxational assessments of the
landscape "height" is used to focus attention on a
problem with the heat capacity changes at Tg in the case
of chain polymer melts and their glasses.

The problem of viscous liquids and the glass transition is currently
enjoying one of its characteristic thirty-year cycles of high activity,
stimulated jointly by the review of Anderson in 1979 (1), and the
advent of Gotze and colleagues' mode coupling theory of the glass
transition in 1984 (2) The latter gave, as its central features, the
existence of a two-step response to a perturbation of the
equilibrium state about which detailed predictions were made, and
the prediction of a dynamical "jamming," i.e. vitrification at finite
temperature due to power law divergences in the response times
with decreasing temperature. The first of these has been
extensively verified for liquids and polymers whereas the second
has not.
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The failure to jam in the predicted manner has been
attributed to the crossover in relaxation mechanism at some
temperature between normal liquid (high fluidity, short relaxation
times) temperatures and the glass transition temperature, an
occurrence which was anticipated by Goldstein in a 1969 paper
which is now a classic.

Here we will (1) give a brief review of what might be called
the Gibbs-Goldstein picture of the phenomenology, thermodynamic
and dynamic, of glassforming liquids, (2) add to this a classification
of liquid types ranging from the highly non-Arrhenius glassformers
(to which the mode coupling description was expected to apply) to
the almost Arrhenius liquids (to which it was not expected to apply
but, according to recent studies, does), and then (3) to examine the
extent to which the phenomenology of polymer liquids and glasses
can be interpreted in terms of (1) and (2). This will lead us to
recognize a problem in the polymer case for which we will then
supply a partial resolution and a proposal for further work. In the
process, we will encounter not only a variety of insights into the
utility of the "landscape paradigm" for discussions of glassformers
but also both thermodynamic and dynamic markers for the
crossover temperature between "landscape-dominated" and "free
diffusion" domains.

The Gibbs-Goldstein Picture

The fact that glasses are brittle solids at temperatures below their
glass transition temperatures implies that the arrangement of
particles taken up as a liquid cools below Tg can be described by a
point in configuration space near the bottom of a potential energy
minimum in this space (3,4). If this were not so, the system would
move in the direction dictated by the collective unbalanced force
acting on it, and some sort of flow would occur. On the other hand,
the existence of the annealing phenomenon, in which the density
and energy of a glass formed during steady cooling can change with
time on holding at a temperature below but close to the "glass
transition temperature" means that there is more than one such
mechanically stable minimum available to the system.  Indeed,
there would appear to be a huge number, of order eN, where N is
the number of particles in the system (5, 6, 7). The minima, or
"basins of probability" (5) obviously are distributed over a wide
range of energies, usually scaling with density. However, there are
also many ways of organizing the same collection of particles into
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minima which differ negligibly in energy from one another. Each
minimum is a configurational microstate, or "configuron," of the
system. Each laboratory "glass" is thus a palpable configuron,
though there is evidence that the distinguishing properties of a
glass, viz. its structure, heat capacity, and diffusivity are
determined within very small distances, so that the properties  of a
glassformer can be evaluated by consideration of only a tmy subset
of its particles.

The fact that annealing ("aging" for polymers) proceeds more
slowly the lower the temperature at which the annealing is carried
out suggests that the process of finding deeper minima becomes
more difficult statistically as the temperature is decreased. One
arrives at the notion of an interconnected series of minima on a
landscape of inconceivable complexity, in which increasing depth is
associated with decreasing configuron population. The important
implication of Kauzmann's paradox (8) is that for each system, at
least for each "fragile" system, there must exist a statistically small
number of minima at energies still well above that representing the
crystal and that these must set an absolute limit on the energy
lowering achievable by annealing the amorphous system. It is into
one of these last few minima that the system is tending to settle at
the temperature where the excess entropy is tending to vanish.
The energy of these lowest minima kpTk defines the ground state
for the amorphous system, to be reached at the Kauzmann
temperature Tg on indefinitely slow cooling. Hence at this
temperature, the excess entropy would vanish.

The Adam-Gibbs equation for viscous liquid relaxation asserts that
the time scale for re-equilibration after some perturbation is
related to the excess entropy of liquid over crystal, according to

T =1, exp CAW/TS. (1)

where 1o is a quasi-lattice vibration time, 10-14 s, Ap is a free
energy barrier per particle to cooperative rearrangements, and Sc is
the excess (configurational) entropy. Evaluating S as the entropy
generated above Tx according to

Se=1T 2o qr. ©)
K T

leads to the well-known Vogel-Fulcher-Tamann (VFT) equation as
an identity or as a good approximation depending on how the
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excess heat capacity vs. T relation is approximated (9). Although
the VFT equation is itself only a rough description of the behavior
of supercooling liquids over the 16 orders of magnitude of
relaxation times which can now be measured (10), a fitting of data
to that equation under the constraint that t, have a physical value
10-14 s, yields an agreement between the VFT relaxation time
divergence temperature T, and the thermodynamically determined
Tk, within a variance of ~2% for 40 liquids for which the Tx data are
available with Tg ranging from 50 to 1000 K (11).

The departure from Arrhenius behavior of the relaxation time
arises, in the Adam-Gibbs theory, from the temperature
dependence of the S, term in equation (1), which itself is a
consequence of the excess heat capacity AC, of equation (2). For
constant Ap in equation (2), the degree of non-Arrhenius character,
now called the fragility, is determined by the magnitude of AC,. A
general but incomplete accord seems to exist between the fragility
and AC, and exceptions, like the alcohols, can be rationalized by the
presence of unusual Ap terms.

Thus, in broad brush, the Adam-Gibbs approach within the
landscape paradigm, which is summarized pictorially in Figure 1,
provides a good basic understanding of key features of the behavior
of glassforming liquids and polymers in their ergodic states above
Tg. Furthermore, by setting Sc in equation (1) at a value fixed by
cooling rate or annealing time, the Adam-Gibbs equation goes far
towards a description of behavior in the non-ergodic regime below
Tg. :

’ The viscosity of polymers above Tg can be incorporated in
this picture by inclusion of a molecular weight-dependent pre-
exponent in equation 1, so as to obtain a local viscosity relaxation

Ty = g—'w =/M'G, =1, cxp(%';i—n)-) )
time, where x = 1 for pre-entanglement conditions, x = 3.2 for the
entanglement range of M, and 1, again has values of ~10-14 s. The
exponent in equation (3) becomes identical with that of the Vogel-
Fulcher-Tammann equation (exp(B/[T-To]) with B = DT,, when (9)
Sc¢is developed using the hyperbolic temperature dependence of
the excess heat capacity ACp found so frequently for molecular
liquids. D is an inverse measurement of the "fragility" of the liquid
or polymer, to which more reference will be made below.
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Figure 1. Summary of phenomenology of glassformers showing diverging
relaxation times (in part (a)) being related, by points 1, 2, 3. ... on the plot, to
vanishing excess entropy (in part (b)) and finally, in part (c), to the level of
energy minima on the potential energy hypersurface (or "landscape”). The
temperature Tk corresponds with the energy of the lowest minimum on the
amorphous phase hypersurface. Many vertical spikes, corresponding to
configurations in which particle core coordinates overlap, are excluded from this
diagram for clarity.

The number of minima on the surface is of order exp(N), where N is the number
of particles. The height of the landscape relative to kg Tk is a measure of the
"strength” of the liquid and seems to be about 1.4-1.6Tx for fragile liquids. Near
the top of the landscape is a crossover region to a domain in which only
disconnected remnants of the low temperature "structure” remain to provide the
"caging" effects responsible for the slow relaxation described by mode coupling
theory. At higher temperatures, >2Tx, (above the melting points of glassforming
liquids, but still below the melting points of non-glassformers) the cages are
dismantled, relaxation becomes exponential, and diffusion becomes "free."
Boiling typically occurs near 3.5-4Tk.
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Scaling Schemes, and "Height" of the Landscape

In a recent scaling proposal, that of Rossler and Sokolov (12,13),
the o-glass transition temperature used by the author in developing
the fragility concept from scaled Arrhenius plotting (14,15), is
retained as a scaling parameter and a second characteristic
temperature, T, is introduced in order to collapse all liquid
viscosities on to the same VTF curve. This second characteristic
temperature is higher relative to the first (Tg) for the stronger
liquids, and indeed lies close to the crossover temperature of mode
coupling theory (12). In the following argument, we show that, if
this second characteristic temperature is a measure of T¢, then both
are measures of Ty, the crossover temperature where landscape
domination of the relaxation dynamics takes over. This is because,
as we suggested some time ago (I4) but now have effectively
proved (16,17), Tx is near the point where the system encounters
the "top" of the landscape. We "prove" it by establishing the nature
of ACp in terms of landscape exploration and then integrating ACp
over a temperature interval sufficient to exhaust all the
configurational states (configurons) of the system. This upper limit
of the integration, Ty, is found (16,17) not only to relate closely to
Tx (= T¢), but also with the o-f bifurcation temperature, and the
Stickel temperature, Tg.

The "height" of the landscape kpT, can be estimated (I7) by
accepting, after Speedy and Debenedetti (7) and Stillinger (5) that
there are, to good approximation, eN configurons per mole of heavy
atoms, and then calculating the temperature T, in the expression,

AC
P4T- 4
T

Sc = kplnW = _ kgln (eN)= R/mole = (Tu
K

Here ACp is the heat capacity increment associated with exploration
of the landscape (i.e. the jump in Cp as T > Tg). Of course the
relative height Ty/Tx is then greater for liquids with small ACp
(i.e. strong liquids), in accord with the higher T¢/Tg found by
Rossler et al (12,13) for the stronger liquids. The value of Ty turns
out to depend only weakly on the functional form assumed for AC).
The two simple choices,

ACp = constant, and ACp = constant/T
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yield, respectively from equation (3),
Tu = Tk exp(R/ACp) (5a)
and
Tu = Tk/[1 - RIAC,(Tk)] (5b)

For simple laboratory glassformers like S2Clz (16), and also for
Lennard-Jones argon (18) ACpat Tg is found to be about 17J/K per
mole of heavy atoms, and Ty is then 1.59Tk (which is about 1.27Tg)
for each of Eqgs. (5a) and (5b). Interestingly enough, this is almost
the same as the value of Tc/Tg found by Réssler and co-workers
(we prefer Tx/Tg) for the ratio of upper scaling temperature Tc to
Tg, which means it is the same as the ratio Tc/Tg where T¢ is the
mode coupling theory T.. The identification of T, (Tx) with the
temperature characterizing the top of the landscape is consistent
with the long-standing idea that MCT fails at low temperature
because of the crossover to landscape-dominated dynamics (which
must be the real meaning of the term "hopping" used in many MCT
papers (2,19,20).

Our estimate of Ty is probably a minimum value because a
part of the ACpat Tg (of unknown magnitude, but thought to be
small in the general case) is vibrational in nature, and there are also
other possible non-configurational contributions to the heat
capacity difference between liquid and crystal (21). A value of Ty
somewhat above T. would seem appropriate because T¢
presumably represents a crossover in dominant relaxation
mechanism rather than a real end-point in structural character. In
some model systems for which data are available, e.g o-terphenyl,
T¢ is also found to correspond with the bifurcation temperature into
distinguishable o- and B-relaxations (22) and with the lower limit
temperature for accurate data-fitting by the "high temperature
Vogel-Fulcher law" in the Stickel-plot analysis (/0. The reason that
a VTF law (with unphysical parameters) should fit in the free
diffusion domain is not at all clear. This is the domain in which a
power law fit of the same data yields the T found by the other
criteria, so the VTF fit may be a trivial consequence of its relation to
the power law through the Bardeen singularity (23). If ACp drops
to a value like that of ZnCly, 7.5 J/m.K of heavy atoms (24), then
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Tuw/Tk = 2.94 (equation 5a) (equation S5b becomes inappropriate
because for low ACp substances, the value of ACp is either constant
above T, or increases with increasing temperature). Using Tk = 250
K, we obtain Ty = 736 K from equation (5a). This compares poorly
with the value of 580K obtained by Rdssler scaling, but this would
be improved if the initial increase in ACp observed in the laboratory
studies (24) were taken into account.

Referring to the relation between entropy, relaxation time,
and the position of kgT on the energy surface summarized in Figure
1, we note the presence of a regime of free diffusion above the
highest features of the landscape but below the boiling point. Tc
falls somewhat below the highest energy features of the landscape
because, as noted above, this is merely the temperature about
which the landscape dominance of relaxation, not the landscape
itself, terminates.

This raises a problem which has so far not been addressed in
our discussions (11,17) of the landscape limits assessed by the
above argument. The problem is that no thermodynamic signature
of T,, where the landscape contribution to the excess Cp would be
expected to drop out, is seen in the heat capacity vs temperature
relation. Since Ty falls at a value where there is still a six decade
difference between vibrational and structural relaxation time
scales, the separability of degrees of freedom should still be clear.
Either the landscape concept must be at fault, the non-landscape
contributions to the AC, are seriously underestimated, or the
landscape limit is much more tenuously demarcated than a simple
endpoint, at T,, would suggest. Some information on this point may
be forthcoming from the discussion of the "AC, problem" for
polymers given in the next section. There we will suggest that the
presence of the polymer chain has an effect comparable to that of
examining AC, in liquids at a very short relaxation time hence in
the vicinity of T,.

The Polymer Case: Fragility and the ACp, Problem

To incorporate polymers into the above scheme, we need to
recognise that the special effects of polymer chain length on
viscosity enter the problem in the pre-exponents of Vogel-Fulcher
or Adam-Gibbs-like expressions (see equation (2)) and, accordingly,
to scale them out. This is achieved by use of the WLF
representation. To get the appropriate landscape ground state
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temperature Tk in the face of the uncrystallizability of many
polymer systems, one must turn to the relation between T, of the
Vogel-Fulcher relation and the Kauzmann temperature. Tx can be
obtained from the WLF parameter Cz via To = Tk = Tg - Ca,
provided C; is set at the number 16 or 17 (depending on the
relaxation time at the reference temperature, 1g). This is because of
the little recognised (25) identity

C 1 = log(tr/to) (6)

where 7o is the Vogel Fulcher pre-exponent which must be on the
phonon time scale for the other fit parameters to be physically
acceptable.

With Tk identified, a convenient representation of the
fragility which varies between extremes of 1 and 0, can be obtained
from the ratio Tk/Tg =1 - C2/Tg according to the commonly
recognized relation between WLF and VTF equation parameters, C,
and T, (C =Ty - T,). To see if polymer behavior is consistent with
the small molecule scenario, a second measure of fragility can be
obtained from the upper limit of the landscape using either
assessments of T¢ from mode coupling theory (e.g., breaks in the
quadratic behavior of the Debye Waller factor) , fits to the high
temperature relaxation time data, or the o-f bifurcation
temperature. According to the recent report of Frick and Richter
(26) on polybutadiene, a fairly fragile polymer (the D value (D =
B/T,) extracted from the Vogel Fulcher parameters in ref 26 is
10.9 ) there is indeed a close accord between T¢ (215K) and the o—P
bifurcation temperature (217K). The data are reproduced in Figure
2. Furthermore, T, from Vogel -Fulcher fits of the monomeric
friction coefficient for viscosity yield (26) a T, of 126K which then
gives Tc¢/ To = 1.69, a little higher than the value for the height of
the landscape for fragile liquids given above. In footnote 26 we give
evidence that T, should actually be higher, hence the ratio Tc¢/ To
lower.

When we look for a thermodynamic confirmation of the
landscape height, however, we encounter a problem. Instead of
finding that the jump in heat capacity at Ty is large in proportion to
how fragile the polymer is, we find that it is much the same for all
polymers (despite wide variation in fragility (27,28), and usually
rather small compared with the polymer glass heat capacity at Tg.
If this value is adopted for calculations using equation (3), all
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Figure 2. The 0-f relaxation bifurcation in the case of the polymer polybutadiene
as observed in inelastic neutron scattering(*) and dielectric relaxation (open
symbols A, *). Note that the bifurcation temperature accords with the MCT T,
as in the case of molecular liquids. T¢/To(vFT) is 1.69 in this case[26], or 1.59T,
if Ty is taken to be Tg-50. (reproduced form ref. 26, by permission).
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polymers would have comparable values of Ty/Tg far above their
Tc/To values. Clearly there is something to be understood about the
relation of ACp in polymers to the corresponding quantity in
molecular liquids.

Some insight into, if not resolution of, this problem can be
obtained by examining the relation between the ACpand the chain
length. As the latter decreases and the Tg correspondingly drops
quickly, one finds (29,32) that the value of ACp rapidly increases. As
with the increase of Tg, most of the effect is obtained with the first
few repeat unit additions. The relation is shown in Figure 3.
However the chain length of polymers has generally been found not
to affect their fragilities (27,28) (though there is some recent
conflict from different estimates in the case of polystyrene (31,32)).
Clearly, though, the correlation between AC, and fragility seen in
the inorganic ionic (33), and covalent (34) network polymers does
not hold for carbon chain polymers (in which the in-chain bonds are
inviolable).

To look into this further, we show in Fig 4, in part (a), the
behavior of the heat capacity of polypropylene, in units of J/K.(mol
of -CH2-CH2(CH3)- repeat units) (35,36) in comparison with that of
the molecular liquid 3-methyl pentane (37) (divided by 2 to have
the same mass basis as the polymer repeat unit) (38). It is seen that
the liquid heat capacity of the hexane isomer (x 0.5) falls not much
above the natural extrapolation to lower temperatures of the heat
capacity per repeat unit of the polymer. This implies that the main
effect of polymerization, as far as the change in heat capacity at Tg
is concerned, is to postpone the glass transition until a much higher
vibrational heat capacity has been excited. This not only reduces
the value of ACp but has a disproportionate effect on the ratio
Cp.i/Cp,g at Tg. This happens despite a lower glassy heat capacity in
the polymer than in the molecular liquid at the same temperature.
The latter effect is a direct consequence of the lower Debye
temperature (and lower vibrational anharmonicity) at a given
temperature for in-chain interactions in the polymer than for
intermolecular interactions in the same mass of molecules.

A somewhat similar effect is seen in the effect of pressure on
the heat capacity of 3-methyl pentane (37) where the origin of the
effect is a little clearer. Takara et al (37), in a study which
established the correctness of the Adam-Gibbs conclusion that the
glass transition should occur at constant TS, found that, as pressure
acting on the glass state increased, the heat capacity of the glass
rose to higher values before the glass transition occurred. This can
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Figure 3. The heat capacity of several polymer glasses and liquids as a function
of increasing number or repeat units in the chain, showing the rapid decrease in
AC;, which accompanies MW increase (and consequent Tg increase). The cases

illustrated are PDMS (triangles), polycarbonate (filled circles) and polymethyl
siloxane (open circles). (reproduced from ref.29, by permission)
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Figure 4. (a) Heat capacity of polypropylene crystal, glass and liquid in

J/K per mole of -CH,-CHy(CH3)-repeat units, from refs. 35 and 36 compared
with the same properties of 3-methyl pentane (1/2 mole) from ref. 37. The
comparison shows how the postponement of the glass transition to the higher
temperature, consequent on the extension of the carbon chain, completely changes
the relation between liquid and glass heat capacities, causing polymers to appear

"strong" by the Cp(1)/Cp(g) (at Tg) criterion. The ACp/Cp, g value observed for

polymers is characteristic of that of a molecular liquid studied on the nanosecond
time scale.

(b) heat capacity of 3-methyl pentane glass and supercooled liquid at
three different pressures 0.1, 108.4, and 198.6 MPa, from ref. 37, showing how
the effect of increasing pressure is somewhat similar to the effect of increasing
molecular weight in its influence on the magnitude of the vibrational heat capacity
at the temperature of the glass transition. (reproduced from ref.37, by permission)
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be understood as a result of increase of pressure, at constant
temperature, rendering the vibrational motions more harmonic,
since it raises the vibrational frequencies (positive Gruneisen
constants dlnv/dV). Consequently if also raises the glass transition
temperature (since the glass transition is itself a consequence of
anharmonicity (39-41)).

While the effect of pressure in this respect is weaker than the
effect of increase of molecular weight, both factors, through their
effects on the mean vibrational anharmonicity, permit the glass (i.e.
vibrational) heat capacity to build up to larger values before Tg
intervenes, while less strongly affecting the liquid heat capacity.
This progressively diminishes the observed jump in Cp and
consequently, but misleadingly, makes the substance appear
"stronger" by the change in heat capacity criterion. In fact the
behavior observed has much in common with a molecular liquid
which has been heated to far above its Tg (where its excess heat
capacity has fallen to a fraction of its value at Tg). This itself is
understandable since the between-chain interactions must be highly
anharmonic in both crystal and liquid states at temperatures in
excess of twice the glass transition temperature of the monomer
liquid. An energy hypersurface consequence should be the existence
of many low energy modes of escape from any given minimum and
a less well-defined landscape limit (hence dynamical crossover
temperature) than in the case of fragile molecular liquids. This may
be the reason that polymers tend to be more fragile than molecular
liquids (43), and tend to obey the WLF or VFT equations over wider
ranges of relaxation times and with more consistent pre-exponents
(hence C; values) than do fragile molecular liquids.

The extension of the crystalline polypropylene data to the
melting point shows the difference in liquid and crystalline heat
capacity almost disappearing, giving an appearance akin to that of
the glass-forming liquid metals (44), the crystalline states of which
melt to liquids of very low viscosity.

All considered, it is not obvious how to obtain an appropriate
ACp to use in a landscape height calculation or indeed if the concept
of a landscape limit is a useful one for polymers (although the
coincidence of T. and o.—P bifurcation temperatures seen in Fig. 2
would suggest that it should be). It is possible that one could use
Tc/Tg (= Tx/Tg) value to back-calculate an effective contributing
ACp value. This is an area for further work, in which an
investigation of the effect of diluent concentration on ACp for the
binary polymer diluent solutions, could play a useful role.
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Concluding remarks.

The "polymer problem" brought out in the above discussion is
provocative and deserves further exploration. Understanding could
be helped considerably by a systematic investigation of the
entropies and Kauzmann temperatures of a series of easily
crystallized n-mers of increasing n value, and a concurrent
determination of their fragilities by the Fy,; criterion (45).
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Chapter 4

Dynamic Properties of Polymer Melts above the Glass
Transition: Monte Carlo Simulation Results

Jorg Baschnagel

Institut fiir Physik, Johannes-Gutenberg Universitit, 55099 Mainz, Germany

Monte Carlo simulation results for the non-equilibrium and equilib-
rium dynamics of a glassy polymer melt are presented. When the
melt is rapidly quenched into the supercooled state, it freezes on the
time scale of the simulation in a non-equilibrium structure that ages
physically in a fashion similar to experiments during subsequent re-
laxation. At moderately low temperatures these non-equilibrium
effects can be removed completely. The structural relaxation of
the resulting equilibrated supercooled melt is strongly stretched on
all (polymeric) length scales and provides evidence for the time-
temperature superposition property.

If a liquid is cooled, it usually crystallizes at the melting point unless crystallization
is prevented by rapid quenching or by the complex structure of the liquid (1-4).
The latter criterion is met by many polymers. They prefer to remain in the amor-
phous state, even when cooled very slowly. Typi-al cooling rates range between
10~ — 10~'Ks™! (5), which already comes close to a quasi-static cooling process.
This property makes polymers (almost) ideal systems to study the glass transition
and also explains the technical relevance of such an investigation. Many modern
polymeric materials are glasses, and an understanding or even a predictability of
their properties is therefore of high technological importance.

During the cooling process the structural relaxation time, 7, of the polymer
melt and of other fragile glass formers (6) first rises gradually up to 7 = 107%s
and then very steeply over about eleven orders of magnitude (T = 10% s) before
the liquid vitrifies (1,2,6-8). Such a temperature dependence of the relaxation
time is characteristic of glass forming materials. It is not observed during the
crystallization process. Above the glass transition temperature T, (defined as the
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temperature corresponding to 7 &~ 102 s (6)) the liquid is in (metastable) equilib-
rium, whereas it freezes in a (non-equilibrium) amorphous structure at T;. The
properties below the glass transition depend on the cooling rate and “physically
age” during further equilibration. As for the strong increase of the structural re-
laxation time above Ty, physical aging is a fairly general property of structural
glass formers (4,9).

The present paper discusses this non-equilibrium and the equilibrium dynamic
behavior for a simple, computer generated model of a supercooled glassy polymer
melt. The next section introduces the bond-fluctuation (lattice) model, describes
how the glassy behavior is built in, and gives some details on the simulation
methodology. Then we present some representative results for the cooling rate
dependent freezing and the physical aging of the model, whereas the final section
deals with the equilibrium dynamic properties in the supercooled state.

Coarse-Grained Lattice Simulations for Glassy Polymer Melts: Bond-
Fluctuation Model and Monte Carlo Approach

The bond-fluctuation model (10-12) is an intermediate description between a
highly flexible continuum treatment and traditional lattice models of self-avoiding
walks (13). It shares with the latter models the simple — and from a compu-
tational point of view highly efficient (14) - lattice structure, but distinguishes
itself from them by exhibiting a multitude of bond vectors. Due to the lattice
structure a monomer of the model does not directly correspond to a chemical
monomer, but rather to a group of chemical monomers (typically, such a group
comprises 3 — 5 monomers for simple polymers, such as polyethylene; see Fig-
ure 1 (15)). Since a lattice bond should thus be interpreted as the vector joining
the mass centers of these groups, its length and direction will fluctuate. The
bond-fluctuation model maps this idea onto a simple cubic lattice by associating
a monomer with a unit cell of the lattice. In order to impose local self-avoidance
of the monomers (excluded volume interaction) and to guarantee uncrossability
of the bond vectors during the simulation (no phantom chains) the allowed bond
vectors are {(2,0,0),(2,1,0),(2,1,1),(2,2,1),(3,0,0),(3,1,0)}. This yields 108
different bond vectors.

Energy Function and Geometric Frustration. In addition to the excluded
volume interaction an energy function H(b) is associated with each bond vector
b, which favors bonds of length b = 3 and directions along the lattice axes (i.e.,
H(b) = 0) in comparison to all other available bond vectors (i.e., H(b) = ¢)
(16-18). Figure 2 illustrates the effect of this energy function. When the tem-
perature decreases each bond tries to reach the ground state (i.e., a bond with
H(b) = 0) and thereby blocks four lattice sites for other monomers. This loss of
available volume generates a competition between the energetically driven expan-
sion of a bond and the packing constraints of the melt. Due to this competition
some bonds are forced to remain in the excited state (see Figure 2). They are geo-
metrically frustrated (16-18). The development of the geometric frustration during
the cooling process causes the glassy behavior of the model and corresponds to the
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Figure 1. Schematic illustration of the construction of a coarse-grained model
for a macromolecule such as polyethylene. In the example shown here, the subchain
formed by the three C-C bonds labeled 1,2,3 is represented by the effective bond
labeled as I, the subchain formed by the three bonds 4,5,6 is represented by the
effective bond labeled as II, etc. In the bond-fluctuation model the length b of
the effective bond is allowed to fluctuate in a certain range bpmin < b < bmax, and
excluded-volume interactions are modeled by assuming that each bond occupies a
plaquette (or cube) of 4 (8) neighboring lattice sites which then are all blocked for
further occupation. From (17).

-

- H
S —

(b)) =¢

N

jump forbidden

Figure 2. Sketch of a possible configuration of monomers belonging to different
chains in the melt in order to illustrate the effect of the model’s energy function and
the concept of geometric frustration. All bond vectors shown in this picture have the
energy ¢ except the vector (3,0,0) which is in the ground state. This vector blocks
four lattice sites (marked by o) which are no longer available to other monomers,
since two monomers may not overlap. Due to the excluded volume interaction the
jump in direction of the large arrow is also forbidden. This leads to geometric
frustration. From (17).
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driving force which the Gibbs-Di Marzio theory makes responsible for the glass
transition of polymer melts (19).

Monte Carlo and Cooling Procedure. As a result of the competition between
energy and packing constraints the structural relaxation time strongly increases
during the cooling process if the usual bond-fluctuation dynamics is used. This
kind of dynamics consists of the following steps:

e choose a monomer at random

o choose a lattice direction at random

o check whether the new lattice sites are empty (excluded volume)

e check whether the new bonds are in the allowed set (chain connectivity)

e calculate the energy change AE caused by the move and accept it with
probability min (1, exp [-BAE]) (Metropolis criterion (20)) ,

where 8 = 1/kgT is the reciprocal temperature (the temperature is measured in
units of €/kg). These local moves are supposed to mimic a random force exerted
on a monomer by its environment. They lead to Rouse-like dynamics which is
typical of a polymer in a dense melt (21,22).

In order to cool the melt from high (3 = 0) to low temperatures (lowest
temperature Bpnax = 20), B is increased according to the cooling schedule (16-18)

B = Bmaxlqt - 1)

Here I'q is the cooling rate, and ¢ the Monte Carlo time (measured in Monte
Carlo steps (MCS); see the definition below). In the simulation the cooling rate
was varied over two orders of magnitude from I'q = 4 x 1075 to I'q = 4 x 1077
(measured in MCS™?).

Computer versus Experimental Time Scale. In order to obtain a feeling
how these cooling rates compare to experimental cooling times one has to take
into account that a random hopping event in the bond-fluctuation model should
be interpreted as a conformational change of a subgroup of chemical monomers,
which typically takes 10~!! s (15,23) at high temperatures. Requiring therefore
that the average relaxation time at high temperatures of the present model should
be 10! s, and using the high temperature value for the monomer move acceptance
rate of the bond-fluctuation model (i.e., 107! (14)) to account for the influence of
the melt’s density, the unknown prefactor in the Monte Carlo transition rate, the
Monte Carlo time step (MCS), can be translated to 1 MCS =~ 10~!%2 5. Although
this identification of the abstract Monte Carlo time unit with the physical time
unit is based on a plausibility argument only, it yields the right order of magnitude,
as attempts to simulate bisphenol-A-polycarbonate (24,25) and polyethylene (26)
by the bond-fluctuation model showed. Using therefore this estimate one can
draw two conclusions: First, a cooling process with the above mentioned rates
is finished after about 10~ — 107% s. The corresponding cooling rates are much
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higher than those generally used in experimental studies, but are slow in the field
of computer simulations (27,28). Second, the fast cooling forces the simulated
melt to freeze on a time scale which is many orders of magnitude smaller than
that of the experimental glass transition.

Real versus Artificial Dynamics. Due to the inevitable high cooling rates
in simulations non-equilibrium effects already emerge at moderately supercooled
temperatures for the studied model. In some case these effects can completely
mask the underlying equilibrium properties. An example will be given in the next
but one section (see Figure 8). In order to circumvent this problem and to achieve
equilibration one can exploit an advantage of the Monte Carlo technique, namely
that the elementary move may be adapted at will. Since the final equilibrium state
is independent of the way by which it was reached, the realistic (glassy) dynamics
may be replaced by an artificial one which uses non-local moves. A non-local move
involves a collective motion of all monomers of a chain. Such a collective motion
may be realized by the so-called slithering snake dynamics (13,29), for instance.
In the slithering snake dynamics one attempts to attach a randomly chosen bond
vector (from the set of allowed bond vectors) to one of the ends of a polymer
(both also randomly chosen). If the attempt does not violate the excluded volume
restriction, the move is accepted with probability exp[-AE/kgT), where AE now
represents the energy difference between the newly added bond and the last bond
of the other end of the chain, and the last bond is removed. Whereas the local
dynamics propagates the chains for one lattice constant if a move is accepted, the
slithering-snake dynamics shifts the whole chain for one lattice constant. Therefore
one expects the slithering-snake algorithm to be faster by a factor of the order of
the chain length already at high temperatures. This expectation was confirmed
in the simulation, and furthermore it was found that the algorithm is also very
efficient in equilibrating low temperatures, in which we are particularly interested
(30).

Simulation Parameters. For the present study a chain length of N = 10 was
used. If one takes into account that a lattice monomer roughly corresponds to a
group of three to five chemical monomers (see above) our simulation deals with
fairly short, oligomeric chains. The cubic simulation box (of linear dimension L =
30) contained K = 180 chains so that the volume fraction of occupied lattice sites
is = 8NK/L?® = 0.53. This value is a compromise between two requirements: it
is high enough for the model to exhibit the typical behavior of dense melts at high
temperatures (14) as well as pronounced frustration effects at low temperatures
(16-18) and low enough to allow for a sufficient acceptance rate of monomer (or
chain) moves to make the equilibration of the melt in the interesting temperature
range possible (i.e., sufficiently high insertion probability for a new bond to make
the slithering-snake dynamics superior to the local dynamics) (30). In order to
improve the statistics 16 independent simulation boxes were treated in parallel.
Thus the total statistical effort involves 28800 monomers, which ensures a high
accuracy of the results.
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Cooling Rate Effects

The quench rates quoted in the previous section encompass cooling times which
range from 2.5 x 10* MCS’s to 2.5 x 105 MCS’s. Whereas these times are much
larger than the structural relaxation time of a polymer, the Rouse time 73, at
infinite temperature (g(co) = 5380 MCS’s), the cooling process must reach a
temperature, at which /(T) =~ Pc-zl- Then the melt freezes on the time scale of
the simulation. The present section discusses the properties of this cooling rate
dependent freezing by some representive examples.

An Example: The Mean-Squared Bond Length. Figure 3 (17) depicts the
temperature dependence of the mean-squared bond length, b2, for five representa-
tive cooling rates (see equation 1). In the high temperature region (7' € [0.6,2.0])
the curves for the different rates nicely collapse. This shows that the melt is in
a thermally equilibrated liquid state. In this state the melt is mobile enough to
respond easily to the speed, by which the temperature is changed. The effect of the
finite cooling rate starts to be felt below T ~ 0.5 and is accompanied by a strong
expansion of the mean bond length. The increase of b% continues until T = 0.2,
where the curves level off. In this temperature range the intrinsic relaxation times
of the melt become comparable to the observation time. Then the melt falls out
of equilibrium, and b? gets locked at a value depending on the cooling rate. The
smaller the rate, the more time the melt has to relax. Therefore b* increases with
decreasing cooling rate in the low temperature region (T < 0.2). However, b? is
always smaller than 9, the value expected if all bonds were in the ground state.
This result shows that the model indeed introduces strong topological constraints
leading to geometric frustration.

Cooling Rate Dependence of the Glass Transition Temperature. The be-
havior depicted in Figure 3 is not restricted to the mean-squared bond length, but
also typical of other quantities (mean bond angle, radius of gyration, etc. (16-18)).
From these curves one can extract the cooling rate dependence of the glass tran-
sition temperature T, defined by the intersection point of a linear extrapolation
from the liquid and from the glassy side. The results of such an analysis are shown
in Figure 4 (17). Whereas older experimental studies found a linear relationship
between T and InT'q, we obtain a non-linear dependence, which can be well fitted
by the following variant of the Vogel-Fulcher equation

A

TK(FQ) =Tk + m . (2)

More recent experiments (5) and extensive molecular dynamics simulations on
both Lennard-Jones (31) and silica glasses (32) yielded the same non-linear rela-
tionship. Therefore the original linear dependence seems to be questionable and
must presumably be attributed to a too narrow span of studied cooling rates.

In equation 2 Tk denotes the freezing temperature at an infinitely slow cooling
rate. For this limit the abbrevation Tk was chosen to remind of the Kauzmann
paradox (6,33), which originates from a similar extrapolation procedure. Tk will
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Figure 3. Plot of the mean-square bond length vs T for five different cooling
rates: ['q =4 x 1075 (0), Tq=8x107% (+), [q =4 x 1078 (O), Fq =8 x 1077
(%) and Tqg =4 x 10~ (A). From (17).
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Figure 4. Glass transition temperature T, vs I'q. The dashed line represents a
fit by equation 2. From (17).
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therefore also be referred to as Kauzmann temperature in the following. The fit
of the simulation data to equation 2 yields: Tx = 0.17 £ 0.02, A = 0.467 & 0.200
and B = 5.85 x 10~3+ 2.5 x 10~3. The numerical value of Tk coincides within the
error bars with the Vogel-Fulcher temperature T, that one obtains by fitting the
Vogel-Fulcher equation, i.e.,

D(T) = Dwerp [-7-2] | ©
to the chain’s diffusion coefficient, provided one limits the fit interval to that tem-
perature range, where the diffusion coefficient decrease by about two orders of
magnitude from its high temperature limit, i.e., to the same time interval as cov-
ered by the cooling rates.

The same coincidence, Tx = Ty, is also found, for an impressive number of
different glass formers, in experiments when comparing the results of extrapola-
tions of the structural relaxation time and of transport coefficients with that of
the cooling rate dependence of the entropy (34). The agreement of Tk and Tp is
usually interpreted as a clear evidence for an underlying (thermodynamic) glass
transition which is hidden in the experimentally inaccessible temperature range,
but the signature of which becomes visible at (the cooling rate dependent) T.
However, the present simulation results challenge this view because an extension
of the Vogel-Fulcher fit to lower temperatures makes Ty drop significantly (see next
section). Similar results are also obtained in the above mentioned simulation on
silica glass (32). This finding raises the question whether Tx =~ Tp is merely a
consequence of the fact that different quantities are monitored over a comparable
time interval. Of course, experiments use considerably larger time intervals for
the extrapolation, which should make the outcome much more reliable. But still
the extrapolation has to cover many orders of magnitude in time (below Tg), and
quite generally the predictions of extrapolations are the less accurate, the larger
the range is they have to cover. Perhaps the established Vogel-Fulcher (or Kauz-
mann) temperature is therefore not a characteristic material constant of a (fragile)
glass former, but only a consequence of an empirical, though very expedient, high
temperature description of the structural relaxation. A recent experimental re-
analysis of the temperature dependence of the structural relaxation time for a
variety of glass formers (35,36) admits the same interpretation. This study shows
that for some glass formers a high temperature Vogel-Fulcher fit is possible, which
overestimates the traditional Vogel-Fulcher temperature considerably.

Physical Aging Behavior

The discussion of the previous section suggests that the model should exhibit phys-
ical aging in the temperature range where cooling rate effects are pronounced. Dat-
ing back to the pioneering work by Struik (9), “physical aging” means the change
of the properties of the glassy state with increasing annealing time in a certain
temperature region below T;. This temperature interval is limited from below by
a temperature Ty,;n, below which the glass can be considered as a (disordered equi-
librium) solid for all practical purposes (no further structural relaxation), and from
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above by a temperature Tiax (Tmax ~ Tg), above which all non-equilibrium effects
vanish. Whereas this temperature interval is essentially limited to temperatures
below T in experiments, one expects it to extend into the supercooled region far
above T in simulations due to rapid cooling.

An Example: The Radius of Gyration. Figure 5 (37) exemplifies this expec-
tation for the present model. The figure compares the temperature dependence of
the radius of gyration RZ for the fastest (I'q = 4 x 107°) and the slowest cooling
rate ([q = 4 x 1077) studied in the previous section with that obtained after
annealing the melt for 4 x 105 MCS’s at each temperature. This annealing time
is about two orders of magnitude larger than the cooling time needed to cross
the temperature interval 0.1 < T < 0.6 for I'q = 4 x 10~3, but comparable to
that needed to cross the same temperature interval for I'q = 4 x 10~7. Therefore
one expects pronounced effects for the fastest cooling rate. Figure 5 shows that
the influence of annealing becomes visible at Tiax ~ 0.5 > T,. Indeed, the fixed
annealing time is sufficient for the configurations prepared by the fastest cooling
rate to adapt to the temperature of the ambient heat bath for 0.3 < T < 0.5 so
that all aged data collapse onto a common (equilibrium) curve. For smaller tem-
peratures, however, the effects of the finite cooling time emerge again. Depending
on the originally used cooling rate, the aged curves first pass through a maximum
(at T ~ 0.25 for ['q = 4% 107 and at T ~ 0.2 for 'q = 4 x 10~7) and then return
to the initial data. Below Ty, = 0.1 the applied annealing has no discernible
effect. These low temperature configurations represent the frozen solid phase in
practice. Qualitatively, these results are therefore comparable to those obtained
in experiments. In addition, they show that very slow inital cooling is superior to
fast initial quenching followed by long annealing runs to generate configurations
close to equilibrium.

Andrade Behavior. In order to investigate the influence of different aging times
the annealing was extended over one decade to longer times in the temperature
interval 0.17 < T < 0.23. Figure 6 (37) exemplifies the results for the radius of
gyration (starting configuration: data of I'q = 4 x 10~7). The non-equilibrium
state of the melt in this temperature region becomes obvious from the figure.
Whereas R2 should increase with decreasing temperature (stiffening of the chains),
the opposite temperature dependence is observed at all annealing times. Therefore
the studied range of annealing times is still much shorter than the actual relaxation
time of Rg in this temperature range. Motivated by experimental findings (9), we
tried to describe the increase of Rg with the annealing time ¢ by

/
RX(T,t) = RY(T,0) [1 + (i)l 3] , (4)

Tg

which is supposed to be valid for ¢/7; < 1. Equation (4) implies a time-temperature
superposition principle (1,7,8) for the aging properties of a glass former at short
annealing times. The solid lines in Figure 6 show that equation (4) actually pro-
vides a good description, yielding an Arrhenius-like temperature dependence of
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Figure 5. Temperature dependence of the radius of gyration, Rg, for different
cooling rates, I'q, and aging times (N = 10, d = 3). The data labeled “not aged” are
generated by cooling the melt according to equation 1 with I'q-values as specified
in the figure. The data labeled “aged” are the results obtained after aging the melt
for 4 x 105 MCS’s at each temperature. From (37).
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Figure 6. Dependence of the radius of gyration Rg on the aging time for different
temperatures. The solid curves are fits to equation 4. From (37).
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the relaxation time 7, (see Figure 7 (37)). This quantitative description does not
only work for the radius of gyration, but also for quantities sensitive to shorter
length scales, such as the bond length or the bond angle (data not shown here)
(37). It therefore seems to represent the general short-time aging behavior of the
present model in the temperature region close to Tg.

Physical Aging and Correlation Functions. Another consequence of physical
aging is shown in Figure 8. The figure depicts the dependence of a correlation
function, of the incoherent intermediate scattering function ®3(t), on the extent
to which the initial configuration (i.e., the configuration at ¢ = 0) was aged.
The curves were obtained by first cooling the melt from infinite temperature to
T = 0.16 and then equilibrating further for a certain time period to generate
the initial configuration, from which ®3(t) was calculated at the maximum of the
static structure factor (i.e., at ¢ = 2.92 measured in units of the lattice constant)
according to

M
(1) = 37 3 [(cos albra(t) = r(O))] (5

The sum in equation (5) runs over all monomers in the melt, which are at time ¢
at position 7n,(t), and the symbols (e) and [e], stand for the thermal average over
the monomer positions (38-40) and the lattice analogue of a spherical average in
the continuous reciprocal space (16). The aging time of the initial configuration is
then defined as the sum of the cooling time to reach T' = 0.16 and the subsequent
equilibration time. For the lowest, middle and upper curves it was 6 x 103 MCS’s,
4 x 10% MCS’s and 1.4 x 107 MCS'’s, respectively.

From the figure two conclusions may be drawn: First, the better the initial
equilibration, the longer the (final) structural relaxation time. Similar results are
also observed in simulations of spin glasses (41) and spin systems without per-
manent frustration (42), for which analytical theories have been proposed, which
can (partly) rationalize these findings (43-45), as well as in molecular dynamics
simulations of a glassy binary Lennard-Jones mixture (46). Second, not only quan-
titative, but also qualitative properties of the relaxation behavior may be blurred
by non-equilibrium effects. Whereas the upper two curves clearly show a two-step
decay, this feature is completely missing in the lower, least aged curve. Again,
this observation finds - to some extent — its counterpart in the above mentioned
molecular dynamics study. Since the two-step relaxation of ®;(t) is a major pre-
diction of the mode-coupling approach to the structural glass transition (7,8,38),
our simulation data stress how important careful equilibration is if one wants to
test this modern (and any other equilibrium) theory.

Equilibrium Dynamic Properties

By virtue of the slithering-snake algorithm it is (hitherto) possible to remove all
non-equilibrium effects up to T =~ 0.16 so that one can study the equilibrium
dynamic properties of the model in the supercooled state. During supercooling the
structural relaxation time increases over several orders of magnitude, and dynamic
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Figure 7. Arrhenius plot of the characteristic aging time 7, of equation (4) for
the radius of gyration. From (37).
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Figure 8. Comparison of the decay of ®}(t) calculated at T = 0.16 and ¢ = 2.92
after the melt has been equilibrated for 6 x 103 MCS’s (¢), 4 x 108 MCS’s (+) and
1.4 x 107 MCS’s (O). Whereas a two-step relaxation process is completely hidden
by non-equilibrium effects for the curve with the smallest equilibration time, such
a two-step process is visible after 4 x 106 MCS’s and remains present, if the melt is
further equilibrated. From (40).
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correlation functions become strongly stretched. These features are not specific to
polymer melts, but typical of all (fragile) glassforming systems (47).

The theoretical concepts to rationalize these generic properties are still rather
controversial. An often advocated view is that the dynamic behavior in the su-
percooled state reflects the growth of some kind of spatial correlations which are
supposed to become long-range close to the glass transition temperature T;. It is
speculated that the molecules of the glass former group into clusters which perco-
late at the (thermodynamic) glass transition (i.e., at Ty < Tg) (48-50). However,
up to now the evidence to support this speculation by experiments (51,52) or
simulations (28) is still fairly limited.

On the other hand, the mode-coupling approach to the structural glass tran-
sition (7,8,38) challenges the idea of the formation of growing clusters. It rather
explains the glassy behavior as a purely dynamic phenomenon, which is caused
by an underlying critical temperature T, > Tg, without that a length scale si-
multaneously increases. Although many of the theoretical predictions are found in
experiments and simulations (28,38,47), it is still a matter of debate to what extent
the present state of the theory can describe the dynamic behavior in the super-
cooled state (for instance, the temperature dependence of the structural relaxation
time (35,36)).

In this section we want to present various results, by which we tried to test
some of the above sketched theoretical ideas with our model.

An Example: The End-to-End Vector Correlation Function. In order to
exemplify the strong increase of the structural relaxation time during supercooling
Figure 9 shows a scaling plot of the end-to-end vector correlation function (53).
This correlation function is defined by

(R(t)R(0)) — (R(t))(R(0)) (6)

eell) = RO - RO

where R(t) is the vector joining the ends of a chain at time ¢. From the Rouse
model (see (21,22) and below) one expects ®ee(t) to exhibit a time-temperature
superposition property for all times. This means that the shape of ®e(t) remains
unaffected by a variation of temperature. Only the relaxation time, 7, changes
80 that Pete(t) can be written as Pete(t) = Pete(t/7ete). Figure 9 shows that this
expectation is borne out by the simulation data in the temperature interval from
T = 0.23 (moderately supercooled) to T' = 1.0 (normal liquid-like), and that the
master curve can be well described by a stretched exponential function,

B (t) = exp [- (-Tt—)ﬂn] , (7)

ete

with Bg = 0.67. The scaling was obtained by shifting the correlation functions,
calculated at different temperatures, onto an arbitrarily chosen reference curve
(T = 0.4 in this case). Such a time-temperature superposition property is also
found for other correlation functions, such as for the Rouse modes (see below)
and for the intermediate scattering function at late times (53). Whereas the
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Figure 9. Scaling plot of the end-to-end vector correlation function. The scal-
ing time, 7ete, is defined as the factor which is needed to shift the curves for
T = 0.23,0.27,0.35,0.50,0.60, 1.00 onto the curve for T = 0.40 (arbitrarily cho-
sen reference curve). The figure also includes a stretched exponential fit shown as
a dotted line (stretching exponent Sg = 0.67). From (53).

latter finding agrees with one of the predictions of the idealized mode-coupling
theory (7,8,38) and may thus be interpreted as a result of the glassy dynamics,
the superposition of @ (t) or of the Rouse-mode correlation function is rather a
consequence of the chain connectivity. Contrary to simulations for simple liquids
(28,55,56), it is therefore not easy to distinguish for the present model between a
glassy or a polymeric origin of this property.

Temperature Dependence of the Relaxation Time. The temperature
dependence of the resulting relaxation time is depicted in Figure 10 and compared
with that of the chain’s diffusion coefficient D. In the studied temperature in-
terval both 1/7¢. and D decrease by about 2 — 3 orders of magnitude, and their
temperature dependence can be fairly well fitted by a Vogel-Fulcher equation (see
equation 3). The fit results yield different amplitude factors, but (almost) the
same Vogel-Fulcher activation energy (C = 0.76 for D, C = 0.77 for 1/7..) and
Vogel-Fulcher temperature (Ty ~ 0.129 for D, Ty ~ 0.132 for 1/7.). That the
values of C and T agree for both quantities is expected (and gratifying) because
the Vogel-Fulcher activation energy and temperature should be characteristic of
the glassy properties of the melt and independent of the quantity from which they
are determined.
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Figure 10. Comparison of the temperature dependence of the chain’s diffusion
coefficient, D (x), and the end-to-end vector scaling time, 7ete (). Both quantities
can be fitted by a Vogel-Fulcher equation (solid lines). Within the error bars the
Vogel-Fulcher activation energy and temperature agree with each other for D and
Tete- From (53).

One of the theoretical concepts to explain the strong increase of the structural
relaxation time is to assume a static glass correlation length &, which grows beyond
any bound as (an ideal) Ty (i.e., Tp) is reached, and which scales with the relaxation
time as £* (z is a (constant) dynamic critical exponent). Such a relationship is
found for spin glasses (57). Motivated by that finding one could try to reveal
the presence of £ for structural glasses by measuring, for instance, the diffusion
coefficient for different lattice sizes L. Since D oc 77! ~ 7%, one expects D to level
off as soon as £ ~ L. Such a test is shown in Figure 11 for L = 5 — 30 (Binder,
K.; Baschnagel, J.; Boéhmer, S.; Paul, W. Phil. Mag. B, in press.). Obviously,
there is no pronounced effect on D, at least in the studied temperature window.
Therefore we must conclude that if there is a growing glass correlation length in
our model, it does not couple to the diffusion coefficient. However, there might
be other collective time scales feeling the growth of &, just as in a critical binary
mixture, where the collective diffusion and not the sclf-diffusion, measured here,
is affected. A possible test of this conjecture would be to calculate the coherent
intermediate scattering function, for instance, and to determine the dependence of
its final structural relaxation time on L.
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Figure 11. Self-diffusion coefficient plotted vs. temperature, for several lattice
sizes. The solid and the dotted line are fits to the Vogel-Fulcher and Adam-Gibbs
equation, respectively. From (Binder, K.; Baschnagel, J.; Bohmer, S.; Paul, W.
Phil. Mag. B, in press.).

Figure 11 also reproduces the Vogel-Fulcher fit of Figure 10 and additionally
shows a fit to the Adam-Gibbs equation (48),

c

D x exp [ TS(T)] , (8)
where S(T') was calculated by an analytical approximation which is accurate in the
studied temperature interval (54). In this interval the Adam-Gibbs formula fits the
diffusion coefficient (at least) as well as the Vogel-Fulcher equation. Since a com-
parison of the simulated entropy with the Gibbs-Di Marzio theory (see (19,58)),
suggested S(T) > 0 for all finite temperatures and thus To = 0 on the basis of
the Adam-Gibbs theory, the comparable fit quality of the Vogel-Fulcher and the
Adam-Gibbs formula shows that accurate diffusion data at much lower tempera-
tures would be required to distinguish between them or to rule them out.

Rouse Model. In 1953 P. E. Rouse proposed a simple model to describe the dy-
namics of a polymer chain in dilute solution (21,59). The model considers the chain
as a sequence of Brownian particles which are connected by harmonic springs. Be-
ing immersed in a (structureless) solvent the chain experiences a random force by
the incessant collisions with the (infinitesimally small) solvent particles. The ran-
dom force is assumed to act on each monomer separately and to create a monomeric
friction coefficient. The model therefore contains chain connectivity, a local friction
and a local random force. All non-local interactions between monomers distant
along the backbone of the chain, such as excluded-volume or hydrodynamic in-
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teractions, are neglected. This neglect is not justified in dilute solutions (21,22).
However, as the polymer concentration increases, the chains begin to screen both
interactions mutually. Therefore it was conjectured (60) that the Rouse model
could apply to the motion of a polymer in a dense melt. If the polymers are
small (smaller than the entanglement length), there are many evidences in favor
of this conjecture from experiments (61-63) and simulations (64,65). Therefore it
is generally assumed that the Rouse (or a Rouse-like) model accurately describes
the essential (long-time) dynamic properties of short chains in dense melts at high
temperatures. It is an interesting question to what extent this remains true if the
melt is progressively supercooled towards its glass transition.

Analysis of the Rouse Modes. In order to test the applicability of the
Rouse model we calculated the basic quantities, the Rouse modes, and compared
the simulation results with the theoretical predictions. The Rouse modes are
defined as the cosine transforms of the position vectors, r,, to the monomers. For
the discrete polymer model under consideration they can be written as (66)

X,(t)=-]-:,-irn(t)cos[(l——lNL2lplr-] , p=0,...,N-1. 9

n=1

The time-correlation function of the Rouse modes is given by

Bpq(t) = (X,(£) X 4(0)) = (X,(0)X,(0)) exp [_1'_(tT_)] , p=1,...,N—1 (10)

with (p,q #0)
B B _ ¢(r)e?
X 0Xo0) = srmrampE 24 (1) = o Tisin(pn /2P
(11)

where b and ( are the effective bond length (only weakly temperature dependent)
and the monomeric friction coefficient, respectively. According to equations 10 and
11 the Rouse modes should have the following properties: (1.) They are orthogonal
at all times. (2.) Their correlation function decays exponentially. (3.) The
normalized correlation functions for different mode indices, p, and temperatures
can be scaled onto a common master curve when the time axis is divided by 7,(T).
Let us see to what extent these properties are realized by the studied model.
Figure 12 depicts, as a representative example, the initial correlation function,
®,,(0), p=1,...,9, to test the orthogonality of the Rouse modes. It shows that
the modes remain statically uncorrelated down to the lowest studied temperatures.
In the normal high temperature state of the melt this result is either assumed due
to the good agreement of theoretical predictions, derived from the Rouse modes,
with experiments and simulations or verified directly by simulations (65). How-
ever, for supercooled melts the orthogonality of the Rouse modes has, to the best of
our knowledge, not been observed before. Of course, the lowest temperature of our
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Figure 12. Test of the orthogonality of the Rouse modes at ¢ = 0 for various
temperatures ranging from the normal liquid-like (T' = 0.6) to the moderately
supercooled regime (T = 0.23). The figure shows a representative example for the
correlation of the first Rouse mode with all modes (except p = 0), i.e., ®1,(0) for
p=1,...,9. From (53).

simulation, T' = 0.23, still belongs to the moderately supercooled regime which is
yet outside the temperature interval, where mode-coupling effects become visible.
This interval starts at T = 0.21 (see below and (39,40)). Therefore the present
study cannot exclude that static correlations among the Rouse modes might de-
velop when the temperature is further decreased into this interval. Whether this
is true or not remains to be answered by future work. But we note that from high
temperatures to T = 0.23 the relaxation times have already increased by about
three decades.

Figure 13 tests another prediction of the Rouse model, the time-temperature
superposition property. Again, a representative example is shown, i.e., the corre-
lation function of the third Rouse mode. As the theory anticipates, it is indeed
possible to superimpose the simulation data, obtained at different temperatures,
onto a common master curve by rescaling the time axis. The required scaling
time, 73, is defined by the condition ®,,(73) = 0.4. The choice of this condition
is arbitrary. Since the Rouse model predicts that the correlation function satisfies
equation (10) for all times, any oiher value of ®,,(t) could have been used to define
73. This scaling behavior is in accordance with the theory. However, contrary to
the theory, the correlation functions do not decay as a simple exponential, but as
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Figure 13. Time-temperature superposition property for the Rouse mode cor-
relation function, exemplified by the third mode, ®33(t), for the temperatures
T = 0.23, 0.25, 0.27, 0.30, 0.40 and 0.60. The decay of the master curve is stretched
(stretching exponent A3 = 0.8). From (53).

a stretched exponential function with a stretching exponent, f,, that depends on
the mode index p. Figure 14 shows that the exponent increases with increasing
p (B = 0.88 for p = 1 and fs ~ 0.74 for p = 6). Since the pth mode probes
the dynamic processes of subchains of size N/p, the latter result implies that the
motion of a subchain is the more cooperative, the smaller the subchain if one in-
terpretes a decrease of 3, as an increase of cooperativity. A possible interpretation
of this finding could be that the presence of the surrounding chains strongly influ-
ences the motion of a chain locally, but that this influence diminishes if more and
more monomers are involved. This interpretation also means that the interactions
between the chains in the present model do not merely rescale the monomeric fric-
tion coefficient, as it is inferred from other tests of the Rouse model by simulations
(65), but that they also lead to qualitative deviations from the Rouse description.
Whether this is true is still an open question which deserves more investigations.

Finally, Figure 15 shows the temperature dependence of the inverse relaxation
time for the first three Rouse modes. As for the diffusion coefficient and the

relaxation time of the end-to-end vector, 1/7, decreases by about 2 — 3 orders of
magnitude in the studied temperature interval and may be fitted by the Vogel-
Fulcher equation with a common (but, compared to D and 1/7x, slightly higher)
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Figure 14. Attempt to scale the Rouse-mode correlation functions for different
mode indices, p = 1,...,6, at a given temperature (here T = 0.23). The decay of
the curves is always stretched, and the degree of stretching increases with increasing
p. From (53).

activation energy (C =~ 0.86) and Vogel-Fulcher temperature (Tj =~ 0.127). These
results, taken together with those for D and 1/7g, suggest that the Vogel-Fulcher
temperature of the model lies around T = 0.12 — 0.13.

Mode-Coupling Analysis

During the last twelve years a new theoretical approach to the structural glass
transition, the mode-coupling theory (MCT) (38), has been developed. The phys-
ical picture of this theory may be summarized as follows: Particles in a liquid sit in
cages formed by their neighbors. For temperatures close to the triple point the en-
closed particles can easily leave the cages. This mobility entails a short structural
relaxation time. If the liquid is supercooled, the cages gradually tighten. Thus the
structural relaxation time increases and would diverge at a critical temperature
T (T, > T in general), if the relaxation was only determined by the cage effect.
However, most glass formers do not freeze completely at T,. Additional transport
processes become therefore effective close to and below T,. MCT provides such
an additional relaxation channel in terms of hopping processes. The version of the
theory which deals with the interplay of cage effect and hopping processes is called
extended MCT to distinguish it from the idealized MCT which ignores the hopping
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Figure 15. Temperature dependerce of the Rouse-mode relaxation times for the
first three Rouse modes, p = 1,2, 3, and comparison with the Vogel-Fulcher equation
(solid lines). As for D and 7ee (see Figure 9), the Vogel-Fulcher activation energy
and temperature agree for the three relaxation times reasonably well. From (53).

contributions. The appeal of the theory stems from the fact that it derives novel
general predictions about the structural relaxation of supercooled liquids in the
vicinity of T,, which may be tested quantitatively in experiments and simulations
(for reviews see (38,28) and Kob, W. In Ezperimental and Theoretical Approaches
to Supercooled Liquids: Advances and Novels; Fourkas, J., Kivelson, D., Mohanty,
U., Nelson, K., Eds.; ACS Books: Washington, DC, 1997; in press.).

Extended MCT-Analysis of the Incoherent Scattering Function. Such
a test was performed for the present model. The main results are: (1.) At low
temperatures there is an intermediate time window (f-relaxation regime), in which
the incoherent intermediate scattering function ®(t) exhibits a two-step relaxation
(see Figure 16). (2.) If analyzed by the idealized MCT, the studied temperature
interval is split into high- and low-temperature parts. At high temperatures the
idealized theory accurately describes the decay of ®3(t) in the -relaxation regime,
whereas at low temperatures it overestimates the freezing tendency of the melt
at long times (38,39). (3.) This discrepancy can be removed quantitatively by
the extended MCT. The result is presented in Figure 16 (38,40). Although the
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Figure 16. Incoherent intermediate scattering function, ¢:(t), versus the loga-
rithm of time (solid lines) for the temperatures T' = 0.16,0.17,0.18, 0.19, 0.20,0.21
(temperature increases from right to left in the figure). The dashed lines are fits by
the extended mode-coupling theory. From (40).

extended analysis improves the fit considerably, it does not change the idealized
fit results of the essential theoretical parameters. The fit shown in Figure 16
contains five open parameters, four of which are temperature independent. The
temperature dependence enters only via the microscopic time scale, determined
from the initial decay of ®$(t) before the S-relaxation window by a fit with the
Rouse model, and via the reduced distance to the critical point, T' — T,. The fit
result for the critical mode-coupling temperature is T, &~ 0.15, which is larger than

Ty, as in experiments. (4.) In addition, the relaxation of ®3(t) at times before
and after the S-relaxation window can be fitted by the Rouse-theory and by a
Kohlrausch function with a temperature independent exponent (time-temperature
superposition principle), respectively (39,40).

Conclusions

The bond-fluctuation model, combined with a simple two-level energy function
which favors long bonds, reproduces many features of experimental glass formers.
As the temperature decreases, the structural relaxation time increases by several
orders of magnitude so that the melt freezes on the time scale of the simulation
in an amorphous structure as soon as the relaxation time becomes comparable to
the inverse cooling rate. The corresponding freezing temperatures depends non-
linearly on the logarithm of the cooling rate. If the melt is further equilibrated in
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this low temperature regime, it ages physically. The physical aging of the model
is an extremely stretched process, the initial stage of which is compatible with an
Andrade behavior, implying an aging-time-temperature superposition property.
Circumventing this slow relaxation by the slithering-snake algorithm, it is possible
to study the equilibrium dynamic behavior of the model in the supercooled state.
The supercooled dynamics is characterized by stretched relaxation functions, by
the time-temperature superposition property (at least at late times) and by a
non-Arrhenius-like increase of the structural relaxation time.

These phenomenological features were compared with several theoretical ideas.
The non-Arrhenius-like increase of the structural relaxation time is compatible
with both a Vogel-Fulcher and an Adam-Gibbs equation, but does not seem to be
connected to a growing glass correlation length. The absence of such a correlation
length is a result of the mode-coupling approach to the structural glass transition,
which provides a fairly accurate description of the incoherent scattering function
above the critical temperature. Drawbacks of this MCT analysis are still that
the analysis can at present not be extended to temperatures below T, that an
understanding of the fit parameters in terms of the model’s properties is missing,
and that it is unclear whether and - if yes — how the mode-coupling effects, which
cause the two-step relaxation of ®%(t), also emerge in other (more polymeric)
relaxation functions.
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Chapter 5
The Thermal Glass Transition Beyond the Time Trap

K.-P. Bohn, and J. K. Kriiger

FB 10.2 Experimentalphysik, Universitiit des Saarlandes, 66041 Saabriicken,
Germany

High performance Brillouin spectroscopy was used to investigate the
temperature dependent behavior of the longitudinal acoustic mode, the
refractive index, and the hypersonic longitudinal mode Griineisen
parameter around the quasi-static glass transition temperature T, of
Polyvinylacetate. In the glass transition zone the longitudinal mode
Grilneisen Parameter y;, shows an apparent anomaly with a step-like
anomaly. Whereas the temperature position of this anomaly clearly
depends on the thermal history of the sample, the amplitude
AL =v(T>Tg) -y (T <Tg) does not. Additional studies of the
coupling between the a-process and the thermal glass transition of
epoxies will be presented. As a sensitive measure for a-relaxations we
introduce the opto-acoustic dispersion function. We show that close but
above T, the related relaxation spectrum still contains components
within the microwave frequency region and finally is truncated by the
thermal glass transition.

In literature, the nature of the thermal glass transition (TGT) from the liquid to the
glassy state as well as the nature of the glassy state itself still are a matter of debate (/
- 15). The main difficulties in understanding the TGT are extremely slow kinetic and
relaxation processes in the vicinity of T,, which generally interfere with typical
experimental time scales and which therefore are not at all easy to measure. As a
consequence the main questions in the understanding of the nature of the TGT are: i)
does the TGT simply reflect an unavoidable cross-over of intrinsic relaxation times
with typical time constraints of the experimental technique and the scientist’s patience
("time trap") or ii) does there exist an underlying phase transition beyond the "time
trap" describing a glass transition into an ideal glassy state (/) ?

As an experimental approach to investigate the temperature behavior of
extremely slow structural glass relaxation processes (a-relaxation) we resently
presented measurements with time domain Brillouin spectroscopy (TDBS) performed

78 ©1998 American Chemical Society
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in the glass transition region of Polyvinylacetate (PVAC) (/4, 15). In the gigahertz
regime this special application of Brillouin spectrosopy is able to measure the
temporal evolution of the longitudinal frequency f;, after a temperature perturbance
AT =T;-Tj+ (j=0,1, ...) of the sample. The temperature behavoir of the relaxation
process was deduced from the temporal evolution of the longitudinal hypersonic
frequency f after a series of temperature perturbances AT of the sample starting at a
temperature T, well above the glass transition. The temporal evolution of f; after a
temperature jump from T; to Tj+; could be described by a Kohlrausch-Williams-Watts
(KWW) function (I6) fi(t)=1£,°— (f.°- ') - exp{-(t/0)’}, where t is the time, t
denotes the relaxation time, B is a parameter describing the relaxation time
distribution, f;' is the instantaneous frequency response, and f;” is the fully relaxed
frequency. Figure 1a shows a typical relaxation curve fi(t) after a temperature jump
from 303.1 K to 300.4 K. A new temperature jump from T; to Tj+; was started after the
hypersonic frequency f; of the sample has reached a constant value fi;* at T;. The
resulting f; data are shown in Figure 2a as a function of temperature. f;*(T) shows a
kink at the operative glass transition temperature T, =297.3 K. The only data point
below T, showing a relaxation behavior (T =294.6K) does not relax to the
extrapolated frequency value £.(294.6 K) of the liquid.

From the fit parameters © and B of the KWW function the related mean
relaxation time (t) can be calculated. The relaxation frequencies f; = ()" are shown in
Figure 1b. In contrast to the Vogel-Fulcher-Tamman (VFT) behavior (/7-19) of many
glass formers the data of the relaxation frequencies show an Arrhenius-like behavior
ending at T = 294.6 K (® in Figure 1b). This behavior clearly indicates a cut-off of the
related relaxation process at the TGT and leads to the conclusion that an underlying
transition from the equilibrium liquid phase into a non-ergodic glass phase really
exists (14, 15). Following the idea of a cross-over effect causing the glass transition
we forced the KWW fit at T=2946K to the extrapolated frequency value
£.(294.6 K). Then however the resulting relaxation frequency (O in Figure 1b)
deviates by two orders of magnitude from the Arrhenius behavior.

. In the liquid state the instantaneous hypersonic frequency response per Kelvin,
g = (fuj«' — fi;°)/AT, was found to equal Afi/AT of the glassy state (14, 15). The
frequency response resulting from the temperature step from T=297.5K (> Tj) to
T=294.6 K (< T,) however revealed a g' (294.6 K) which is too small compared to
the respective values of the liquid and the glassy state (14, 15).

From this discrepancy of g' close but below Ty, the kink anomaly of f(T), and
the cut-off of the Arrhenius-like behavior of the relaxations, a model of an intrinsic
glass transition was developed (/4, 15): due to an instantaneous coagulation of
clusters of minimal free volume at the intrinsic glass transition temperature Ty a
network of coagulated cluster chains is built. The last relaxation of f. below T results
from the ultimate freezing of the residual liquid in the voids of the cluster network.
Following the suggested coagulation model, the discontinuity in g' disappears if Tg,
becomes the target of a temperature jump from above — only in this case Ty = T
holds.

As an independent experiment to verify the findings of the TDBS we also
performed quasi adiabatic measurements of the specific heat capacity c, (/4) using
modulated differential scanning calorimetry (MDSC) (20-22). Usually the glass
transition is characterized by a step like behavior of c,(T). The thermal glass transition
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Figure 1. a) Relaxing part of the sound frequency after a temperature jump from
T=303.1K to T=300.4K as a function of time. b) Arrhenius plot of the main
structural glass relaxation frequencies f;.
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temperature Ts""l measured by calorimetry often is defined by the inflection point of
the c,(T) curve. From our MDSC data (Figure 2c) we found i) that the ¢, transition
interval is by a factor of about 5 larger than that of the TDBS measurements and ii)
that the intrinsic glass transition temperature T, is reflected by the temperature where
the c,(T) curve merges with its low temperature asymptote G* (see the residuals
¢(T) - G*(T) in (14)). Even at quasi adiabatic measurements T,;’"l was found to be
about 16 K above Tg,. In the case of PVAC the caloric glass transition temperature
therefore is not related to the intrinsic glass transition directly. The behavior of ¢,(T)
in the T, region however is a clear sign of the stability limit of the glassy state at T;.
The increase of c,(T) above Ty, simply reflects the increasing amount of Brownian
motion at temperatures T > T,,. Hence the MDSC results support the idea of an
intrinsic glass transition in PVAC.

From the interpretation of the intrinsic glass transition as a hidden phase
transition there arises the question about the order parameter (OP). As the glass
transition mainly affects the mechanical properties (see Figures 1a and 2a) one could
argue that these properties couple to the susceptibility of the hypothetical OP. In the
case of spin glasses the linear order parameter susceptibilities just show a cusp like
behavior at T,. The nonlinear OP susceptibilities however have been found to diverge
in the vicinity of the glass transition temperature (23). Therefore we present studies of
nonlinear elastic properties of PVAC at the glass transition. As nonlinear elastic
properties usually are not easy to measure we investigate the longitudinal mode
Griineisen parameter y, (LMGP) (24). This quantity reflects nonlinear elastic
properties on the one hand (25) and can be determined exclusively from Brillouin
spectroscopic data (7, 9).

In addition to the investigations of the influence of the glass transition on the
LMGP of PVAC we study the coupling between the a-process and the thermal glass
transition in a glass-forming mixture of epoxies (EPON) by means of the opto-
acoustic dispersion function (OADF). Elastic properties of EPON are published in
(31). We will show that the certain temperature behavior of the OADF in the glass
transition region of EPON supports the suggested transition hypothesis. We shall
demonstrate that the a-relaxation spectrum measured at Brillouin frequencies extends
until T, but is truncated by the TGT.

Experimental

Sample Preparation. The Polyvinylacetate under study is the same atactic polymer
recently investigated with time domain Brillouin spectroscopy (/4, 15). PVAC
belongs to the class of ideal glass formers as it shows a glass transition but does not
crystallize on any time scale. Above its glass transition PVAC therefore can be held in
thermal equilibrium even on the time scale of the involved glass relaxation process.
The molecular weight of PVAC is M,, =91 kg/mole. A plate like sample of 1 mm
thickness and 12 mm diameter was well annealed in an oven under vacuum. In order
to get a stress free sample with optical quality of the relevant surfaces we pressed the
sample between two plates of silicon rubber having surfaces of optical quality. The
plate like sample was put into a special cuvette having inner dimensions slightly larger
(10 um) than the sample disk. From earlier investigations of the glass transition of
Polymethylmethacrylate and Polystyrene (7, 8) it is evident that every mechanical
constraint imposed from outside the sample seriously influences mechanical and
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Figure 2. a) fi measured on cooling using TDBS (see (/4, 15)), b) longitudinal
mode Griineisen parameter (see (33, 34)), c) specific heat capacity measured with
quasi-adiabatic MDSC. G": linear behavior of c(T) in the glassy state; Ty
intrinsic glass transition temperature: Tg‘”': caloric glass transition temperature.
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thermal properties at the glass transition. In order to avoid such constraints (e.g.
sticking of the sample to the sample holder) we embedded the sample in a thin film of
partially polymerized silicon rubber. The degree of polymerization was chosen as such
high that the molecules of the resulting viscous liquid could not penetrate into the
PVAC sample but that the liquid was fluid enough to remove every friction between
the cuvette and the sample. Prior to the Brillouin measurements the sample was aged
within its sample holder at T, during several months and then slowly cooled down to
about 240 K. The inspection of the sample with an optical microscope and with a laser
beam gave no hints for swelling due to penetration of the partially polymerized silicon
rubber.

The epoxy under study is a mixture consisting of Diglycidyl ether of bisphenol
A,

e o
CHp CHCHp o-@—c—@—ocuzcncuz O—@—C-@-OCHzCHCHz
\/ | [ | \/
o CHy oH |, CH3 o

(EPON) with a known distribution of molecular weights: 86% n=0, 13% n=1, 1%
n =2, First acoustic results have been reported previously (3/). For the measurements
of the OADF the fluid sample was put into a special cuvette of about 1 mm thickness
and a diameter of 12 mm. The inner surfaces of the cuvette had a special coating in
order to avoid any sticking of the glass forming sample. Thus the sample surfaces had
a high optical quality in the entire temperature range of the investigations.

Brillouin Measurements. Our Brillouin measurements were made either on stepwise
heating or stepwise cooling. The measurements on PVAC have been performed with a
five-pass Fabry-Pérot spectrometer. In the case of EPON we used a six-pass tandem
Fabry-Pérot spectrometer. Both spectrometers are described elsewhere (9). In order to
obtain a high resolution together with the required long time stability the temperature
of the spectrometer including the spectrometer control was stabilized to better than
0.1 K. Moreover, the spectrometer control including the temperature control of the
sample, the data collection procedure and the evaluation of the data has been
completely automated yielding immediately the final Brillouin data after each
measurement. The spectrometer is able to run completely stable without the need of
any human interaction over many months (7, 9). The sample was positioned within a
home-made top-loading thermostat. The temperature control was maintained with a
PID-controller (ITC-4, Oxford Instruments) using a Rhodium-Iron resistance. The
temperature of the sample was measured with a thin chromel-alumel thermo-couple
positioned within the sample slightly above the scattering volume. In order to control
the influence of local heating the sample by the laser beam we made Brillouin
measurements as a function of the laser power. The final Brillouin measurements
were performed with an incident laser power of about 10 mW.

Results and Discussion

Longitudinal Mode Griineisen Parameter of PVAC. In an isotropic solid the
longitudinal mode Grineisen parameter (LMGP) vy, relates the frequency fi of a
longitudinal sound mode of a given wave vector q to the mass density p of the sample
(24-26).
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(@) = (@ 1In fi(Q))/(31n p). )
In literature (25-30) it is anticipated that i) the concept of the LMGP can be extended

to acoustic waves propagating in liquids, ii) the LMGP varies only slightly in a given
phase, and iii) the LMGP of a liquid still reflects the anharmonic properties of the
material.

The determination of y; needs the knowledge of the sound frequency fi(q) at a
given wave vector q as a function of the mass density p. The 90A-scattering geometry
fulfills exactly the measurement condition for f;(q) because ¢”* = 17.271 10 nm™ is
strictly constant, even if the temperature varies. The change of fi(q) and p may be
induced by pressure or temperature changes. We have chosen the second method. The
temperature dependence of p may be determined independently from the hypersonic
frequency measurements or, alternatively, can be deduced exclusively from Brillouin
measurements. The advantage of the latter method is that all information is obtained
simultaneously from the same small information volume of only 107 cm’, i.e. all data
suffer exactly the same thermal history and ambiguities about different preparation
conditions are avoided. The calculation of the mass density from the longitudinal
frequencies £ and £f;°®, measured in 90A and 90R scattering geometry
respectively, with the help of the opto acoustic dispersion function (9) and the Lorenz-
Lorentz equation (32) is described in (33, 34).

The calculated LMGP y. of PVAC is shown in Figure 2b as a function of
temperature. y,(T) indicates a kind of discontinuous behavior in the glass transition
region. y(T) is higher in the liquid phase than in the glassy phase, indicating a
stronger anharmonicity within the glassy state. The step like anomaly in v (T)
indicates a rather abrupt change of the average molecular interaction force at the ideal
glass transition. Whereas y.(T) nearly is constant in the glassy phase, yi(T)
significantly increases in the fluid phase on approachimg the glass transition. From a
comparison to y(T) of other liquids outside the glass transition region (33) we
followed that the negative slope in y(T) above T, of PVAC might be a fingerprint of
the ideal glass transition. In (34) we investigated the influence of different thermal
histories on the LMGP. Whereas the temperature position of the y;(T) anomaly might
be shifted on the temperature axis due to different thermal treatments of the sample,
the difference Ay, = y.(T > Tg) — y(T > T,) was found to be an invariant of the sample
under study. In (33) we found a similar behavior of the thermal Griineisen parameter

Yo = vaBy/c,.

Opto-acoustic Dispersion Function of EPON. Using Brillouin spectroscopy as an
experimental technique to study the static as well as the dynamic glass transition it
turns out, that only the Brillouin frequency f is a sensitive probe for the quasi-static
glass transition whereas the Brillouin linewidth T is not (cf. (9)). Although the
frequency f of a Brillouin line can be measured much more precisely than ist
linewidth T, f as a function of temperature T is rather insensitive in order to detect the
temperature dependent evolution of acoustic relaxations as e.g. that of the a-
relaxation process. A suitable experimental probe for changes of static as well as of
dynamic acoustic properties provides the OADF which can be calculated from the
hypersonic frequencies f*** and f°® measured for the two wave vectors q”** and %,
respectively. Using the scattering geometries 90A and 90R simultaneously, we
measured the hypersonic frequencies £°°* and f*™® (Figure 3) of EPON. As in the case
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Figure 3. Hypersonic frequencies f*** (®) and f*® (O) of EPON as a function of
temperature.

In Structure and Properties of Glassy Polymers; Tant, M., et a.;
ACS Symposium Series; American Chemical Society: Washington, DC, 1999.



October 29, 2012 | http://pubs.acs.org
Publication Date: January 28, 1999 | doi: 10.1021/bk-1998-0710.ch005

86

of other polymers the TGT of EPON is indicated by a defined kink in both hypersonic
frequency curves at T, =247.8 K.
For the OADF D(q9°A, q’®, T) the equation

c (q”“,T) N1
D(q**,¢°*®,T)= ( (T -—)+— 2
holds (c.£. (9)), where ¢'(9**) and ¢'(¢**) are the real parts of the complex elastic
constant ¢’ for the corresponding wave vectors ¢°** and ¢*®, and n is the refractive
index. D(q T) can be calculated from the frequencies t"o and £} by

D(g™ q™,T)= \/%{(i::_g) +1} 3)

(e.g (9)). In isotropic materials q°** and q°™® are symmetry equivalent real quantities
defined by the scattering angle, the vacuum laser wavelength A, and the phase velocity
of the light w1th1n the sample.

As ¢** is strictly independent of the temperature, equation (2) gives in the fast
motion (2nft << 1) as well as in the slow motion case (2nft >> 1) the refractive index
n(T) at the laser wavelength Ay (c.f. (9)). In the acoustic relaxation regime
D, ¢°%, T) exeeds n(T). In (35) we present different theoretical curves of
D(q”A, q 90R’ , T) calculated under the assumption, that the real part of the complex
elastic constant c'(q, T) can be written in the form c¢'(q, T)=c™(T)-
Ac/{1 + 4n’f%(q, T)t¥(T)}. For the exponent B <1 this formular describes a Cole
davidson function. The relaxation time T was assumed to follow a VFT law. Under
these condmons the OADF deviates from n(T) only well above the TGT and
D(q™*, ¢°%, T) shows a def ned kink at T,. As a typical example for the OADF of
polymers we present D(q***, ¢°%, T) of PVAC in Figure 4.

The OADF of EPON (F igure 5) however behaves quite different from that of
PVAC (Figure 4): Although the sound frequency-curves (anure 3) shows only one
kink, indicative for one TGT at T, = 247.8 K, the measured D(q T)-function
clearly shows a two-maximum structure and a low temperature tall whnch ends
deﬁmtely at T, In (35) we have shown that this behavior of the measured
D(q* T)—data is mcompatlble with a pure relaxation ansatz. The simultaneous
appearance of two D(q A Q" %, T)-peaks indicates the existence of two local a-
relaxators which independently couple to the longitudinal sound mode. Therefore it
seems to us, that the a-relaxations initially are independent of the TGT but that the
onset of the TGT renormalizes the o-processes and definitely truncate them at T,
That means not the slowing down of the a-process drives the TGT but the opposite
case seems to be true. In this sense the ideal glass transition is not due to the cross-
over of intrinsic and experimental time scales although this slowing down influences
the experimental results (14, 15, 33, 34).

Summary

We summarize our results as follows: i) Using TDBS we found a phase transition like
phenomenon at a well defined intrinsic glass transition temperature Tgs. The fully
relaxed longitudinal frequency shows in the limit of infinite small temperature jumps
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Figure 4. Refractive index n(T) and opto-acoustic dispersion function
D(@™*, °®, T) of PVAC (O, W). €. n(T =295K) measured with an Abbé
refractometer at A = 514.5 nm.
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Figure 5. Refractive index n (o, 4) and opto-acoustic dispersion function D9OAR
() of EPON as a function of temperature T. Solid line: refractive index at
A=514.5nm (e, ®: measured with an Abbé refractometer), dashed line:
refractive index for white light (e: measured with an Abbé refractometer).
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a sharp thermoreversible kink at Tgs. ii) The discontinuity in g' at T, disappars if T,
becomes a target of a temperature jump from above. iii) Close to Ty the average
relaxation time of the a-process behaves Arrhenius-like reaching values of about
7-10% s and showing a cut-off. iv) The existence of the intrinsic glass transition is
confirmed by the deviation of the c(T) curve from the linear asymptote at T,
measured under quasi adiabatic conditions by MDSC. v) The transition from the
liquid to the glass is characterized by an anomaly in the LMGP describing a significant
change of the average molecular interaction forces. The position of the anomaly
depends on the thermal history whereas the amplitude of the anomaly is an invariant
of the system. vi) In EPON the onset of the TGT even renomalizes the a-process and
truncates this relaxation process at Tg.
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Chapter 6

Dynamic Monte Carlo Simulation and Dielectric
Measurements of the Effect of Pore Size on Glass
Transition Temperature and the State of the Glass

N. Haralampus', J. P. Northrop', C. Scordalakes', E. Ashmore', W. Martin',
D. Kranbuehl', and P. H. Verdier’

'Department of Chemistry, College of William and Mary,
Williamsburg, VA 23187-8795
*Polymers Division, National Institute of Standards and Technology,
Gaithersburg, MD 20899

Results of experimental and theoretical studies directed at gaining a better
understanding of the effect of confinement on T, are reported. In
experimental studies, the dielectric rotational relaxation spectrum has been
measured for several glass forming small molecules both in the bulk and
in 4 nm porous Vycor glass. Theoretical studies have been conducted
using Monte Carlo simulation techniques to study the effect of
confinement in cavities on the formation of the glassy state as the system
is cooled from the melt using different cooling rates.

With the increasing interest in nanostructures has come an interest in the effect of
confinement on the dynamic behavior and properties of these materials (/-8). Much of
this interest has been generated by the recent studies of Jackson and McKenna (/-2)
which showed that glasses formed in small pores have a lower T, than in the bulk. They
observed further that this reduction in T, increased as the pore size decreased. Since that
study, other workers have become interested in the effect of confinement on the dynamics
and structure of a glass forming liquid as it approaches the glass transition temperature.
These additional studies have led to the view that confinement does affect the structure
and dynamics as a result of at least two effects, the large increase in surface area and the
small dimensions of the cavity. It is well known that the length scale of the cooperatively
of the a-relaxation process during the onset of glass formation is large, involving many
molecules. Furthermore it increases dramatically as the temperature approaches T,. It is
not surprising therefore that there is a significant effect of confinement on the bulk
dynamic properties which are separate from the effects of the surface. This has been
verified through dielectric relaxation experiments on a simple glass forming liquid (6).
This report describes recent preliminary results of both experimental dielectric
relaxation studies and theoretical Monte Carlo model simulation studies. Both studies
focus on the onset of a glass formation in an environment where the molecules are
spacially confined. The studies were undertaken to better understand the effect of
confinement on T, and on the dynamics as the liquid approaches the glass transition. The

90 ©1998 American Chemical Society
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motivation begins in part because the McKenna result of a decrease in T, due to
confinement on first analysis might seem anomalous since confinement should hinder
motion and thereby increase T,.

The dielectric rotational relaxation spectrum of two glass forming small molecules
both in the bulk and in 4 nm porous Vycor glass have been measured. Theoretical studies
have been conducted using Monte Carlo simulation techniques on short polymer chains
to study the effect of confinement on glass formation as a polymer system is cooled from
the melt using different rates of coding.

Experimental

Dielectric relaxation measurements were made using a 3-terminal parallel plate
capacitance cell. The plates were compressed onto a sheet of Corning 7930 Vycor glass,
which is characterized by Corning as having 40A pores. The glass disks were 82 mm in
diameter and 1.59 mm thick. Before running, the glass was cleaned by boiling in nitric
acid at 105° to 110°C for 10 hours. The glass was then rinsed with distilled water, dried
in a desiccator and impregnated with the polar organic liquid while in the capacitance cell.
Bulk polar organic liquid measurements were made in the same cell with the identical
spacing between the plates as with the porous glass, 1.59 mm.

A Solartron 1260 Impedance Analyzer was used to make measurements of C,
capacitance, and G, conductance, over a range of frequencies form 5 Hz to 100 kHz both
during cooling and heating. From the known geometry of the cell, values of the complex
permittivity * = ¢’- ie ”were calculated where ¢’= C/C, and &¢” = G/we,C, where w =2x
frequency, C, is the measured air-filled capacitance of the cell with a 1.59mm gap, and
£,=8.854x 10 CJ'em™.

Measurements of the clean, empty Vycor glass were made. The dielectric loss ¢”
was negligible compared to the values measured when the glass was impregnated with the
polar liquid.

Two liquids were studied. Glycerol (cat. no. 24068-0 of 99+% purity) and
dimethyl phthalate (Aldrich cat. No. 24068-0 of 99% purity) were purchased from
Aldrich. Both were used as received. In each case the dielectric cell was heated with the
plates apart in an oven at approximately 50°C. The liquid was added to the cell and the
Vycor glass was inserted with the plates still apart. The cell was left in the oven
overnight to allow sufficient time for penetration. The following day the plates were
pressed up against the glass and the cell was cooled with N, gas from a dewar.

Monte Carlo Simulation Model -

In our off-lattice random-coil Monte Carlo model, a single polymer chain N-1 units long
is modeled by a string of N impenetrable beads (9-12). The vectors or “sticks” connecting
bead centers along the chain are each one unit in length. Each bead-stick pair is taken to
represent one “statistical segment,” i.e. a moderately large number of chemical monomers
in a real polymer chain. The beads are of unit diameter, touching spheres. They are not
constrained to lie on a lattice, and no restriction is placed on the angle between successive
connection vectors along the chain (See Figure 1). Brownian motion of a real chain is
replaced in our model by sequences of elementary moves, which we shall call move
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cycles. In the simulations reported here, each move cycle consists of selecting a single
bead of the chain at random and attempting a local move of that bead and its connecting
vectors. The attempted move is to a position obtained by rotating the selected bead about
an axis passing through the centers of its immediate neighbors along the chain, through
an angle chosen at random in the range (-, x). See Figure 2. For an end bead, with only
one neighbor, the rules are modified by first generating the center coordinate of a
“phantom” bead at unit distance and randomly chosen direction form the selected end
bead. The potential energy function is a hard-sphere repulsion of the bead radius
(excluded volume), a finite attractive potential V/kT between r + 1.0 and zero for larger
distances between beads. The decision to move or not move the chosen bead is
determined by calculating the difference AE in “normalized energy” between the selected
bead and all the other beads before and after the proposed move; then moving it with a
probability p where AE = V/kT(final) - V/kT(initial) and

p=1ifAE<()
p=exp(-AE) if AE> 0

In the present study, freely jointed statistical segment polymer chains with 10 hard
sphere beads were studied in 3 environments. The three environments are shown in
Figure 3. The first environment is a confining tube of radius 3, length 10 with rounded
ends. The second is a similar tube of radius 3 and length 16. The third is a sphere of
radius 8. The densities in all 3 environments were approximately equal with bead volume
to total volume ratios of 0.185, 0.186, and 0.176, respectively. Tube one contained eight
chains, tube two contained fourteen chains, and the sphere contained 72 chains.

Nine equilibrium configurations were obtained for each environment with
interaction-temperature-potential values of ¥/kT = 1.0. That is, the potential well was
repulsive at the equilibrium starting temperature. This was an attempt to extend the
“temperature” range of the quench. Each of the nine equilibrium configurations for each
environment was generated by running the simulation once in equilibrium for an
additional time, estimated to be at least 10 times the limiting relaxation time (9-12). The
quench was then simulated by increasing the value of V/KT at four different rates
designated 0.1x, x, 10x, and 100x. Thus, as the value of V/kT is increased or the
temperature is lowered, the well becomes more attractive. This attraction draws the beads
closer together, decreasing the volume and the mobility of the chain beads. Eventually
this decrease in volume or increase in density, is so great that the beads or molecules
become locked up to form a material in which the volume change with temperature is
much less (i.e. a glass).

Experimental Results and Discussion

Dielectric measurements of the complex permittivity £* =¢’ - ie” were made as a function
of the temperature after a relatively rapid quench to approximately -60°C at 3°C/min
during a more gradual heating rate of less than 1°C/min. Figures 4 and 5 display the loss
factor &” versus frequency during slow heating of the quenched polar liquids at three
different temperatures and for runs on the neat bulk system and the molecules
impregnated in the glass. These figures clearly show that the width of the relaxation
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Figure 1. Representation of the chain as it is free to move to any conformation in
3-dimensional space.

Move Cycle

Figure 2. Rotational movement of bead 2 about the axis from bead 1 to 3 to its
new position 2' chosen at random from the angles -x to 7.
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3 Systems

“' 16

10

: N
Small Tube Large Tube  Large Sphere

8 chains 14 chains 72 chains
80 beads 140 beads 720 beads

density = Bead volume / system volume

0.185 0.185 0.176
Figure 3. Diagram of shape of the three confining environments.
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spectrum is broader in the confining pores of the Vycor glass than in the bulk for both
systems. It is generally assumed that this characteristic broad distribution in the
frequency dependence of the loss factor &” in the highly viscous pre-glass state is well
characterized by a stretched exponential relaxation function, exp [- (t/to)B] (4,6-8,13).
Assuming this functional dependence, the distribution parameter, f, for dimethyl
phthalate decreases from 8 = 0.55 (8 = 1 for simple exponential decay and is often
observed in non-associating low viscosity small molecule liquids) to S =~ 0.25 in the
porous glass. Similarly, B for glycerol decreases from 8 = 0.65 in the bulk to f = 0.55 in
the confining pores.

Particularly important is the dependence of €”(max) on the temperature. A
characteristic relaxation time, 7= 2 @tfyyqy, can be defined from the frequency at which &”
achieves its maximum value. Figures 6 and 7 plot the temperature at which ¢” is a
maximum for each frequency as fy,gy versus 1/T for both of the systems in the bulk and
in the porous glass. In both cases the molecules in the pores appear to experience slightly
different temperature dependence than in the bulk. At low temperatures, low frequencies,
the molecules are rotating more rapidly in the confining pores. This higher mobility,
shorter relaxation time, suggests the temperature necessary to quench this motion to that
of the glassy state will be lower in the pores than in the bulk. Thus the effective glass
transition temperature as characterized by this long range, highly cooperative a dielectric
relaxation time as determined from the maximum in &” at each frequency is lower in the
pores than in the bulk. This result is in agreement with the earlier differential scanning
calorimetry T, data of McKenna.

Monte Carlo Simulation Results and Discussion

Figure 8 shows for the smaller tube the variations in density for each of the slowest rates
of change in AE = V/KT, i.e. quench rates. As the “temperature” is lowered by increasing
V/KT a distinct transition in the rate of change in density with V/kT occurs. This is
indicative of the liquid-to-glass transition. In order to characterize this rate of change in
density, five lines were fit to the data. First using the slowest rate of quench, 0.1x, which
shows a change in density p close to that of the next fastest speed, x, the change in density
p versus V/KT for the liquid region was fit to a straight line in the range of AE =+0.5 to
-0.5. Then the rate of change in p with V/KT for the final glassy state was determined at
the lowest temperatures over the range V/kT=-1.5 to -4.

Similar simulations were conducted on the larger tube cavity of identical radius
but greater length. The results of these simulations are shown in Figure 9. Liquid and
glass coefficients of the rate of density change with V/kT were determined as in the small
tube.

For the large sphere, the radius is 8 compared to 3 for both the small and large
tube cavity. This geometry was chosen to approach the bulk state. The results of these
simulations are shown in Figure 10. Because the system was so large it was run only to
V/KT = -2.0. The rate of change in density with V/kT was determined in the glass range
of -1.5 to - 2.0 and the liquid line was fit in the 0 to 0.5 region for the slowest 0.1x quench
rate.

For all three systems, an effective glass transition value of V/kT was determined
from the intersection of the liquid and glass rate of change in density with change in V/kT
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TABLE 1
Small Tube
0.79
0.75
0.54
0.36

values =VKT @ Tg
Large Tube Large Sphere
0.70 0.52
0.73 0.46
0.56 0.42
0.35 —_—

TABLE2  Density (bead volume/ unit volume)
Large Sphere

Small Tube
0.52
0.50
0.45
0.40

Large Tube
0.47
0.49
0.44
0.39

0.45
0.42
0.40
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lines. The values of V/kT at each of these effective glass transitions are reported in Table
1. The results indicate a clear trend for V/kT to decrease with quench rate. The V/KT
values are related to the reciprocal of the temperature at the glass transition. Thus the
results in Table I first show T, is decreasing as the quench rate becomes slower for all
three systems. Second the results in Table I show that T, decreases as the size of the
cavity decreases. Hence confinement is decreasing the glass transition temperature as
observed by the dielectric measurements and by the calorimetry measurements of
McKenna.

Finally, Table II reports values of the final density in the glass for each quénch
rate in the three environments at ¥/kT =2.0. As expected, the results show an increase
in density as the quench rate decreases and T,, as measured by V/KT, decreases.

Conclusions

Both the experimental and the theoretical results provide some insight into the seemingly
anomalous results of Jackson and McKenna that T, decreases in confined space and the
intuitive concept that small pores hinder motion and thereby increase T,. The dielectric
relaxation experimental results show that confinement changes the activation energy of
the relaxation time such that at a low temperature, long times, the molecule relaxes more
quickly in the pore, but at higher frequencies and higher temperatures it relaxes more
quickly in the bulk. The Monte Carlo polymer chain theoretical results suggest that the
smaller the confining space, the lower the T, and the glass being formed is more dense.
The smaller space affects the mobility and motion in these simulations such that dp/d(1/T)
is smaller and a more dense glass forms at a lower temperature.

Both results suggest the measurement of T, is a non-equilibrium phenomenon in
which the time scale of the experiment and the dynamical behavior of the material are
coupled, making it very difficult to draw direct conclusions from T, measurements alone.
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Chapter 7

Temperature-Modulated Calorimetry of the Frequency

Dependence of the Glass Transition of Poly(ethylene
terephthalate) and Polystyrene

Bernhard Wunderlich' and Iwao Okazaki™

'Department of Chemistry, The University of Tennessee, Knoxville, TN 37996-1600
’Chemical and Analytical Sciences Division, Oak Ridge National Laboratory, Oak
Ridge, TN 37831-6197

Glass transitions involve mainly the onset or freezing of cooperative,
large-amplitude motion and can be studied using thermal analysis.
Temperature-modulated calorimetry, TMC, is a new technique that
permits to measure the apparent, frequency-dependent heat capacity. The
method is described and a quasi-isothermal measurement method is used
to derive kinetic parameters of the glass transitions of poly(ethylene
terephthalate) and polystyrene. A first-order kinetics expression can
describe the approach to equilibrium and points to the limits caused by
asymmetry and cooperativity of the kinetics. Activation energies vary
from 75 to 350 kJ/mol, dependent on thermal pretreatment. The preex-
ponential factor is, however, correlated with the activation energy.

In this paper, the freezing of the cooperative, large-amplitude motion at the glass
transition temperature is analyzed with the newly developed temperature-modulated
differential scanning calorimetry (TMDSC) (/). This technique adds determination of the
time-dependence to the thermal analysis capabilities. Using irreversible thermodynamics
and kinetic models, kinetic parameters and their dependence on the nature of the glass can
be determined. Data on atactic polystyrene and amorphous and semicrystalline
poly(ethylene terephthalate)s are used as first examples (2-4). Activation energies and
preexponential factors were gained by analyzing first-order kinetics of quasi-isothermal
measurements (J) in the glass transition region. These parameters are then applied to
interpret the reversing, apparent heat capacity from TMDSC with an underlying heating
rate <g> (6) using model calculations (7).

*Current address: Toray Industries, Inc., Otsu, Shiga 520, Japan.
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The Method of TMDSC
The instrument for the research is a heat-flux-based colorimeter of TA Instruments, Inc.

(MDSC™) (1). It is modulated at the block temperature, 7,, with a sinusoidally changing
amplitude, governed by the temperature measured at the sample position, T:

Ty =T, +{q)t + Asin(or +¢) m

. where T, is the initial temperature; <g>, the underlying heating rate set for the experiment;

A, the maximum modulation amplitude of the sample temperature, also fixed for each
experiment; o, the given modulation frequency represented by 27/p, with p representing
the modulation period in s; and &, the phase difference of the sample temperature relative
to the set reference frequency.

The main measured quantity discussed in this paper is the reversing heat flow. It
is proportional to the temperature difference between reference calorimeter (empty) and
sample calorimeter (AT = T, - T). Representing the instantaneous heat flow as a Fourier

series with v representing an integer running from 1 to 00 and p:

p

HF(t)=b, +Z[a, sinzﬂmb, cosz—’"'—:] )]
v=l p

where b, is the fotal heat flow (= <HF(t)>), averaged over full modulation periods, so that

any modulation effect of the chosen frequency ® and its higher harmonics vanishes. The

maximum reversing heat-flow amplitude is the first harmonic contribution, given as:

(A () = Ja? + b (©)]

and extracted from the experimental data by the supplied software. The reversing heat
capacity is then (with 4, o€ 4, and K the appropriate heat-flow constant) (6):

2
kc,-c.)= iA- (g) +C? @

where C, and C, are the sample and reference heat capacities, respectively.

Typical run parameters are maximum modulation amplitudes 4 of 0.5 to 1.5 K
and modulation frequencies of 0.06 to 0.2 radians s™ (p = 100-30 s). For quasi-isothermal
runs, <g> is zero (5), so that the modulation is about a fixed T,,. Separate experiments are
done at different values of T, to cover the glass-transition range. At each T, sufficient
time is spent to reach steady state and collect statistically significant data for an additional
10 min. Data for fully amorphous PET and PS are reported in (/3), and a wide range of
partially crystallized and drawn films of PET in (4). Standard TMDSC runs have heating
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rates <g> of 0.1 to 2.5 K min™ and must be analyzed considering the two time scales, that
of the continuous heating and the modulation frequency.

Quasi-Isothermal TMDSC in the Glass-Transition Region

Heat capacities of liquids can be divided into a fast-responding part due to vibrations, C, ,
and a slow, cooperative part due to large-amplitude motion that leads to an equilibrium
number, N*, of configurations of energy g,. The value of N* can be taken as an internal
variable of the system (8):

L dN*
C,(liquid)=C, +¢, (_dT—) =C, +&,a )

In the glass transition region the approach to equilibrium may be approximated by first
order kinetics as long as the distance from equilibrium is small. The instantaneous
number of high-energy configurations is represented by N and the relaxation time by <

(B)-Lve-m) ©

Under quasi-isothermal conditions and at steady state, the solution of Equation (6) can be
written with constants 4y = Aw/N, and 4, = Ag/(RT,?), where ¢; is the activation energy
for the formation of the high-energy configurations, assumed to be describable by an
Arrhenius expression [t = B exp &/(RT)] (9):

Ay 4, cos2f cos2(ax - ) )

N-—fv" = ﬂ;J+(AN + A, )coswsin(at —y) - 5

N,

o

From Equations (2) and (3) it is obvious that the reversing heat capacity, Equation (4),
makes use only of the middle term on the right-hand side of Equation (7). The first term
is constant with time and contributes only to b,, the last is a second harmonic and
contributes only to a, and b, of Equation (2). The phase shift y is linked to the relaxation
time 1 at T, via tan Yy = o1, and the apparent heat capacity, which is measured as the
reversing C,, is equal to:

C*(liquid)=C, +N,¢&,[(4y +A,)! A]cosy ®

From this equation one sees that the large-amplitude motion contributes fully in the liquid
state (y = 0) and not at all in the glassy state (y =7/2). The glass transition temperature,
defined at the temperature of half-vitrification or devitrification, occurs at y = n/3. An
example of the data treatment as indicated in Equation 8 is shown in Figure 1.
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TMDSC conditions:

quasi-isothermal
A=051015K
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Figure 1 Quasi-isothermal analysis of the glass transition of poly(ethylene terephthalate).
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Figure 2 Final data analysis and computed values for Figure 1.
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The curves of Figure 1A are plotted with C,(liquid) — C,, = AC,. The
experimental data of AC, were, in addition, first normalized to the equilibrium difference
of the liquid and vibrational heat capacities. Equation (8) allows then the transformation
to ¥ shown in Figure 1B. Using the values of y of Figure 1B, a plot of In T’ vs. 1/T, can
be drawn, as shown in Figure 2A {cos y = (1/7)/[(1/)* + @*]*}. Clearly, different
modulation amplitudes give different average values of T and, on extrapolation, different
activation energies. This observation points to an important difference between TMDSC
and dynamic-mechanical analysis, DMA. In DMA the stress or strain is modulated,
keeping the temperature, and with it the relaxation time, constant (as long as the strain is
sufficiently small to keep the sample in the range of linear viscoelasticity). In TMDSC
even changes in temperature as small as 1 K move the experiment out of the range of
linear response. It is thus necessary to extrapolate the data to zero modulation amplitude
A, as shown in Figure 2B. Next Figure 3A shows the extrapolation of the relaxation times
at zero amplitude to give g; and the pre-exponential factor B. With B and ¢, the apparent
heat capacity can be calculated for any frequency, as shown in Figure 3B. Carrying out
this data analysis for a number of different amorphous and semicrystalline glasses gives
the parameters B and g; listed in Table I (3,4).

Table I. Glass Transition Parameters for PS and PET

Sample g B

(type and treatment, w, = crystallinity) (kJ/mol) (s)
PS, amorphous, no special pretreatment 345.5 1.88x10*
PET, amorphous, melt-quenched 328.19 | 5.59x10%
PET 8% w_ by cold cryst. 1 hat 370 K 350.57 | 2.76x10%
PET 17% w, by cold cryst. 1.5hat 370 K 329.74 | 3.98x10*
PET 26% w, by cold cryst. 2h at 370 K 173.31 | 2.55x10%
PET 44% w, by cooling from the melt, S K/min | 152.85 | 2.45x10%
PET film, biaxially drawn, 42% w, 78.44 | 1.78x10™

The table illustrates the large change of g; with pretreatment, correlated to the
common observation that crystallization and drawing broadens the glass transition region.
Another observation is that the activation energies and the preexponential factors are
strongly coupled. They can be written for PET as:

1 1
T=1, exp[f; : (H - ;7-,]—)] ®
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where 7, = 132.5 s and T, = 341.1 K. The temperature parameter T; is only a little lower
than the lowest measured glass transition (346.5 K). From the simple kinetics, one
expects close correspondence only in the vicinity of equilibrium. The empirical
corrections developed over the years to account for the asymmetry of approach to
equilibrium and for the cooperativity of the large-amplitude motion (TNM, VF, WLF,
KWW equations) (10) need, at present, too many parameters to be fitted quantitatively
to the experimental data. Qualitative agreement has been achieved with assumed
parameters (11).

TMDSC Compared to Model Calculations

In standard TMDSC, an additional underlying heating rate complicates the analysis of
Equation (6). It takes now the form (/2):

(ﬂ)= N;(1+ 4, sinat +g,t)-N, 10)
dr 7,(1-q,t— A, sinot)

with the two new parameters describing the changes due to the underlying heating rate
[gn = <¢>0/N,* and g, = <¢>&/(RT,2)]. Although possible, the solution of Equation (10)
is rather cumbersome and numerical solutions are more convenient. Figure 4 shows the
numerical integrations of the changes of N with time and temperature for amorphous PET
for the given TMDSC parameters as expressed by Equation(10). The curve AN is the
change in N per second, the step of the numerical integration, and N* is calculated from
the equilibrium, given in Equation (5) (24).

Figure 5 shows the first harmonic of the solution of Equation (10) which
represents the reversing heat capacity as computed by the TA Instruments, Inc. software
[see Equations (3) and (4)]. The heavy line is the total C,, as derived from b, of Equation
(2). Outside of the glass transition this heat capacity is equal to the heat capacity
measured with standard DSC of the same cooling rate <g>. In the glass transition region
it only approximates the apparent heat capacity of standard DSC because of contributions
of the type seen in Equation (7). The reversing C, decreases at higher temperature than
the total C, because of its faster time scale of measurement. The bell-shaped curve is the
difference, between the total and the reversing heat capacity, called the nonreversing C,..

This nonreversing C, is not the dissipative part of the complex heat capacity, although
it has a similar shape.

Figure 6 illustrates that the second harmonics is a minor, but not negligible
correction. Subtracting the second harmonic from the total C, yields a small change from
the total heat capacity, as shown in the figure.

Of additional interest are the remaining small ripples of the various C;-plots. The
deconvolution using Equation (2) should have removed all periodic contributions of
frequency ® and higher harmonics. Inspection of Equation (10) shows, however, that the
underlying heating rate causes a small frequency shift of the type of a Doppler effect, as
found in the analysis of sound from moving sources, quantitatively assessable through the
model calculations (9). On heating, the oscillation frequency of the heat flow into the
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sample is higher than ®, because of the increasingly faster response caused by the
underlying heating rate <¢>. The reverse is true on cooling (12). Trying, then, to
represent the heat flow with the Fourier series [Equation (2)] with the slightly different
frequency o gives rise to the observed ripples. Experimental data may not show the
ripple because of the additional smoothing by the commercial software, omitted in the
presentation of the model calculations in Figures 5 and 6.

Figure 7 shows four sets of experimental data on heating and cooling, compared
with the quasi-isothermal measurements derived as for Figure 3. At low <g> the
reversing C, approaches the quasi-isothermal data. At increasing <g> the results from
cooling and heating experiments separate increasingly. Close to the liquid state, model
calculations, as in Figures 4-6, correspond closely to the experiment. The cross-over at
larger distance from the liquid (equilibrium) state is, however, not modeled (12). Itis
caused by an “autocatalytic” effect on heating and a “self-retarding” effect on cooling as
has been found also by DMA and volumetric experiments about the kinetics of the glass
transition (10). This is clear evidence of the cooperative nature of the glass transition that
needs to be corrected by a more detailed kinetics expression than given in the present
description.

A similar effect that illustrates the need to introduce a cooperative kinetics which
uses a relaxation time in Equation (10) that depends not only on temperature, but also on
the number of frozen high-energy conformations is shown in Figure 8. The curves
represent, as in Figure 7, TMDSC traces on heating with a fixed underlying heating rate.

The different glasses of polystyrene were produced by annealing at several temperatures
in the glass transition for various times (2). This process changes the frozen high-energy
configurations N at the beginning of the heating experiment. One can clearly see that the
better annealed samples of smaller N show a higher 7,. The differences disappear as
equilibrium in the form of the liquid state is approached, and are relatively small.

The apparent total heat capacity, as represented by b,, contains the enthalpy
relaxation in form of an endotherm. This well-known hysteresis effect (§) can be
separated to the degree of precision of the representation of Equation (10) by the TMDSC
software, as is shown in Figure 9 (2). The apparent, nonreversing heat capacity is the
total heat capacity minus the apparent, reversing heat capacity, shown in Figure 8. The
major contribution of the endotherms arises from non-modulated relaxation of N on
heating, as long as AN of Figure 4 is much larger than the modulation-caused changes and
the glass-transition temperature is approached.

Complex Thermodynamic Quantities
The similarity of TMDSC and dynamic-mechanical analysis (DMA) raised the question
whether a complex heat capacity would be of use in analogy to the stress/strain ratio (/4).

One writes for the reversing heat capacity of Equation (4) the complex expression for C,
as:

C*=C'-iC"=C, exp(-i6) 1)
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where C’is the real part, or the instantaneous response, to a change in temperature
(analogous to the storage modulus of DMA), and C ”is the imaginary, dissipative, delayed
part (analogous to the loss modulus of DMA). It follows that the absolute amount of the
complex heat capacity is:

C.l=A(C) +(C 12

As for the modulus in DMA, which is the ratio of peak stress to peak strain, C, is
proportional to the ratio of peak heat flow to peak temperature-amplitude (multiplied with
the square-root expression) and equals the reversing C, [see Equation (4)].

In a sample with an apparent C,, one determines C, via Equation (4), which can
be separated into real and dissipative components with a phase angle 6. [The phase angle
0 is different from y of Equation (8), since it considers only the small temperature range
of +4, and is derived from the lags of AT and T, § and &, respectively, after correction for
instrument effects]. The real part of the heat capacity accounts for a storage part. Its heat
is transferred in-phase with the temperature change. The slow kinetics given by Equation
(6) limits the heat transfer. Not all of the high-energy configurations N* are created or
collapsed in the given time interval. As temperature and time change with modulation,
the additional configurations needed to reach internal equilibrium (N*) contribute to the
heat flow at a higher or lower temperature, accounting for the out-of-phase heat flow.

The real parts of the heat capacity is linked to the enthalpy gain of the sample that
behaves as if the heat flow were instantaneous. The integral of this part of the complex
heat capacity over one modulation period is obviously zero. The question remains what
is the imaginary part? In the case of the DMA experiment, the complex modulus is linked
to work done on and recovered from the sample. By integration of the complex stress ¢
over the sinusoidal strain ¢, one finds the energy dissipated over one cycle, AW, is
G"%n, while AW’=0. The integral for heat dissipated over one cycle, in turn would be:

_C, sin (of - 8) d(4 sin wf) with 0 representing the phase lag between heat capacity and
temperature. This results in an enthalpy of AnC”= AnC, sin 0 from the out-of phase part
of C*, i.e. the imaginary part of the heat capacity violates the first law of thermodynamics
and, thus, is not a valid assessment of the enthalpy change. To check on the enthalpy
balance, the heat flow must be integrated over one period, not the complex heat capacity
C* over T,. One may, however, interpret the enthalpy exchange at T,(#) as an entropy
production, since C”is exchanged largely at a different than the equilibrium temperature.
A more detailed discussion of the importance and history of the complex heat capacity
has been given recently at the Fourth Lihnwitz Seminar and will be published in
Thermochimica Acta. Further clarification of this question based on a detailed derivation
of the irreversible thermodynamics of the glass transition is in preparation and expected
to be published in 1998 (15).
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Conclusions

With the development of TMDSC it has become possible to study the kinetics of the
freezing and unfreezing in the glass transition region. As one would expect, limitations
exist in the generation of quantitative information. Quasi-isothermal data extrapolated
to zero temperature-modulation amplitude need to be generated to characterize a sample,
as illustrated in Figures 1-3. This extrapolation to make the kinetic expression of
Equation (6) linear, corresponds to the limits of the description of DMA to linear
viscoelasticity.

Using the kinetic parameters of Table 1, one can attempt to calculate the thermal
behavior in the glass transition region by numerical integration of Eq (10), as shown in
Figures 4-6. These analyses clarify the limitations of present TMDSC practices. Close
to the liquid state, Equation (10) with temperature dependent T and N* is valid. Further
from equilibrium, deviations occur, which are based on the cooperativity and asymmetry
not included in Equation (6), but are seen in the cross-over of the TMDSC curves of
Figure 7. At least one more parameter is needed to account for the change of the
relaxation time with &, as also seen in Figure 8.

Interpretation of Equations (7) and (10) permits further, in connection with
Figures 4-7, to establish the limits of using the first harmonic of the Fourier series
Equation (2) as reversing heat flow and as a tool to establish the enthalpy relaxation, as
shown in Figure 9. The constant and second harmonic terms of Equation (7) are not
included in the reversing C,. The first is included in the total C,, the latter in the
nonreversing C,. Furthermore, a small change of the oscillation frequency when using
a non-zero <g> causes a periodic mismatch of the separation of the first harmonic (ripples
in Figures 5 and 6).

Overall, the analysis of the TMDSC and quasi-isothermal TMC of polystyrene
and PET have shown that as a first approximation the reversing heat capacity is the value
of the complex heat capacity at the given frequency [Equation (12)]. Although it is
possible with recent software modifications to directly determine the phase angle for a
separation of the dissipative and real parts of the heat capacity, the resulting data are
approximations because of the loss of linearity in the glass transition region. Important
progress is expected in the understanding of the glass transition by studying these small
deviations from linearity and comparing the data with mechanical and dielectric
modulated techniques on the same, well-characterized materials.
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Chapter 8

Polymer Glasses: Thermodynamic and Relaxational

Aspects

Robert Simha
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Starting in the melt, proceeding to the transition
region and continuing into the glassy state, sets
of equilibrium, and non-equilibrium processes are
considered. We examine the consequences of a unified
view derived from a lattice-hole model, involving a
hole fraction h to account for the structural disorder.
The role of h as a free volume quantity is explored in
various processes. A comparison of h with a free
volume quantity directly measured by positron

y shows a gratifying concordance in the
melt. Possible resolutions of differences in the glass
are examined. Correlations between equation of state
and other physical properties in melt and glass with h
as the connecting bridge are extended to time dependent
processes. ’
Finally we discuss relaxation or physical aging processes
with relaxing free volume functions and their :
distributions as the determinants. Based on stochastic
formulations,simulations of the cooling process from
melt to glass yield T, as a function of cooling rate and
most importantly, of the characteristic interaction
parameters of the polymer.

The purpose of this paper is to discuss certain property sets from a

unified point of view, which results in correlations between such sets. This
point of view is based on a particular statistical model of a molecularly
disordered state. We start with the melt, proceed to the glass transition region,
and thence to the glassy state. Here the concerns are both the steady state and
the relaxational regimes.

Equilibrium Melt: Equation of State

The fluid is modeled as an assembly of lattice sites occupied by chain segments
in contact with a fraction h of empty sites or holes. The h-function is to
account for the temperature, pressure (and stress) dependent structural disorder
in the system. What is required is the configurational free energy F (1)

118

F = F[V,T;h(V,T)] ¢Y)
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The equation of state (eos) is derived from the two coupled equations
P = -(3F/aV)1;(aF /ah)y 1 -0 ()]

The second of these equations eliminates h and expresses the required
minimum condition on F at equilibrium. We omit explicit expressions. (1)

The Characteristic System Parameters. The intersegmental interaction

potential is defined by a minimum attraction €* and a repulsion volume v*. A
quantity 3c is to indicate the number of volume dependent degrees of freedom

of the molecule. This parameter will be of the order of the chainlength s in a
flexible chain. In terms of these the variables of state can be scaled through the
combinations

P*=qze*/sv*;T*=qz"/ic 3

with qz the number of intermolecular contacts of the s-mer in a lattloe of
coordination number z. Scaling and in effect the theory’s quantitative success
without additional assumptions rest on the constancy of these parameters. This

requirement is obvious for €* and v*. As has been demonstrated by now for
many polymer melts, (2) the theory is quantitatively accurate and thus the
scaling parameters are known, all this with the implication of constant e-‘: v*
and moreover c. Departures are seen in the third derivatives of the partitions
function, such as the T-dependence of the thermal expansivity. (3)

The h-Solution.” At atmospheric pressure, or scaled pressure P—O,
equation 2 yields (3)

h=[V-K(T/T*)V*V C)

with K a very slowly varying function of temperature, K =~ 0.95. Equation 4
clearly displays the character of a free volume fraction with an excluded
volume KV*. In what follows we shall have occasion to adopt this view of the
h-function. We note moreover the close relationship between V* and Bondi’s
hard core van der Waals volumes derived from structural geometry and atomic

volumes, (4) and consistent with the definition of v¥.
The Transition Region

An important point is clearly the behavior of the h-function at the boundary
between melt and glass as seen in the V - T plane under different pressures.
All properties in the non-equilibrium glass however are not uniquely defined
but depend on the formation history. Granting “rapid” experimentation and
thus negligible relaxation, and a fixed cooling rate, different histories may be
distinguished by differences in the pressure history. In particular consider on
the one hand the application of a series of pressures in the melt followed by
cooling into the glassy domain. This generates a series of different glassy
structures and a pressure coefficient dTg/dP. As an alternative cool the melt
under a single pressure and then subject the glass so formed to a series of
pressures. Thus a glass of a single structure, characteristic of the formation
pressure results, with a pressure coefficient dTg*/dP and Tg+ # Tg except in
special cases. It has been shown (5) that the first Ehrenfest relation
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dTg* /dP = Ax/ Aa ®

must hold, with A indicating changes along the transition line and x and o
isothermal compressibility and isobaric thermal expansivity respectively. The
reiation between the two pressure coefficients is given by (6)

dTgldP-dTg" /dP-x'/Aa ©

To define x’ we recall the classical densification experiment where a glass is
formed under a pressure P’ and, once having arrived sufficiently far in the
glassy domain, is depressurized. Due to the memory effect the final volume is
smaller at the identical T and P than the virgin glass. Thus there exists a

compressibility x’ defined as (7)
x'=-(1/V)(aV/aP')yrp Y]

Equations 5-7 provide a test of the theory, based on the behavior of the h-
function. From the eos we obtaia (6,7)

dTg* / dP =(aT /9P}Fp /Fy (€)!

where Fy =1-(dh/aT)p g/ (3h/8T)p , and an analogous definition of Fp.
Fp and Fr represent the degree of freeze-in of the h-function at Tg, (3) with g
and ¢ indicating glass and liquid respectively. The h derivatives in the melt
are obtained by evaluating equation 2. For the glass we continue to operate
with the lattice hole model, and as a minimum requirement, discard the
equilibrium condition. Thus equation 2 now becomes

=P = (aF /aV)1 ng +(6F/3h)v"r'c(0h 1oVt
+(oF lm)V.T.h (ac/aV)t 2"

In equation 2’ we have allowed for the possibility that h is not frozen at Tg and
also that ¢ does not remain constant in the glassy state (see below). Making the
assumption that ¢ = const., v'e invoke expziiment to derive h (3,8) . Figure 1
illustrates the result for 2 PVAc glasses generated under pressures of 1 and 800
bar respectively. In the melt there is full coincidence between theory and
experiment. That is, the h-values extracted from experiment by means of the
pressure equation 2 agree with the solid line defined by the minimization of the
free energy. In the glass, the black circles indicate results of equation 2’ as
applied to the eos of the two glasses. The open circles represent a
simplification which neglects the second term on the r - h- s. The important
conclusion to be drawn from this and other examples is that in terms of the h-
function, Ty is not an iso-free volume temperature. From the intermediate
location of the “glassy” points between extrapolated liquid and “frozen” i.e.
horizontal lines Fr and by analogous constructions Fp can be determined.

Since at Tg* T, P, h are continuous, it can be shown (7) that Fp should equal
Fr. For tﬁe two instances where experimental information is available, i.e.
PVAc (8) and selenium, (9) this is found to be valid in good approximation.
Hence, according to equation 5’, h should be constant along the Tg* - P
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transition line. Indeed this is found to be the case, (10) notwithstanding the
fact that h is not frozen in the glass. The utility of equation 5’ in combination
with equations S and 6 is seen by computing the densification rate x’ without
requiring recourse to Ax and thus the eos of the glass. McKinney has
presented a broad investigation of several combinations of experimental data
with theory for 23 polymers of widely varying Tg. (7) Values of x’ are also
employed to estimate densification rates of refractive indices.

Freeze-in at Tg. Equation 5’ introduced the freezing fraction Fr. It has been
examined for a series of polymers ranging from poly (dimethyl siloxane) to
poly (a-methyl styrene) (3). Figure 2 shows a linear correlation relation with
Tg, at atmospheric pressure. Most recently, Utracki (11) has investigated the
effect of pressure on Fr, based on V-T data between 100 and 4000 bar for a
single polymer, polystyrene. (12) It is noteworthy that the line in Figure 2 also
represents an adequate linear fit to the Tg- dependence generated by pressure
variations. The general conclusion is the requirement of a larger mobile hole
or free volume fraction to pass into the liquid state at a larger Tg.

Ip‘to

5 -v y //
S
3 -//

26 28 30 32 .34 36 38
(245K) Txio® (358K)
Figure 1. Hole fraction h as function of (scaled) temperature for 2
poly(vinylacetate) melts and their glasses formed under pressures of 1 and 800
bar. Black circles, equation 2’, open circles, equation 2 for melt and
approximation for glass (see text). Horizontal lines mark the magnitude of h at

Tg, as derived from melt theory. Reproduced from ref. 8. Copyright 1977
American Chemical Society.
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Figure 2. Correlation of frozen fraction FF = Fr and Tg. Black circles
polystyrene under different pressures. Adapted from refs. 3 and 11.

Heat Capacity. A direct test of the theory is the difference C;, - Cy = TVa2/x.
For PVAc at Tg = 304K we find experimental values of 0.261 and 0.069 J/gK
respectively, compared with calculations of 0.250 and 0.055 for liquid and
glass respectively. Considering the eos derivatives and the numerical solutions
of equation 2’ required with the input of experimental data, these findings are
to be considered satisfactory. The next quantities of interest are the heat
capacities Cp and Cy. These are anticipated to be smaller than is observed,
since we are counting only the contributions of volume dependent degrees of
freedom. Indeed, fractions of less than 20% and even smaller for Cy are
derived. These ratios are further reduced in the glassy state. Assuming that
only the 3¢ degrees of freedom referred to earlier contribute to the change ACp
at Tg, we find that only 47% of ACp are accounted for in PVAc. This Cp-
deficit implies a deficit in entropy fluctuations and in AS. It suggests a
consideration of the entropy relation corresponding to equation 2’, i.e.

~S = (aF /aT)ype + (3F I dh)yr(@h/aT)y

+(aF /ac)yTpn(oc laV)t 2
with the temperature and volume or pressure coefficients of ¢ now changing at
Tg. Accordingly then, to the input of eos must be added entropy contributions.
Tgwe can be derived by means of the standard relations

(3S /3P)y = ~(3V/3T)p;Cp = T(3S /3T ®

Integration of these relations will yield the configurational entropy S (P,T)
based on the eos and the temperature dependence of the configurational portion
of Cp. Equations 2’ and 2” then provide the functional dependence of both h
and c. The problem is the C}, contribution. We postpone a further discussion
and resume the subject below in connection with results of positron

spectroscopy.
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Steady State Glass: EOS and Related Properties

We have discussed the application of the lattice hole model which extracts the
structure function h from the experimental eos, see equation 2°. The
consistency of the approch is now to be explored by the prediction of several
other properties. If successful this then establishes sets of property
correlations. Unless otherwise indicated the assumption of a constant c is
maintained.

Density Fluctuations. A formal statistical mechanics in non-equilibrium
states has been developed by Fischer-and Wendorff (13) in terms of the
affinity A as a conjugate quantity to an ordering parameter. Their result is:

<dp2 > Ip = (KT IN?)/(ap/aN)T v A ©

with p the chemical potential and N the number of molecules in a volume V.
At equilibrium A = 0 and equation 9 reduces to the familiar result

<8p2 > 1p? = (KT IV)(T) ©)

with « the isothermal compressibility of the melt. The authors suggest that not
too far into the glassy domain, linearity in T would prevail and x(T) be

replaced by k(T =Tp).
We pursue this matter by choosing in equation 9 h as the ordering function and

thus
A = -(3F /oh)y T

With the aid of the previous analysis of equation 2’, A and equation 9 can be
evaluated. (14) Experimental data have been presented by Wiegand and
Ruland. (15) In Figure 3 results for polystyrene are depicted. We note first the
agreement between theory and experiment in the melt. Below Ty there are four
items. First, the experiment. Second and third, the theory in two versions, one
of which simplifies the solution of equation 2’ by neglecting the second term
onther- h- s-, and finally the solid line from equation 9* with T = Tg. The
latter tends to overestimate the fluctuations, but the theory performs
satisfactorily. We turn next to two properties which emphasize the character of
the h-function as a free volume quantity.

Thermo-Elasticity. This concerns the elastic moduli as functions of T and P,
and of course, formation history. A single elastic constant needs to be
computed, once the bulk modulus is known. The theory (16) considers two
consequences of an anisotropic stress. First the distortion of spherical into
ellipsoidal cell symmetry under an uniaxial strain. A second contribution to
the free energy arises from changes in the free volume function h. At
temperatures below 40-50K where h is practically frozen, (17) only the first
effect is significant. Figure 4 displays the results for one of the glasses seen in
Figure 1, i.e. shear (G), Young (Y) and Poisson () constants. The theory
predicts an increase in G and Y in the densified glass at the identical T and P.
(16) A successful comparison between experiment (18) and prediction based
on eos data for PMMA (3,19) has been presented.
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Figure 3. Density fluctuations in polystyrene melt and glass. Black
circles, experiment, ref. 15. Crosses, theory, equations 2’ and 9. Dotted line,
approximation in equation 2’ (see text). Solid line, equation 9, T = T
Reproduced from ref. 14. Copyright 1982 American Chemical Society.
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Figure 4. Shear (G) and Young (Y) moduli, and Poisson constant p of a
poly (vinyl acetate) glass as functions of temperature at atmospheric pressure.
Reproduced from ref. 16. Copyright 1988 American Chemical Society.
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Positron Annihilation Life Time Spectroscopy (PALS) and Free Volume.
In the present context the essential feature is the use of the o-positronium
species as a structural probe. The pertinent relation is:

hp = Ck < v(t3) > (10)

Here by is the volume fraction of cavities, (vf) the mean cavity volume, a
function of the probe’s lifetime <3, I3 the corresponding intensity and CI3 the
number density of cavities. When hp is measured as a function of temperature,
it becomes relevant to inquire into possible connections between hy and h. An
assumed identity at one temperature determines the proportionality factor C
and allows for comparisons over the range of temperatures in melt and glass.
Results for four polystyrene fractions (20) are seen in Figure 5. In the melt
there is once more full concordance between experimental and theoretical free
volumes. In the glass we observe two features. The probe assesses a
transition, but T is lowered by 2-7 degrees. Most importantly, hp, is lower
than h as obtained from the eos, and equation 2°. Various conjectures
regarding the origins of this discrepancy have been suggested. (20) Here
however we wish to focus on the theory and the assumption of a constant ¢ in
the glassy state. This issue has already come up in connection with the ACp
question.

h (%)
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Figure 5. Comparison of o-Ps hy, (equation 10) and eos h as functions of
temperature for 4 polystyrene fractions. Points, experiment. Solid lines,
theory, equations 4 and 2°. For explanation see text. Reproduced with
permission from ref. 20. Copyright 1994 John Wiley & Sons, Inc.
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Analysis. This was undertaken by Carri (21) whose focus was the hp-h L
discrepancy in the glass. He accepted accordingly the previous assumptions in
the melt. The results there will then provide boundary conditions on any
modified values of h and c then obtained.

coincidence between the two free volume functions can be
established simply by rescaling the temperature for the positron experiment.
This, according to equation 3 can be interpreted as a temperature dependent ¢
with ¢ actually increasing with T. However, in addition to the empiricism of
the approach, it does not deal with the eos.

Thermodynamics. (21) This is to determine the volume and entropy as
functions of T and P by using equation 8. It involves the eos and the
temperature dependent configurational heat capacity Cp at atmospheric
pressure. The polymer of choice was Bisphenol-A-Polycarbonate. The eos
and positron data are available. (22,23) The total heat capacity Cp, of the glass
is linear in T. (24) The assumption then is a corresponding expression for Cp
(config.).

Thus one has

Cp(config.) = aT +cp(0)

This, combined with the eos, determines the entropy surface. Equations 2’ and
2” are then solved numerically. (21) The continuity conditions of h and ¢ at Ty
determine the parameter cp(0) and an integration constant in the entropy, with

o remaining a disposable parameter. An upper limit of 1.0463 is dictated by
the value for the total heat capacity. The solutions for the h-function indeed
are successful in generating an increased temperature coefficient and this result

is practically independent of . Moreover, allowing for a shift of the Tg
obtained from DSC to that observed in the positron experiment, improves the
agreement further, as is seen in Figure 6. Solutions for the normalized c-

function at a series of a-values are displayed in Figure 7. The overall increase

of ¢ with increasing a is expected.

In this manner it becomes possible to reconcile not only in the melt, but
also in the glass thermal and positron results, by generating concordance
between the free volume function h and the cavity fraction hp. We note the
maximum of ¢ in Figure 7. It could be indicative of two opposing tendencies,
namely the loosening of the structure with increasing temperature, followed by
a decrease of intermolecular interactions at elevated (average) free volume
levels. Now, since the original introduction by Prigogine and colleagues, the
physical meaning of ¢ has been as the number of volume dependent degrees of
freedom or “soft” modes. It is difficult to understand why this number should
be larger in the glass than in the melt. Mathematically, this arises from the
coupling of h and ¢ in equations 2’ and 2”. A reduction of h below the level
appropriate for constant (liquid-like) c, is compensated by an increased level of
c for a specified eos. It may be argued that a complete theory should allow for
a temperature and pressure dependent ¢ in both melt and glass, with different
derivatives. The extensive comparisons with experimental eos do not require
this, unless higher derivatives are to be accurately fitted. Moreover, the current
form of the partition function does not yield a minimum condition on c.
Additional assumptions regarding the coupling between ¢ and h would have to
be introduced. Such a coupling can be derived from a consideration of a Flory
flex factor with an h-dependent rotational energy bias E, which competes with

In Structure and Properties of Glassy Polymers; Tant, M., et a.;
ACS Symposium Series; American Chemical Society: Washington, DC, 1999.



October 29, 2012 | http://pubs.acs.org
Publication Date: January 28, 1999 | doi: 10.1021/bk-1998-0710.ch008

Hole Fraction

Figure 6.

0.095 7
0.09
0.085
0.08
0.075
0.07

Hole Fraction vs. Temperature

0.065
0.06 $ t t t

300 320 340 360 380 400
Temperature[°’K]

Positron cavity fraction hy for polycarbonate (Lexan) as

function of temperature. Points, experiment. Line, solution of equations 2’
and 2” (see text). Adapted from ref. 21.

112 v

11

1.04
1.02

Degrees of Freedom
et
&8

[

Figure 7.

External Degrees of Freedom vs. Temperature

—o—Slope=1.0463
—8—Slope=0.9939
—a— Slope=0.8893
—%—- Slope=0.7324

I'® 2 Il 2 2

300

320 340 360 380 400 420
Temperature [°’K]

Normalized ¢ quantity as function of temperature for

polycarbonate (Lexan). Lines, solutions of equations 2’ and 2” for different
values of a-parameter (see text). Adapted from ref. 21.

In Structure and Properties of Glassy Polymers; Tant, M., et a.;

ACS Symposium Series; American Chemical Society: Washington, DC, 1999.

127



October 29, 2012 | http://pubs.acs.org
Publication Date: January 28, 1999 | doi: 10.1021/bk-1998-0710.ch008

128

the intermolecular energy €*. (25) The consequences of this proposition for
the glassy state, in particular the ACp problem, remain to be explored. As for
the differences in the PALS area, the foregoing discussion has ascribed these
differences below Ty entirely to the thermodynamic theory. Is it possible, on
the other hand, that radiation and rate effects come into play at low
temperatures, depending on the manner of experimentation?

Dynamics: Free Volume Relations in the Melt.

We proceed to a consideration of relaxation processes. These may encompass
rheological and transport or extensive thermodynamic functions. A question
here is the relation between a free volume quantity f and a characteristic
relaxation quantity. This question has been repeatedly addressed since
Batschinski’s early effort (26) in terms of viscosity and diffusion and a van der
Waals free volume. In more recent times Doolittle’s (27) equation for
viscosity has received frequent attention. Generalizing to a mobility measure
M, e.g. a diffusion coefficient, a fluidity or a relaxation frequency, the relation
is

mM/M, =B(1/1-1/%) 1)

B is a constant and r signifies a reference state. Two related questions arise.
First, the interpretation of f. We consider the h-function and thus a connection
to the configurational thermodynamics. Second there is the validity of
equation 11. Utracki’s analysis (28) of Newtonian viscosities for n- ins
over wide ranges of P and T and of the eos yields master curves in 1/h but no
linearity according to equation 11. Linearity can be restored in terms of a
modified hole fraction h + A. Turning next to the viscoelastic temperature shift
factor, equation 11 with f = h is satisfied for PMMA and PVAc melts. (29,30)
An extensive series of steady state viscosities, viscoelastic and dynamic
dielectric measurements for several polymers was analyzed by Vleeshouwers.
(31) Determining parameters from one set of experiments yields predictions of
another set. Encompassing both T and P-dependences, the result is

tnap = B/(h+CT-A)+ const ar’)

The constant is determined by the reference state. At atmospheric pressure C =
O, but there is no consistent extension into elevated pressures since the
numerical values of A and B are not invariant. From this analysis it is not clear
how the opposing T and P coefficients of h enter into the dynamics. We
conclude that over a sufficient range of variables, a correlation between
dynamics and thermodynamics through the h-function persists, but is not of the
simple Doolittle form. It would be interesting in this connection to explore
possible correlations between the degree of freeze-in, see equation 5° and
Figure 2, and the temperature coefficient of viscosity in the approach to Tg.

Dynamics: Glassy State

With results for the steady state glass at hand, it is natural to consider again the
volume and the h-function. Assuming the aging glass to pass through a series
of steady states, we assume the continued validity of equation 2°. With the B
parameter of equation 11 obtained for PMMA and PVAc, it becomes possible
to derive a good prediction of the aging viscoelastic at shift factor, based on
measured volume relaxation data. (29,30) It would be of considerable interest
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to apply this procedure to a prediction of relaxing elastic moduli, based on the
theory of Ref. 16.

The last correlations rest on equation 11, applied to the thermal free
volume function h under isothermal conditions. Higuchi et al. (32,33) have
investigated isochronal conditions, by undertaking a series of stress relaxation
measurements in glassy polycarbonate (Lexan) over a range of aging times and
temperatures. They then examined the relation between the mean relaxation
time, derived from a stretched exponential, and free volumes hp, from equation
10, or h. The general conclusion is that equation 11 is valid under isothermal

.conditions, but systematically departs under isochronal conditions. Thus the

temperature dependence of the free volume quantity is not the sole contributing
factor, since the parameters in equation 11 are temperature dependent.
However, on approaching the glass transition range from below, the
viscoelastic properties are increasingly controlled by free volume, and equation
11 tends to become valid. Similar conclusions follow for PVAc. If we accept
Cohen-Turnbull rationalization of equation 11, (34) as applied to stress
relaxation, the implication is a minimum free volume requirement for the
occurrence of the process, which increases with increasing temperature. (33)

Relaxation Theory.

So far the h-function has served to correlate thermodynamic with other
properties. The next subject is relaxation theory. This subject owes much to
the incisive research of the late André Kovacs and his colleagues. The issue
for us is the construction of theories with the h-function as the central quantity,
and a kinetics depending on the availability of free volume. A strictly
molecular theory would have to provide this dependence. Instead we remain at
the level reminiscent of the classical theory of Brownian motion, where
macroscopic relationships are invoked (see below).

So far, only the average values of the hole fraction have received
attention. In the two versions of a theory dealing with a time dependent h-
function, dispersions of h are the focus.

Diffusion Theory. (35) The diffusion rate is determined by a Doolittle
dependence, equation 11, imposed on the Jocal free volume. The input are the
eos scaling parameters, the Doolittle constants, derived from viscoelastic data
in the melt, and a diffusion length scale as an adjustable parameter. The
experimental information consists of volume recovery, following simple up or
down temperature steps, or two steps in opposite directinons, separated by a
time interval. The integrated h-function, derived from the solution of the
diffusion equation, is to be compared with h extracted from the measured
volume recovery. The theory is successful for the single step experiments in
PVAc. In the double step experiment the location in time of the observed
maximum is correctly predicted, but its height is underestimated. One may
::tf{cnpate that a distribution of diffusion functions could formally correct this
iciency.

Stochastic Theory. (36) This version operates with free volume dispersions
resulting from thermal fluctuations. The agent for the drive to equilibrium are
local motions involving a characteristic number of segments. These
encompass a certain volume in which the fluctuations are considered. The
mean square fluctuations <h2>, derived from the free energy, €quations 1 and
2, and the average <h> derived from the eos are assumed to determine the
distribution of free volume levels. The kinetics of free volume change is
described by transition probabilities. These in turn are Doolittle or WLF
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functions of the particular free volume level plus a contribution from the
surrounding regions, which is approximated by the mean free volume. The
result is a Fokker-Planck equation for the distribution function w (h,t)

ow /ot = 3/ oh{D(h)ow / oh - D(h)wdénw,,, /dh} 12)

This describes the “diffusion” of w to the equilibrium function we(h),
governed by the diffusion (Doolittle) function D(h). The first term inside the
brace represents a diffusion current. The second term arises from a
conservative force as the gradient in h of a potential - kT £nWe. This
formulation can be extended to a study of the effect of external forces on w and
hence on the macroscopic volume relaxation. So far, solutions of equation 12

have not been obtained. In the original formulation (36) solutions for the case
of discrete free volume states were developed by Robertson, which yield series
of coupled differential equations for the transition probabilities.

The first applications of the theory were concerned with volume
recovery following single and multiple temperature steps. We refer for details
to Ref. 36. Good agreement with Kovacs’ experimental data (37) on PVAc s
observed for the former. In the latter the agreement is semi-quantitative in
reproducing the locations and heights of the experimental maxima obtained by
diverse thermal histories. This situation is significantly remedied by allowing
for an Arrhenius thermal activation process in addition to the structural (h)
contribution to the kinetics. (36) We note finally that this theory leads in a
natural way to a distribution of retardation times.

Further Applications. Detailed evaluations and numerical simulations
of the theory are found in Vleeshouwers’ thesis. (31,38) One example
concerns the frequency and temperature dependence of the complex bulk
modulus. Another is the simulation of cooling the melt over a transition region
into the glassy state. To proceed, the continuous temperature profile is
approximated by a series of discrete steps, depending on the cooling rate. The
relaxing free volume and volume following each T-jump are then computed.

In this manner the theory provides information about the effect of cooling rate
on Tg. This is illustrated in Figure 8 for the case of PVAc. Most importantly,
it describes the influence of the eos parameters, see equation 3, in particular of

the attraction energy €* and of c, on Tg.
Conclusions

The structure function h obtained at equilibrium by a free energy minimization,
is extracted in the glass from its equation of state for a specific formation
history. This procedure yields satisfactory correlations, when the role of h as
an ordering and as a free volume quantity respectively is adopted. The
additional assumption is that the difference between equilibrium

melt and its glass resides solely in the temperature and pressure dependence of
h. Thisleadstoamnia,lfreeze-inofhatTg, which is a function of Ty and
approaches completeness for low Tg. The assumption however fails in
accounting for the change AC), at Tg. It also fails in describing the temperature
dependence of the positron cavity fraction hy in the glass, although it does so in
the melt. Both discrepancies indicate that further attention should be paid to
the behavior of c, the number of volume dependent, external degrees of
freedom. In the melt, the equation of state has been quantitatively successful
with a constant c. The results of a formal reconciliation of h derived from the
equation of state and the positron hy, suggest however a modification of the
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Figure 8. Theoretical volume-temperature curves of a poly (vinyl acetate)
glass as a function of cooling rate. Adapted from ref. 31.

theory which allows for a pressure and temperature dependent ¢ in melt and
glass. A coupling of c and the free volume h remains to be investigated. On
the other hand, there is the possibility that the differences between h, and h
involve radiation induced rate effects, and depending on experimental
conditions. The introduction of h as a free volume function in melt flow and
viscoelasticity shows simple relationships over limited ranges of temperature
and pressure. Connections between degrees of freeze-in and activation
energies at Ty remain to be explored. Kinetic theories, based on relaxation of
the h-function as the determinant, capture the essentials of the volume
relaxation process following temperature or pressure changes. However the
comparisons with multi-step temperature experiments suggest the existence of
an activation process in addition to the structural (h) contribution. A
noteworthy result of the theory, to be further exploited, is the relation between
Tg and the characteristic molecular interaction parameters and the c-factor, and
thus the physical properties of the melt.
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Chapter 9

Structural Relaxation and Fragility of Glass-Forming
Miscible Blends Composed of Atactic Polystyrene and
Poly(2,6-dimethyl-1,4-phenylene oxide)

Christopher G. Robertson and Garth L. Wilkes

Department of Chemical Engineering, Polymer Materials and Interfaces
Laboratory, Virginia Polytechnic Institute and State University,
Blacksburg, VA 24061-0211

Structural relaxation rates for miscible polymer blends of atactic
polystyrene (a-PS) and poly(2,6-dimethyl-1,4-phenylene oxide) (PPO)
were assessed for isothermal aging in the glassy state and compared to
the pure polymer relaxation rates. Specifically, volume relaxation rates
were measured via dilatometry at several undercoolings from 15 to
60°C below the inflection glass transition temperature (Tg), and
enthalpy relaxation rates were determined for aging at T,-30°C. The
compositional dependence was qualitatively similar for volume
relaxation compared to enthalpy relaxation for aging at 30°C below T,
and the trend featured the blend relaxation rates falling below weighted
contributions from the structural relaxation rates of the pure
components. The blends exhibited greater fragility values than
expected based on the values of the neat materials. This suggests that
the decreased structural relaxation rates for the blends aged at T,-30°C
were a consequence of an increased degree of required cooperativity
between relaxing segments in the blend compared to the pure polymers.

As the temperature of an amorphous polymer is decreased from an initial state of
thermodynamic equilibrium in the liquid state, a glass transition temperature (T,) is
reached where the molecular mobility is reduced to an extent which disallows the
equilibrium state to be attained for a finite quench rate. During cooling a glass-
forming material at constant pressure, equilibrium relaxation times typically increase in
a non-Arrhenius manner toward a temperature asymptote at the Vogel temperature
(To) where the equilibrium relaxation times diverge to infinity. If the kinetic
temperature limit, To, is considered to be a true thermodynamic transition temperature
or Kauzmann temperature (Tx), then fragility (F) can be considered a measure of how
close the kinetic glass transition approaches the thermodynamic transition (F = To/Ty)
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according to Angell (/). Cooling a polymer into the glassy state inherently results in
molecules which are initially “frozen” into a non-equilibrium state but which can
slowly relax in a local segmental manner, in accordance with the thermodynamic
driving force, towards an equilibrium state of lower volume, enthalpy, and entropy.
This temporal change in the thermodynamic state of a glassy material, known as
structural relaxation, is accompanied by changes in application properties, common
examples of which include mechanical embrittlement and a decrease in permeability
(2,3). These changes in the macroscopic properties are referred to as physical aging,
although the term physical aging is also used in a more general manner to describe all
thermoreversible changes associated with the non-equilibrium glassy state, regardless
of whether the changes are associated with the thermodynamic state (structural
relaxation) or bulk properties.

Polymer blends can often be tailored to provide unique combinations of
desirable properties, thereby making blends candidates for novel applications. The
importance of mechanical and barrier characteristics to the successful utilization of
polymeric materials and the fact that physical aging can significantly affect these
properties in glassy polymers, therefore, justifies research efforts aimed at
understanding the physical aging of polymer blends. Miscible amorphous blends
represent potentially interesting systems to study with regards to physical aging.
These single-phase systems can display largely homogeneous behavior which in some
instances is intermediate to the pure component responses (e.g. compositional
dependence of T;) and in other cases is not anticipated based upon the expected
contributions of the pure components comprising the blend (e.g. mechanical property
synergism).

This communication presents volumetric and enthalpic structural relaxation
rates as a function of composition for miscible blends of atactic polystyrene (a-PS) and
poly(2,6-dimethyl-1,4-phenylene oxide) (PPO). This preliminary investigation is part
of a larger study aimed at understanding the influence of specific interactions on the
structural relaxation behavior and corresponding mechanical response changes for
miscible blend systems. This ongoing research effort will aid in obtaining a greater
understanding of the physical aging of miscible blends, a research area previously
investigated in only a limited number of studies (4-/6). From a broader perspective,
the research to be discussed is also designed to probe the ability of using glass-forming
behavior upon cooling through the glass transition region (i.e. fragility) to predict
structural relaxation rates in the glassy state.

Experimental Details

Blend Preparation and Characterization. Blends of a-PS (Dow Chemical 685-D)
and PPO (Polysciences, Cat.# 08974) were prepared by mixing at 265°C for 15
minutes in a Brabender (Model 5501) melt blender. Films were compression molded
from the neat materials and blends, and the resulting films had an approximate
thickness of 0.2 mm. All materials were stored in a dessicator cabinet prior to testing.
The inflection glass transition temperature (Tg) was investigated as a function of blend
composition in a differential scanning calorimeter (Perkin Elmer DSC 7) for samples
weighing 8 to 11 mg at a heating rate of 10°C/minute following a quench from the
equilibrium liquid state (T+50°C) at 200°C/min (see Enthalpy Relaxation
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Measurements section for further DSC details). The onset to the glass transition
(Tonser) and the end of the transition region (Tew) Were also assessed for the blend
system in order to determine values of glass transition breadth (Tend-Tomet). Density
measurements were made at 23°C using a pycnometer manufactured by Micromeritics

(Model AccuPyc 1330).

Enthalpy Relaxation Measurements. Prior to aging, samples weighing
approximately 10 mg were loaded in aluminum pans and quenched into the glassy state
at 200°C/min in the DSC after annealing at Tg+50°C for 10 minutes. Samples were
aged isothermally at T,-30°C (£0.5°C) in ovens under nitrogen purge for various
amounts of time ranging from 1 to 100 hours. Each sample was then scanned in the
Perkin Elmer DSC 7 from T,-50°C to Tg+50°C using a heating rate of 10°C/minute
(first heat). In order to provide an unaged reference with which to compare an aged
DSC trace, each sample was then annealed in the DSC at Tg+50°C for 10 minutes,
quenched at 200°C/min, and scanned from T,-50°C to Tg+50°C at 10°C/minute
(second heat). Extent of enthalpy relaxation was determined from the first and second
heating scans using a method to be described later. In some cases, a third heat was
performed after an additional 10 minute hold at T,+50°C to verify, by comparison with
the second heat, that the isothermal hold at Tg+50°C did not result in chemical
degradation. All DSC testing utilized a nitrogen purge. An instrument baseline was
generated every two hours of testing at a heating rate of 10°C/minute using empty
pans with lids in the reference and sample cells. The ice content in the ice/water bath
was maintained at approximately 30-50% by volume during all testing. The DSC
temperature was calibrated using the melting points of indium and tin, and the heat
flow was calibrated using the heat of fusion of indium.

Volume Relaxation Measurements. Isothermal volume relaxation was monitored
for compression molded bar samples (13 mm x 13 mm x 38 mm) using a precision
mercury dilatometry apparatus described in detail elsewhere (17), and just prior to
volume relaxation measurements, the materials were annealed in the dilatometers for
10 minutes at T;+50°C and then quenched using an ice bath. The thermodynamic state
of the quenched dilatometer samples was essentially identical to that of the quenched
DSC samples used to assess enthalpy relaxation as was verified in the following
manner. Films of a-PS were alternately stacked with Teflon® films to form a
composite bundle with the approximate dimensions of a typical dilatometer sample,
and this film bundle was encapsulated in a dilatometer bulb with mercury. The
encased material was then annealed in the bulb at Tg+50°C for 10 minutes and
quenched to room temperature by immersion of the dilatometer bulb in an ice bath.
Following this quench, the a-PS films were extracted from the bulb and then the outer
and center layers were used to generate ~10 mg DSC samples. These samples were
subsequently scanned in the DSC from T,-50°C to T,+50°C at 10°C/minute, annealed
at Tg+50°C for 10 minutes, quenched at 200°C/min, and scanned a second time from
T4-50°C to Tg+50°C at 10°C/minute. Fictive temperature (Ty) calculations were
performed on both heating scans for the two film samples using the Perkin Elmer
analysis software provided with the instrument. The first heats of the outer and center
film samples provided T values of 103.5°C and 103.0°C, respectively. The second
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heats for both samples yielded essentially equivalent fictive temperatures equal to
103.4°C, a value also obtained for a-PS samples which were freshly quenched (DSC
quench at 200°C/min) and which were not previously subjected to enclosure in the
dilatometer bulb. Because the fictive temperatures were essentially identical for both
the DSC and dilatometer quenching conditions, the initial structural states of the
samples were equivalent for the volume and enthalpy relaxation experiments. For
reference, the use of a typical apparent activation energy for the glass transition
temperature region provides an expected Ty reduction of approximately 3°C for a ten-
fold decrease in the cooling rate.

Dynamic Mechanical Testmg. Dynamic mechanical measurements (tensile) were
made with a Seiko DMS 210 using samples (0.2 mm thick, 20 mm long, 5 mm wide)
which were freshly quenched after free-annealing at Tg+50°C for 10 minutes. This
testing was performed in the o relaxation temperature region using a heating rate of
0.3°C/min and a frequency range of 0.01 to 20 Hz. The slow heating rate essentially
allowed isothermal data to be obtained as a function of frequency at temperatures
ranging from approximately 5°C below to 30°C above the calorimetric T,.

Results and Discussion

The structural relaxation of a-PS, PPO, and miscible blends thereof containing 25, 50,
75, and 87.5 wt.% PPO was investigated by assessing reductions in enthalpy and
specific volume during isothermal annealing. For comparative purposes, the aging was
performed at fixed temperature distances below the inflection glass transition
temperature (T,) values. The compositional dependence of T, for the miscible blend
system was determined via DSC using a heating rate of 10°C/min, and the results are
indicated in Figure 1. Using the widely accepted definitions of the onset and end of
the glass transition region, the breadth of the glass transition did vary slightly with
composition, and the maximum breadth was 12.9°C for the 50/50 wt. a-PS/PPO blend
in contrast to values of 6.0°C and 7.6°C for a-PS and PPO, respectively. This
certainly raises questions regarding whether scaling of the aging data, which is
necessary to allow compositional comparisons, should use the inflection in the glass
transition temperature (T,) as a reference point or the onset of the transition (Tome),
and what the possible influence of microheterogeneities, rich in the pure components,
is on the physical aging process. This is even more of an issue for a blend system such
as a-PS and poly(vinyl methyl ether) (PVME) where the 50/50 wt. blend has a glass
transition breadth of approximately 50°C, far greater than the breadth values for pure
a-PS and PVME which are both under 10°C (18).

Enthalpy Relaxation. Although enthalpy relaxation cannot be directly measured, the
reduction in enthalpy occurring during isothermal aging below T; is recovered when
the aged sample is heated back through the glass transition region in a differential
scanning calorimeter (DSC). Subtracting the DSC scan for the freshly quenched
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Figure 1: Glass transition temperatures for a-PS/PPO blend system measured using
DSC during heating at 10°C/min following quench from T4+50°C at 200°C/min.

sample (second heat after annealing at Tg+50°C for 10 minutes) from the scan for the
aged sample (first heat) and then integrating the result provides an enthalpy difference
value essentially equivalent to the reduction in enthalpy which took place during the
actual aging period. If samples are aged for different amounts of time (spaced
logarithmically), then an isothermal enthalpy relaxation rate can be assessed as follows
(19): Pu = d(AH)/dlog(t,) where t, is the isothermal aging time at T,, the aging
temperature, and AH is the endothermic area determined from the aforementioned
subtraction procedure, keeping in mind that a positive AH really reflects a negative
change in enthalpy which occurred during physical aging. Samples of a-PS, PPO, and
intermediate blends were isothermally aged at T, = T;-30°C for periods of time
ranging from 1 to 100 hours and the resulting enthalpy relaxation rates are presented
in Figure 2 as a function of composition. For this aging temperature, pure PPO
relaxes faster than the a-PS homopolymer and the blend rates appear to deviate
negatively from what might be anticipated assuming additive responses from the two
components in the blend. The compositional dependence of By is quite similar to the
variation of T, with PPO content, an interesting feature which does not necessarily
have any physical meaning.

Volume Relaxation. Isothermal volume relaxation was assessed for the a-PS/PPO
blend system using a precision mercury dilatometer up to a final aging time of
approximately 2 days. Four aging temperatures of T,-15°C, T,-30°C, T¢-45°C, and
T,g-60°C were used, and the resulting relaxation rates ( Bv = -(1/V)dV/dlog(t.) ) (19)
are presented in Figure 3 (initial curvature in volume relaxation plots was not used in
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Figure 2: Enthalpy relaxation rates for a-PS/PPO blend system aged 30°C below T,
Error bars indicate the error in the slope assessed from a plot of AH versus log(t.).
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Figure 3: Volume relaxation rates for a-PS/PPO blend at given undercoolings. Data
and error bars for T,-30°C represent three volume relaxation experiments while data at
other undercoolings represent one experiment.

the assessment of the v values). It is evident from these data that PPO relaxes at a
greater rate than a-PS, as was also indicated by the enthalpy relaxation investigation
performed isothermally 30°C below Tg. Additionally, the volume and enthalpy
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relaxation data obtained at T,-30°C exhibit very similar compositional trends, with
blend rates lower than weighted contributions from the pure component rates. Current
research on the a-PS/PPO blend system not detailed in this communication involves a
comparison of Bv/By with the ratio of the step increases in the thermal expansion
coefficient and heat capacity to see if the expression Bv/Bu = Ao/AC, holds as it did for
atactic polystyrene according to Oleinik.(20)

An interesting feature of the volume relaxation rate data is that the blend aging
rates deviate negatively from a linear interpolation of the pure component rates for
aging performed at aging temperatures of 15 and 30°C below T, while the blend
volume relaxation rates at the lowest aging temperature of T,-60°C appear to fall
directly between the rates of the pure components in a linear fashion. This change in
the compositional trend as aging is performed deeper in the glassy state was initially
thought to be due to the influence of a secondary relaxation in PPO, appearing as a
shoulder to the o transition and manifesting itself in the blends at the same
frequency/temperature as in pure PPO (2/). This PPO relaxation was later discovered
to be the direct result of moisture introduced while tightening the samples in the tensile
grips of the dynamic mechanical analyzer at subambient temperatures. Using testing
procedures which eliminated this subambient tightening operation, initially dry samples
did not exhibit this relaxation and samples exposed to water prior to testing did. This
unique dynamic relaxation behavior in PPO, which has not been described in the
literature to the knowledge of the authors, will be detailed in a publication which is in
preparation. This knowledge, therefore, invalidates the speculative explanation for the
aforementioned volume relaxation rate trend. The development of an understanding of
the changing compositional dependence of the volume relaxation rates as aging is
performed deeper in the glassy state is currently being undertaken.

Fragility. In addition to sub-T, structural relaxation behavior, general glass-forming
behavior was investigated for the blend system as a function of composition. The
generation of dynamic mechanical master curves in the o relaxation region (from
approximately Tg-5°C to T,+30°C) allowed Williams-Landel-Ferry (WLF) (22)
parameters to be determined for the a-PS/PPO blends, and these parameters are given
in Table I. Angell's (/) recent definition of fragility (F), F = 1 - (C2¢/Tg) = To/T,, was
used to assess fragility as a function of blend content and the resulting values are
evident in Figure 4. The blends are clearly more fragile than a weighted average of the
fragility values of pure a-PS and PPO indicated by the dashed line in Figure 4.
Consistent with this observation, estimates of the number of segments in a
cooperatively relaxing domain at T, (z;) using the Adam-Gibbs approach (23,24)
resulted in greater values for the blends in comparison to the pure components. Based
on the WLF equation, the activation energy at T, is AE = 2.303RC,(T,)* / Cz¢ and
the activation energy in the limit of 1/T — 0 (T — <o) is Ap = 2.303RC,,{C5. The
barrier height A, also known as the Vogel-Fulcher activation energy, can be viewed
as representing the activation energy for the independent relaxation of a segment while
AE is the apparent activation energy at T, which involves cooperative segmental
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Table I: WLF Parameters at Calorimetric T, for a-PS/PPO Blend System

PPO Content Cl,; Cz..
Wt %) ®)
0 15.1 4738
(£0.1) (£0.2)
25 15.5 50.2
(£0.6) (£3.3)
17.5 548
50 (11 +6.2
75 174 62.2
(£0.3) (£ 1.8)
18.0 68.9
87.5 (£0.3) (1.5
204 83.8
100 £1.3) (6.5
0.90
0.88 -
| .
F
- 0.86- ¢
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Figure 4: Fragility as a function of composition for a-PS/PPO blend system.

relaxation. Therefore, the number of segments (z) which must relax cooperatively at
T, can be expressed as: z, = AE/Ap = (T / Cy,)". Angell’s expression for fragility
given above was developed based on the assumption that C,, does not vary for
different materials and should be on the order of 16 to 17(7), which does not appear to
be the case for the a-PS/PPO system which exhibits compositional dependence of the
Ci,; parameter. Inspection of the expression for z, indicates that this quantity is
independent of C, 4 although no assumption regarding the constancy of this parameter
is invoked. Therefore, fragility defined as F = 1 - (C2,¢/T,) can be used as a measure of
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cooperativity, independent of arguments concerning whether C,; should be invariable,
since expressions for both F and z, involve only the parameters C, and T, although
the exact functional specifics vary. Returning to a discussion of the experimental data,
a probable cause for the increased relaxing domain size for the blends in comparison to
the neat polymers is that the presence of specific interactions between a-PS and PPO
in the blends during relaxation requires enhanced cooperativity. However, as can be
seen in Figure 5, the formation of these specific interactions also results in a negative
change in volume upon mixing, as is often observed for miscible polymer blend
systems. At this point, therefore, it is difficult to separate the enthalpic constraints
provided by the specific interactions from the geometric constraints imposed by a
decrease in free volume when the specific interactions are formed upon blending.

0.98

1 —0—T=23°C
0.97 4 —o— Data scaled to T = Ty - 30°C

0.96 - 4
0.95 1
0.94 1

V (cm3/g)

0.93
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091
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Figure 5: Specific volume for freshly quenched a-PS/PPO blends. Data was obtained

at 23°C using pycnometer and scaled to T = T,-30°C using thermal expansion
coefficients given by Zoller and Hoehn (25).

o4

1t is interesting to see if a correlation exists between structural relaxation rates
in the glassy state and fragility, which is an indicator of glass-forming behavior. In
comparison to weighted contributions from the pure component responses, the blends
were more fragile and exhibited lower volume and enthalpy relaxation rates for aging
performed at the lowest undercoolings investigated (15 and 30°C below Ty,
suggesting that decreases in structural relaxation correspond to increases in fragility.
This correlation is clearly evident in Figure 6 which illustrates linear decreases in both
enthalpy and volume relaxation rates at T, = T, - 30°C with increases in fragility for
the a-PS/PPO blend system. The implication is that the same molecular features which
govern the build-up of relaxation times during glass formation upon cooling also
influence the temporal change in the thermodynamic state during annealing of the non-
equilibrium glass.
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Figure 6: Apparent correlation between structural relaxation rates and fragility for the
a-PS/PPO blend system aged at 30°C below T,

Conclusions

Structural relaxation was investigated as a function of composition for blends of a-PS
and PPO. For aging at temperatures 15 and 30°C below T,, the blend rates followed
by both volume and enthalpy were clearly less than expected based upon weighted
rates of the pure components. The blends were more fragile and possessed larger
cooperatively relaxing domain sizes than expected based on the behavior of a-PS and
PPO, an observation believed to be a result of the specific interactions in the blends.
The convincing correlation between diminishing structural relaxation rates with
increasing fragility for the blend system suggests that sub-T, relaxation was also
affected by the interactions.
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Chapter 10

Dielectric Spectroscopy of Bisphenol-A Polycarbonate
and Some of Its Blends

G. J. Pratt' and M. J. A. Smith’

'Department of Mechanical and Manufacturing Engineering, University
of Melbourne, Parkville 3052, Australia %
’Department of Physics, University of Warwick, Coventry CV4 7AL, United
Kingdom

Dielectric spectroscopy has been applied to
the study of commercial bisphenol-a
polycarbonate and some of its blends and to
their susceptibility to environmental
factors. The multiplicity of overlapping
absorptions is consistent with the high
impact strength of polycarbonate over an
extended temperature range. Two intermediate-
temperature 1losses are differentiated and
delineated; their origins and reason for
diminution by annealing are examined.
Dielectric spectroscopy is seen as a
particularly sensitive means for detecting and
possibly characterizing radiation-induced
changes in polymers before significant
deterioration of other properties has
occurred. For impact-modified PC/PBT and
PC/PET blends evidence is provided for
partial miscibility of the component polymers
and for a two-phase morphology with a
polyester-rich dispersed phase in a continuous
matrix rich in polycarbonate.

The high impact strength, dimensional stability and
optical clarity (low crystallinity) of bisphenol-a
polycarbonate (PC) together with its 1low dielectric loss
have led to a range of applications embracing optical
components, CD-ROMs, film capacitors and safety-related
products. Subsequent market demands for enhanced
physical properties has stimulated the development of a
range of commercial blends of which rubber-modified
bisphenol-a polycarbonate (PC) with polybutylene
terephthalate (PBT) or polyethylene terephthalate (PET)
are amongst the more successful.
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Dielectric spectroscopy is concerned with the
dependence of complex permittivity on temperature and
frequency. The relatively low level of d.c. conduction in
polycarbonate ensures that the principal relaxations
associated with polycarbonate’s active C=0 dipole can be
observed over a useful range of frequency and temperature.
In multi-phase or multi-component polymers charge
accumulation at the sub-structure interfaces leads to
Maxwell-Wagner-Sillars (MWS) contributions to the overall
polarization.

The sensitivity of dielectric spectrometry is such
that it may be used with polymers to study how molecular
motion is influenced by 1low molecular weight additives,
crosslinking, branching, inter- and intra- molecular
interactions, blending, copolymerization, and degradation.
Dielectric data can complement that obtained using dynamic
mechanical analysis, differential scanning calorimetry,
spectrophotometry, electron spin resonance, or nuclear
magnetic resonance. Much of the useful dielectric
information on polymeric materials is provided by
observations within the frequency range 10 Hz to 10° Hz.

The present paper reviews the application of
dielectric spectroscopy to an integrated study of
commercial bisphenol-A polycarbonate and some of its
blends [1-3] including its susceptibility to
environmental factors such as u.v. radiation [4,5] and
humidity [6].

Experimental

The clear polycarbonate materials investigated were
General Electric LEXAN 141, a medium viscosity grade
containing a small amount of phosphite processing
stabilizer, the corresponding u.v.-resistant compound
(143), and an additive-free grade (145). The blends
investigated were a PC/PET blend (XL1339) from GE
Plastics Europe, a 5:4 melt blend of LEXAN 145 PC and
VALOX 315 PBT containing a transesterification inhibitor
(as used in the production of commercial XENOY materials),
and a similar composition containing 10% of added rubber
(impact modifier). XL1339 contains 68.5% PC, 21.0% PET
and 7.0% impact modifier.

Sample preparation and measurement techniques have
been described previously [2,7]. Apart from some samples
of LEXAN 141 which were deliberately exposed to the
laboratory atmosphere for at least one month, each sample
was equilibrated in dry nitrogen at 30 to 35°C for at
least 24 hours prior to investigation. The dielectric
data was obtained over the ranges 0.1 Hz to 3 MHz and
-190°C to +195°C using the wide-band capacitative-T
permittivity bridge of Pratt and Smith [7]. For each
material a single sample of approximate dimensions 25 x
20 x 0.4 mm was sufficient to cover the experimental range
without a change of apparatus or technique and without
resort to Fourier transform analysis. Temperature control
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was achieved using a baffled flow of dry nitrogen gas at
the desired temperature.

For the investigation into the influence of u.v.
radiation on the dielectric properties of polycarbonate,
pressed sheets of the material were irradiated at room
temperature in air by a standard Hanovia mercury lamp. The
lamp provided a spectrum of wavelengths within the range
254 to 546 nm and sample intensities of 2.47 mW cm™* and
0.91 mW cm? respectively at the principal wavelengths of
365 nm and 254 nm. A voltage-stabilized power supply
assisted consistency of spectral output.

Immediately prior to a dielectric measurement, a
Keithley Instruments 602 electrometer was used to
determine the quasi-d.c. conductivity of the sample after
allowing time, typically up to an hour, for the decay of
current transients. The equivalent imaginary permittivity
caused by the quasi-d.c. conductivity was subtracted from
the measured total permittivity.

Results and Discussion

Bisphenol-A carbonate has been widely studied by
dielectric [8-26], dynamic mechanical [{27-31] and
thermally stimulated depolarization (TSD) [10-13,32-35]
techniques. However, differences in the compositions of
the materials studied, and in their thermal history and
pretreatment, have led to apparently conflicting results
being reported in the literature, as discussed in detail
in a recent paper [6]. In the present study contour maps
of complex relative permittivity for both basic and
u.v.-resistant grades of LEXAN have been obtained over
an extended range of experimental conditions using a
single apparatus, with each grade of material subject to
the same thermal history.

Unirradiated Polycarbonate Homopolymers. Dielectric
spectroscopy has identified eight distinct absorption and
dispersion regions in nitrogen-equilibrated commercial
bisphenol-A polycarbonate [1]. A clear correspondence is
found between the temperature-frequency regimes in which
changes occur in £’ and &" as expected from the Kramers-
Kronig relations. Increases in €’ coincide with peak
maxima for £" as seen, for example, in Figures 1 and 2.

High- and Low-Temperature Relaxations. A particularly
sharp and prominent 1loss peak in the g" contour map
for unirradiated LEXAN 141, 143 or 145 is attributed to
the primary («) relaxation which is associated with
gross motions of the polymer chain in the region of Tg.
The widths of the « peaks for each of the three
materials are comparable with that shown in Figure 3 for
unequilibrated LEXAN 141 and suggest a similar, low degree
of crystallinity ([17].

The most extensive feature in each " map is a broad B-
peak in a region where £’ changes gradually. Deconvolution
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Figure 1: Plots of the temperature-variation of real
relative permittivity £’ of unequilibrated LEXAN 141
polycarbonate at half-decade frequencies from 0.1 Hz
to 3 MHz. The scale markings on the vertical axes
refer to £’ values for 3 MHz, 10 kHz, 30 Hz and
0.1 Hz respectively, as indicated.
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Figure 2: Plots of the temperature-variation of
imaginary relative permittivity £" of unequilibrated
LEXAN 141 polycarbonate at half-decade frequencies
from 0.1 Hz to 3 MHz. The scale markings on the
vertical axes refer to g" values for 3 MHz, 10
kHz, 30 Hz and 0.1 Hz respectively, as indicated.
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Figure 3 : Contour map showing the temperature-
frequency variation of imaginary relative permittivity
£" for unequilibrated GE LEXAN 141 polycarbonate.

Figure 4: 3-D representation showing the temperature-
frequency variation of imaginary relative permittivity
€" for unequilibrated LEXAN 141 polycarbonate.
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of the peak indicates that a range of segmental motions
contribute to its breadth and shape [36]. At lower
temperatures the phenyl groups are immobile and
localized segmental motion is hindered by adjacent phenyl
rings despite the open packing of the polymer chains in
glassy PC. At higher temperatures the mobility of the
phenyl groups facilitates tightly-coupled combined motion
of carbonate and phenyl groups.

In unequilibrated LEXAN 141 the presence of an
additional loss region above -40°C is indicated by
the increase of slope above 30 kHz in the Arrhenius plot
(Figure 5) for the overall B-peak which does not occur
for the material equilibrated in dry nitrogen. The hlgher
activation energy of this water-related relaxation
relative to the fundamantal PB-process is consistent with
the existence of hydrogen-bonding, or some other form of
inter-molecular interaction which hinders the cooperative
movements of adjacent carbonyl and phenyl groups.

Both LEXAN 141 and 143 [1] show a distinctive loss of
similar intensity in the range -120°C to -130°C below 3 Hz
which is not observed in LEXAN 145 [3]. It is concluded
that the 1low temperature process below 3 Hz is a
consequence of the presence of the phosphite processing
stabilizer in the former which is absent in LEXAN 145.

Exceedingly large losses at 1low frequencies above
150°C are attributed to Maxwell-Wagner-Sillars (MWS)
polarizations arising from conduction mismatches at the
structural interfaces between a continuous matrix of
amorphous polycarbonate and a crystalline or densified
second phase. Provided that the discontinuous phase
tends towards a two-dimensional aspect and has a
conductivity less than that of the matrix, theory predlcts
substantial MWS losses even with a low concentration of
the discontinous phase [37].

Intermediate - Temperature Relaxations. Secondary
relaxations in the glassy state at temperatures
intermediate between those of the a- and B- relaxations
have been reported, but workers disagree as to their
nature, location and orlgln. Confusion arises in part from
a failure to recognize the existence of two separate
processes. Krum and Muller [19] observed an intermediate
relaxation only for 1nject10n-moulded or cold-drawn
polycarbonate samples. Since the magnitude was diminished
by annealing and the loss was not detected in fully
annealed samples, they concluded that the intermediate
process is a non-equilibrium effect associated with
residual stresses.

In the present work two separate intermediate
relaxations are observed and defined in the glassy state
at temperatures above ambient in all LEXAN grades which
have been investigated, whether equilibrated [1,3] or
unequilibrated [6], u.v.-irradiated [4] or unirradiated
[1,3,6]. The first (i,) appears in Figures 3 and 4, for
example, as a shoulder from about 105°C at 0.1 Hz to
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Figure 5: Arrhenius plots of the logarithm of the
frequency 1location of the B-peak vs. reciprocal
temperature for equilibrated (@) and unequilibrated
(¢ ) LEXAN 141. Equilibrated samples were stored in
dry N; at 30-35°C for 24 hours prior to testing.
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140°C at 300 Hz. This absorption cannot be discerned
above 1 kHz, and corresponds closely with that reported
by Watts and Perry [26] for LEXAN 101. The second (i,)
persists throughout the frequency range covered by the
present work, and most probably corresponds with that
reported by Muller and co-workers [18-19], Sacher [23-25]
and others [8-9,28-29,38-39]. At low frequencies the i,
absorption exists as a separate peak at moderate
temperatures (Figure 4) which at  higher frequencies
gradually merges with the a-peak to become a shoulder at
about 160°C at 3 MHz.

On balance, the i, relaxation process is now regarded
as involving partially-correlated motion of a moderate
number of molecular segments or repeat units as
precursor to the cooperative but uncorrelated
micro-Brownian motion which occurs above Tg. It is
postulated that the origin of the i,-absorption is a
relaxation process in which the phenyl groups undergo
180° flips as might arise when adjacent carbonyl
groups interchange between cis-trans and trans-trans
conformations [40-42]. Annealing reduces the
available free-volume, thereby inhibiting the ring-flip
process. Rather than the relief of frozen-in stresses,
this reduction in free volume is considered to be the
underlying cause of the diminution by annealing of the
intermediate relaxations.

Influence of U.V. Radiation. Above 180°C the values of £/,
€" and tan & rise significantly more rapidly for the u.v.-
resistant LEXAN 143 than for either 141 or 145 and in a
manner which seems to be independent of frequency [1].
It is postulated that u.v.-protection in the 143 material
is conferred by intimate association of the benzotriazole
additive with the polymer molecules, and that above 180°C
this additive is 1liberated from the polymer molecules,
freeing additional polarizable groups which contribute
to the observed increase in £/, £" and tan é.

For the unstabilized LEXAN 141 exposed to u.v.
radiation, additional dispersions appear as a result of
new polar groups created by the irradiation (Figure 6b).
Continuation of irradiation causes the additional
dispersions to move to lower temperature and frequency
(Figure 6c) in a manner which is broadly consistent with a
sequence of photo-Fries reactions and subsequent photo-

oxidation [4]. Using polycarbonate samples containing
identifiable photo-products, in particular phenyl
salicylate, some progress has been made towards
establishing specific correlations between radiation-
induced absorptions and expected products of photo-
degradation or photo-oxidation [5]. Moreover, an
indication of photo-degradation can be obtained at an
early stage before significant deterioration of

properties has occurred.
For the stabilized polycarbonate there is evidence
that the benzotriazole imparts partial u.v. stabilization
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by a mechanism of preferential u.v. absorption until the
additive is itself consumed [5].

Polycarbonate / Polyester Blends. Contour maps of the
temperature-frequency variation of complex relative
permittivity have been obtained for impact-modified PC/PBT
and PC/PET blends [3,43] and for their constituent
polycarbonate [3], PBT [44] and PET [45] homopolymers. In
the impact-modified PC/PBT blend (Figure 7), as in each of
the blends, a single broad B-absorption is observed but
the separate a-absorptions of the constituents persist.

The persistence of the glass transition temperatures
of the component polymers in each of the blends, and the
lack of a third Tg peak at an intermediate temperature
(see, for example, Figure 8), confirms that the blends
contain two phases. The temperature shift in each Tg is
a consequence of the partial miscibility of the component
polymers in the melt. The very slight increase in the Tg
of PBT and PET in the ©PC/PBT and PC/PET blends
respectively indicates that the polyester-rich phase
contains only a small amount of polycarbonate, whereas the
significant decrease in Tg in the PC component of the
blends suggests the presence of substantial proportions
of PBT or PET respectively in the phase consisting
predominantly of polycarbonate.

A reason for blending PBT with PC is to overcome the
comparatively poor solvent resistance of polycarbonate.
The enhanced solvent resistance of the blend would be
expected if PBT was the continuous matrix phase in the
blend, as suggested by Hobbs et al [46-47]. However, the
observation that the d.c. conductivity of polycarbonate
and its blends is orders of magnitude less than that of
PBT and PET over a substantial temperature range
indicates unambiguously that the PC-rich phase forms the
continuous matrix in each of the blends investigated here.
It would seem that the enhanced solvent resistance in
PC/PBT blends can only arise from the substantial
proportion of evenly-distributed PBT which is contained in
the matrix.

Conclusions.

Eight distinct absorption regions are identified in
nitrogen-equilibrated polycarbonate, with bound water
causing a further absorption in the unequilibrated
material. The multiplicity of overlapping absorptions is
consistent with the high impact strength of
polycarbonate over an extended temperature range. Two
intermediate-temperature losses are differentiated and
delineated; their origins and reason for diminution by
annealing are examined. Rather than the relief of
frozen-in stresses, the associated reduction in free
volume is considered to be the underlying cause of the
diminution by annealing of the intermediate relaxations.
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Figure 7: Contour map of imaginary relative
permittivity £" for an impact-modified polycarbonate
/PBT blend. [adapted from ref. 3]

7

logVm —

Figure 8: Arrhenius plots of the logarithm of the
frequency of maximum loss vs. reciprocal temperature
for the dielectric «-relaxations in GE LEXAN 145 PC
(@), VALOX 315 PBT (1), a 5:4 PC/PBT blend (‘) gnd
a 5:4 PC/PBT blend containing 10% impact modifier
( Q). [adapted from ref. 48]
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Dielectric spectroscopy is a particularly sensitive
means for detecting radiation-induced changes in polymers
before significant deterioration of other properties has
occurred. For u.v.-irradiated polycarbonate the dielectric
data is broadly consistent with a sequence of photo-Fries
reactions and subsequent photo-oxidation. Changes in the
additional region observed at high temperatures in the
u.v.-resistant polycarbonate imply that the benzotriazole
imparts partial u.v. stabilization by a mechanism of
preferential u.v. absorption. Some progress has been made
towards establishing specific correlations between
radiation-induced absorptions and expected products of
photodegradation or photo-oxidation.

For impact-modified PC/PBT and PC/PET blends evidence
has been presented for partial miscibility of the
component polymers and for a two-phase blend morphology
with a polyester-rich dispersed phase in a continuous
matrix rich in polycarbonate. Other absorptions are
attributed respectively to MWS interfacial polarization,
to the presence of the impact modifier and to a phosphite
processing stabilizer.
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Chapter 11

Physical Aging near the Beta Transition
of a Poly(amide-imide)
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‘NASA Langley Research Center, Hampton, VA 23681

Water and low temperature (20-35°C) aging influence the dynamic
mechanical properties of a poly(amide-imide). ~ At concentrations
below 2 weight percent, water contributes to a low temperature
relaxation between -120 and -50°C. Above 2 weight percent the water
influences the beta transition. The enthalpy of activation for the beta
relaxation is dependent upon aging temperature and time. Aging
temperatures closer to the beta transition temperature result in higher
activation enthalpies for that dispersion.

Physical aging is the reversible densification of an amorphous material below its glass
transition temperature. Experiments traditionally have focused on volume and
mechanical property variations with thermal history. Later experiments have focused
on understanding structure-property relationships and measuring the evolution of the
distributions of relaxations. Early investigations of physical aging include the work of
Tool (1) on inorganic glasses and Fuoss (2) on the dielectric properties of PVC. The
influence of thermal history on creep and volume were extensively examined by Struik
(3) and Kovacs (4) respectively, along with many others (5-19). Although the alpha
transition was the dispersion found to be most affected by aging, the contribution of
the beta process was also explored. The relationship between alpha and beta
molecular motions and mechanical properties has been reviewed by Boyer (20-22) and
Hartman (23). A more current discussion of physical aging in the vicinity of the beta
transition temperature has been conducted by McKenna (24-28) with contributions by
Struik (29), Read (30), Hougham (31) and Dallas (32). Dilatometric measurements by
Lee (33) in atactic polystyrene indicate that volume relaxation occurs below the beta
transition. These data support mechanical experiments done by Read and Dean (34)
on poly(methylmethacrylate). The effect of physical aging on dynamic mechanical
properties of a polyimide has been investigated by others (35-39).

Prior research has shown that the amount of physical aging is dependent upon

158 ©1998 American Chemical Society
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the aging temperature and time below the glass transition temperature Tg. The smaller
the difference between the glass transition temperature and the aging temperature, the
faster the aging. Exceeding the T reversibly erases the aging process. Thermal history
below the T, strongly influences the resulting distribution of relaxation times.

In the present research, variables associated with physical aging near the alpha
transition were used to examine the beta transition of a poly(amide-imide). After
sample drying, the relationship between the beta transition’s activation enthalpy and
thermal history was explored.

The effects of water in polymers have been reviewed in a symposium (40-47)
and by various researchers (48-64). The effect of diluents on the dynamic mechanical
properties of polymers has also been examined extensively (65-68). In Gillham's work
on water ingression into a polyimide, the maximum of the damping peak for water at 1
Hz was examined. The peak ranged from -120 to -90°C depending upon the structure of
the polymer. From these data it was shown that water ingressed into a polymer in
stages, first forming hydrogen bonds, then water clusters. At higher percentages of water
there were distortions of the polymers' alpha and beta relaxations.

The concepts derived from physical aging and water ingression into polymers
will be used to interpret the dynamic mechanical results for the poly(amide-imide) in the
present study. It is beneficial to examine the effects of water and aging simultaneously
in order to decouple their influence on the dynamic mechanical loss properties of the

polymer.
Experimental

The poly(amide-imide) samples were obtained from Amoco as Torlon 4203L. This
poly(amide-imide) was derived from 4 - 4' oxydianiline and trimellitic anhydride.
Samples were dried in a Varco oven at 190°C under vacuum for periods of 3 to 12
hours. A minimum of six samples was cycled through all temperature profiles. The
samples were quenched in liquid nitrogen for less than 30 seconds. They were stored in
a sealed Ziploc® bag purged with nitrogen. The samples were either stored in a
desiccator at 20°C or a Fisher variable temperature oven at 35 and 60°C. They were
aged for 15 days, 4 days and 23 hours, respectively. The aging time was chosen to be
greater than the experimental time of seven hours.

The dynamic mechanical properties were measured on a Polymer Labs dynamic
mechanical thermal analyzer connected to a Hewlett-Packard controller. They were
analyzed by a multifrequency temperature scan at 0.03, 0.3, 0.1, 3.0 and 30 Hz. The
samples were heated at 0.5°C/min from -150 to 280°C in the /ater study, while a
temperature range of 10 to 220°C was used for analysis of the beta dispersion. The
samples had three different weight percentages of water: 1) dried with 0%, 2) as-
received with 1.5 to 2.5%, and 3) saturated with approximately 4 to 5%. The as-
received sample was exposed to the atmosphere for more than 150 days. This sample
contained both water and 1-methyl-2-pyrrolidinone (NMP). The samples saturated with
water were prepared by placing them in boiling water overnight. The water content was
determined either by weighing on a Mettler analytical balance or by thermogravimetry.
Thermogravimetry was done on a Perkin Elmer Model 7 thermogravimetric analyzer.
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Thermogravimetry-mass spectrometry was done with a Perkin Elmer TAS 2
TGA connected by a capillary transfer line to a Hewlett Packard mass selective detector.
A heating rate of 40°C/min was used so that the volatiles would rapidly desorb from the
sample. Helium was used as a carrier gas at a pressure of 40 psi. The time traces of
water and NMP were done at mass to charge ratios of 18 and 99 respectively.

Dielectric thermal analysis was done with a Polymer Laboratory DETA from -
140 to 230°C at a heating rate of 1°C/min using frequencies of 1, 3, 10, 50, and 100
kHz. The 20 mm diameter electrodes were used. The 0.57 mm thick poly(amide-imide)
samples were tested either as-received or after drying at 190°C for 7 hours. The
samples were tested under a nitrogen atmosphere to reduce the chance of ambient water
condensing on the surface of the samples.

Results and Discussion

A set of tests was done to characterize the weight percent of volatiles in the as-received
sample, the effect of saturating the polymer with water and the effect of thermal aging
below the beta transition. They included TGA-mass spectrometry to identify the
amount of water and NMP in the as-received sample. Dynamic mechanical thermal
analysis was used to determine the effect of water and physical aging on the loss
modulus of the polymer. Differential scanning calorimetry was used on the saturated
sample to determine if the absorbed water was in a clustered form. Also, dielectric
thermal analysis was used to determine how the dielectric storage €° and dielectric loss
€“ varied between the as-received and dried samples. These results will show that as the
concentration of water increased, the form of the water in the polymer changed. Also,
thermal aging below the beta transition changed the dynamic mechanical loss properties
of this polymer in a fashion similar to physical aging of the glass transition.

Figures 1a and 1b show the TGA-mass spectrometry data for water and NMP on
the as-received poly(amide-imide), indicating that neither liquid was removed until five
minutes into the run, which corresponded to approximately 220°C.  The
thermogravimetry showed that there was a total of approximately 2 weight percent of
water and NMP in the polymer. Isothermal thermogravimetric experiments were
conducted on the as-received sample between 145 and 165°C. Temperatures above
155°C were enough to dry the sample in 3 hours. Although, further drying of the
samples were done at 190°C, an intermediate value between 155 and 220°C. Even this
simple experiment showed that there were strong associations of the water and NMP to
the poly(amide-imide).

Figure 2 is a plot comparing the log of the dynamic mechanical loss modulus
(E") vs. temperature from -150 to 280°C at 1 Hz for the poly(amide-imide) having
different water content: 1) as-received (1.5%), 2) dried (0%), and 3) saturated (4%)
water. The as-received sample was aged more than 150 days at room temperature, the
dried sample had no aging, while the sample saturated with water was aged overnight in
boiling water at 100°C. The three distinguishing regions in this log E” vs temperature
comparison are from -120 to -50°C, from O to 175°C, the beta transition region and
from 250 to 300°C, the glass transition temperature. The data will be discussed from
the lower to the upper temperature dispersion.
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Figure 1a. TGA-mass spectrometry data for water on the as-received poly(amide-
imide).
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Figure 1b. TGA-mass spectrometry data for NMP on the as-received poly(amide-
imide).
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Figure 2. Loss modulus (E”) vs. temperature at 1 Hz for the poly(amide-imide)
with different water contents: as-received (1.5%), dried (0%), and saturated
(4.5%).
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The dispersion peak from -120 to -50°C was small for the dried sample.
Increasing the water content caused the peak height to reach a maximum at 1.5% water
and remain unchanged with the higher water content of 4%. Above approximately 2%
water, the peak height did not increase in proportion to the increase in water. Only the
peak maximum shifted from -80 to -70°C. This peak has been associated with water
that is hydrogen bonded to its local environment or is in clusters (44, 53). This concept
is supported by an activation energy for this relaxation of ~30 kJ/(mol of hydrogen
bonds) which is within the accepted range for water (69, 70). This activation energy
was determined by an Arrhenius plot of the DMTA peak maxima for this relaxation.
The effect of aging on this low temperature dispersion was never explored. Since this
low temperature peak did not increase in proportion to the weight percent of water, this
implied that above 2 weight percent water, the water existed in some other environment
within the polymer.

The dispersion region from 0 to 175°C showed that the dried sample with zero
aging had a lower peak maximum temperature than the as-received sample with 1.5%
water/NMP aged >150 days. The sample with 4% water showed a lower peak height
than the 1.5% and 0% water values. This implied that at higher percentages of water,
the water associated with functional groups that contributed to the beta transition and
reduced its loss values at 1 Hz. This peak was identified by Arnold (39) to be due to
amine or imide groups which have an excellent affinity for water.

The glass transition region for all three samples was similar in magnitude and
location. It is postulated that any effects that might be due to water were eliminated at
the higher temperatures after the water desorbed from the polymer, before the glass
transition temperature was reached.

Differential scanning calorimetry was used on the 4% water sample to determine
if the water was in a clustered form in the polymer. No melt transition for water at 0°C
was observed; thus, the water was not shown to be in a detectable amount of the
clustered form, as was shown by Johnson (44) for polyvinylacetate.

Analyses of the data with increased water content led to the speculation that
water ingressed in stages, from 0 to 1.5% water ingressed into the interstices of the
polymer, from 1.5 to 4% the water associated with functional groups that contributed to
the beta transition. Since the as-received sample had greater than 150 days of aging at
room temperature, the exact effect of aging on the beta transition could not be
decoupled from the effects of water and NMP. This led to the following isothermal
aging experiments below the beta transition temperature on dried samples.

A series of isothermal aging experiments below the beta transition was
conducted in order to determine the changes in the activation enthalpy of the beta
relaxation with aging time and temperature. The as-received sample was used for
comparison. The samples were: 1) as-received, 2) dried 190°C-quenched-no aging, 3)
dried 190°C-quenched-aged 15 days at 20°C, 4) dried 190°C-quenched-aged 4.5 days at
35°C and 5) dried 190°C-quenched-aged 23 hours at 60°C. Figures 3a - 3d show the
DMTA plots of the beta relaxation for these samples. Comparing the as-received,
Figure 3a, to the dried no aging, Figure 3b, showed two distinct differences. One, the
low frequency peaks shifted to lower temperatures after drying and two, the small hump
in the 100 to 150°C region was removed. Most notably, the 0.03 Hz peak decreased
from 70 to 42°C. It is not clear whether the shift of the peaks was due to absorbed
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Figure 3a. Loss modulus (E") vs. temperature at different frequencies for the as-
received poly(amide-imide).
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Figure 3d. Loss modulus (E”) vs. temperature at different frequencies for the
poly(amide-imide) dried at 190°C-quenched-aged 4.5 days at 35°C.
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molecules (water or NMP) modifying the motions related to the beta transition or if it
was due to aging at room temperature. Figures 3c-3d were for samples dried and aged
at different times and temperatures. Comparing the dried sample with no aging, Figure
3b, to the dried sample aged for 4.5 days at 35°, Figure 3d, showed that the low
frequency peaks increased to higher temperatures. Most notably, the 0.03 Hz peak
increased from 42 to 66°C. Comparing Figure 3c and 3d showed that the amount the
peaks shifted was also dependent upon aging temperature and time. The 20°C aging
resulted in the peaks shifting to temperatures intermediate to the unaged and 35°C aged
values. Aging at 60°C resulted in a beta relaxation that resembled the unaged sample
Figure 3b. These experiments demonstrated that the dynamic mechanical properties of
the beta transition were affected by aging below that dispersion. Also, aging at 35°C for
4.5 days resulted in a beta dispersion that was similar to the as-received sample.

The calculated activation enthalpy values are shown in Table 1 for a typical
sample aged with the four thermal cycles. These were not the results of four separate
samples, but one sample cycled through the four aging profiles. Several samples were
analyzed with the four aging experiments to test for repeatability and all resulted in
similar loss modulus profiles. Between each experiment the samples were dried at
190°C for more than 7 hours and quench cooled to “reverse” the previous thermal
histories. This is analogous to the rejuvenation procedures used with the glass
transition.

The data in Table 1 were obtained from the peaks of the loss modulus vs.
temperature plots. The E, values in the first column were derived using Arrhenius
assumptions. Comparing the values for the as-received sample to the dried sample
with zero aging, showed a decrease in the activation energy from 316 to 125 kJ/M.
Aging at room temperature for 15 days increased the activation energy to 170 kJ/M,
while aging at 5 days at 35°C increased the activation energy to ~ 260 kJ/M. The AG®,
AH’ and AS® values were calculated from transition state assumptions using a
graphical method similar to that of Kauzmann (71). The AS® values behaved similarly
to the AH" values with aging. This means that not only were the enthalpic interactions
increasing with aging time, but a structure was also being developed. These data
showed that enthalpic interactions can increase more rapidly with a higher aging
temperature, Ta (smaller temperature difference between Tp and Ta) and shorter aging
times. Therefore, the rate the activation enthalpy changed occurred faster at a
temperature closer to the beta transition temperature maximum. This is similar to
physical aging of the glass transition, where aging occurs faster the smaller the
difference between the aging temperature and the glass transition temperature.

These data indicate that the activation enthalpy for the beta transition was
dependent upon the samples’ thermal history below the beta transition. This increased
activation enthalpy with aging was anticipated by Read (34), while the peak shift of the
beta transition with aging below the beta transition was observed with dielectric
analysis by Hougham (31). Other experiments that could be used to identify or infer
transient mechanical and water effects might be residual stress or sorption experiments
like those conducted by Ree (72) or Silverman (63) on polyimides. To completely
reveal how a dispersion changes shape and location with physical aging, we suggest a
continued focus on imaging the spectrum of mechanical relaxations associated with Tg
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and Tp and identification of the functional groups associated with these relaxations.
The latter could possibly be done by 2D NMR (73).

Table 1. Activation Energies vs. Aging time for the Beta Transition
of a Poly(amide-imide)

Arrhenius E. (kI/M)

Kauzmann AG* (kIM) AH' kKJ/M | ASTJ/MeK
As Received 316 302 626

No aging 125 117 123
Rejuvenated

Aged 15 days 170 163 245

@ 20-25°C

Aged 4.5 days 260 251 490

@ 35°C

The influence of water on the poly(amide-imide) was also detenmined with
dielectric thermal analysis. Two samples were run: one was as-received and the other
was dried for 7 hours at 190°C. They are shown in Figures 4a and 4b. Figure 4a
illustrates the effects of water on the low temperature loss between -100 and 0°C.
There were also ionic conductivity losses between 0 and 70°C. The ionic conductive
losses were determined from the slope (-1) of the loss maximum peak height versus log
frequency plots. These were attributed to mobile ions. This ionic mobility was
dependent on water.

Based on the dielectric and dynamic mechanical data, it appears that water and
small polar molecules contribute to three dispersions in this poly(amide-imide). One is
the low temperature relaxation between -100 and 0°C. This may be a hydrogen bonded
relaxation since the activation enthalpy was 30 kJ/mol. This occurs at concentrations
of water ranging between 0 to 4 weight percent. Two, the dielectric relaxation between
0 and 70°C can probably be attributed to conductive contaminants whose mobility is
dependent upon a minimum amount of water. Three, at high water concentrations,
greater than 2 weight percent, the water/NMP contributes to the beta relaxations
observed between 50 and 150°C.

Conclusions

The as-received sample contained a total of 2 weight percent of water and NMP. To
remove the residual solvent and water, the Torlon needed to be dried above 190°C for
several hours. For the dried and as-received samples, increasing the volatiles from 0 to
2 weight percent increased the low temperature dynamic mechanical loss peak. Also,
the dielectric loss showed that there were conductive losses between 0 and 70°C for the
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as-received sample. From 2 to 4 weight percent water the beta transition decreased in
size, while the height of the low temperature peak remained unchanged. The location
and activation enthalpy for motion of the beta relaxation was shown to be a function of
the temperature and time of low temperature aging between 20 and 35°C. The increase
in activation enthalpy with aging was reversible. It was only necessary to heat above
the beta transition to a temperature of 190°C to reverse aging near the beta relaxation
and not above the glass transition temperature of 280°C. This rejuvenation of the beta
transition could not have been observed without proper drying of the sample to
decouple the effects of aging and water.
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Chapter 12

Low-Temperature Relaxation of Polymers Probed
by Photochemical Hole Burning

Shinjiro Machida', Satomi Tanaka', Kazuyuki Horie', and Binyao Li’

'Graduate School of Engineering, The University of Tokyo, 7-3-1 Hongo, Bunkyo-
ku, Tokyo 113, Japan
*Changchun Institute of Applied Chemistry, Chinese Academy of Sciences, Stalin
Street 109, Changchun 130022 Jilin, Peoples Republic of China

Photochemical hole buming spectroscopy is applied to estimate
the low-temperature relaxation properties of polymers. Methacrylate
polymers, polyethylene derivatives, and polymers with aromatic
groups were studied. Both slight and large changes of
microenvironments around doped dye molecules are detected by
temperature cycling experiment. Relaxation behavior of the
rolymers is discussed in relation to their chemical structures. The
d(;w-energy excitation mode of each polymer is also estimated and

There are many methods for studying the structure and properties of glassy polymers.
Photochemical hole burning (PHBY), or more generally, persistent spectral hole burning
(PSHB) is one of the sensitive ways to study structure-property behavior at low
temperatures. PHB is a phenomenon where a narrow dip (or a “hole”) is created in
the inhomogeneous absorption band of a dye embedded in a polymer matrix by
photoexcitation. From the PHB measurement we can obtain various types of
information about structure and properties of glassy systems such as low-energy

excitation, structural relaxation, and electron-phonon interaction (Z,2).

One of the typical experimental procedures in PHB measurements is temperature
cycling. The temperature cycle experiment gives irreversible changes in the
microenvironments of dye molecules caused by thermal activation (3). Here we
present the results of irreversible hole broadening and hole filling in temperature
cycling experiments for various types of polymers. By comparing the results with
other relaxation data of the polymers, we attribute the origin of the irreversible
changes of hole profiles. We also discuss factors which determine the relaxation
properties of polymers in relation to their chemical structures.

In addition to the temperature cycle measurement, we estimate the low-energy
excitation mode or phonon frequency of the polymers. The low-energy excitation
modes are believed to relate to the excess heat capacity of amorphous materials (4).
We have reported that the low-energy excitation modes of glassy polymers can be
estimated from pseudo-phonon side holes in PHB spectra (5). The low-energy
excitation modes are very sensitive to the microscopic ordered structure (6) and
agree well with those measured by heat capacity and neutron inelastic scattering.
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We discuss the obtained low-energy excitation modes of the polymers from the
aspect of their chemical structures and relaxation properties.

Experimental

As host polymer matrices we used poly(alkyl methacrylate)s with various ester
groups (methyl: PMMA, ethyl: PEMA, isopropyl: PiPMA, normalpropyl: PnPMA,
isobutyl: PIBMA, normalbutyl: PnBMA), poly(methyl acrylate), polyethylene (PE),
polyginy] chloride) (PVC), poly(vinylidene chloride) (PVDC), polyﬁvinyl alcohol)
(PVOH), polystyrene (PS), polycarbonate gPC), phenolphthalein polyether-ketone
(PEK-C), and phenolphthalein polyether-sulfone (PES-C).

QRO
)

O

X =CO Phenolphthalein polyether-ketone (PEK-C)
X =80, Phenolphthalein polyether-sulfone (PES-C)

Scheme. Structures of PEK-C and PES-C.

Tetraphenylporphine (TPP) was used as a guest dye molecule except for PVOH.
Tetra(4-sulfonatophenyl)porphine (TPPS) was used for the PVOH sample. Free-base
porphyrins such as TPP and TPPS undergo a hydrogen tautomerization reaction by
photoexcitation at low temperatures. The hydrogen tautomerization is the mechanism
of hole burning for the measured systems. When the TPP undergoes the hydrogen
tautomerization, the chemical structure of the TPP itself does not change at all.
However, the interaction between the TPP and the surrounding matrix changes due
to the tautomerization reaction giving rise to the frequency shift of the dye.

Most samples were prepared by solvent casting, drying under vacuum at T, and
molding under 1 kg/cm? at T, The PVOH sample was prepared only by solvent
casting, and the PE sample was prepared by melting and quenching. The samples

are 0.5-1.0 mm thick and contain about 1 x 10* mol/kg of the dye molecules.

Samples were placed in a cryostat with a cryogenic refrigerator and were cooled
down to about 20 K. Hole burning was performed by irradiating an Ar *-laser-pumped
dye laser with the intensity of 1-10 mW/cm? to the lowest S-S, transition of TPP
around 640 nm for 1-10 min. Burned holes were detected by a photomultiplier and
a lock-in amplifier through the change in intensity of the transmitted light of a
halogen lamp by scanning a 1-m monochromator.
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Results and Discussion

Methacrylate Esters. Figure 1 shows typical hole profiles of TPP/PMMA during
the temperature cycle experiment and aschematic diagram of the temperature cycling.
At first a hole is burned and measured on the profile at 20 K. Then the temperature
of the sample is elevated to a certain excursion temperature. The sample is kept at
the excursion temperature for 5 min. Then we cool the sample again to 20 K and
measure the hole profile. We repeat the temperature cycle with increasing elevated
temperature.

The irreversible change in the hole profile includes two parts. One is an increase
in hole width and the other is a decrease in hole area. The increase in hole width,
called spectral diffusion, means small frequency shifts (or small microenvironments
change) of each dye molecule. Slight changes of matrix conformation are the cause
of this phenomenon. The decrease in the hole area, which is called hole filling,
corresponds to relatively large shifts of resonant frequencies of dye molecules. The
backward reaction of hole burning processes or large changes of microenvironments
of the dye molecules can induce the hole filling phenomenon. Because the thermally
induced hydrogen tautomerization of TPP does not occur below 100 K, the decrease
in hole area below 100 K reflects large changes of microenvironments caused by
some relaxation of the matrix polymers.

Figure 2 shows the increase in hole width measured at 20 K after cooling from
excursion temperatures for TPP in PMMA, PEMA, PiPMA, PnPMA, PiBMA, and
PnBMA. The values in parentheses correspond to the initial hole width before
temperature cycling. The hole broadening profiles can be classified into three

groups, namely, (DPMMA, @PEMA and PiPMA, and @PnPMA, PiBMA, and
PnBMA. This classification corresponds to the number of serial carbon atoms in
the ester unit. PMMA has only one carbon atom in the ester and shows no marked
relaxation below 100 K. In PEMA and PiPMA, which have two serial carbon
atoms in the sidechain, the hole width increases gradually from 20 K and there is a
plateau region around 60 K. The holes burned in PnPMA, PiBMA, and PnBMA,
which contain more than three serial carbon atoms in their ester, begin to broaden
suddenly from ~50 K.

Low temperature relaxation properties of methacrylate polymers with various
ester groups have been studied by dielectric loss (7) and mechanical loss (8)
measurements. The relaxation curves of hole width are quite similar to those
observed dielectrically and mechanically. The relaxation peaks of dielectric loss at
low temperatures in PiPMA, PiBMA, and PnBMA have been attributed to the
rotation of the end ester groups from the results of potential energy calculation (7).
Therefore, we also attribute the cause of the hole broadening for these polymers to
the rotation of the end ester groups. In PMMA although the rotation of the end
methyl group must begin below 20 K, such rotation should have no influence on the
microenvironments of the TPP.

The change in hole area during the temperature cycling experiments for TPP in
methacrylate polymers is shown in Figure 3. The hole area is normalized by the
initial value at 20 K. The hole filling behavior of these systems can be classified
into the same groups as the hole broadening result shown in Figure 2. In other
words, the hole area begins to decrease when the hole width begins to increase in
each system. As is mentioned above, the decrease in hole area reflects relatively
larger changes of microenvironments than the increase in hole width does. The
TPP molecule is so large that there are many sidechain units around the TPP dye.
The rotation of many sidechain esters is likely to induce the large changes of
microenvironments. Therefore, we conclude that the rotation of end ester groups is
also the mechanism of the thermally induced hole filling.
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Figure 1. Upper half: Typical hole profiles of TPP/PMMA

during temperature cycling. The values in ( ) correspond to
the initial hole width before temperature cycling. Lower
half: Schematic diagram of temperature cycle experiment.
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Comparison of Acrylate with Methacrylate. The excursion temperature
dependence of the increase in hole width for PMA and PMMA is shown in Figure
4. In these polymers the rotation of the end methyl group has no influence on the
microenvironments of the dyes and the rotation of the whole sidechain ester group

(B-relaxation) does not proceed below 150 K. Therefore, we attribute the cause of
the hole broadening and hole filling in these polymers to some segmental motion of
the mainchain. In PMA the increase in hole width is a little larger than that in

PMMA between 50 K and 120 K. This is likely because the o-methyl group
enhances the steric hindrance for slight segmental motion of the mainchain. This is
;onsistent with the fact that PMA has a lower glass transition temperature than

Figure 5 shows the normalized hole area as a function of excursion temperature
for TPP/PMA and TPP/PMMA. The hole area of PMA system decreases at much
lower temperatures than that of PMMA. In PMA large segmental motions which
induce hole filling begin at much lower temperatures than in PMMA. This can also
be explained by the smaller steric hindrance for segmental motion in PMA as is
explained in the case of hole width. However, the difference in the results of hole
filling between the two polymers is larger than the difference in hole broadening
behavior. The segmental motion of the mainchain is likely to need larger
conformational change of the polymer compared to the sidechain rotation. Therefore,

the absence of a-methyl groups seems to be reflected more sensitively by the large
changes of microenvironments leading to hole filling than by the small ones leading
to spectral diffusion.

Polyethylene and Its Derivatives. Figure 6 shows the increase in hole width
measured at 20 K after cooling from excursion temperatures in PE, PVC, and
PVDC. Because these polymers have no sidechains, the origin of the irreversible
hole broadening in these polymers is attributed to some segmental motion of the
mainchain. PE has no relaxation below 40 K, but it shows a sudden increase in hole
width above 50 K. This hole broadening profile. of PE is quite similar to that
observed in PnPMA, PiBMA, and PnBMA. Polymer systems with more than three
serial carbon atoms seem to show sudden relaxation beginning at ~50 K whether
these relaxations occur in the sidechain or the mainchain. In PVC and PVDC the
hole width increases almost linearly from 20 K. The extent of chain packing for
these polymers would be smaller than in PE due to the existence of chlorine atom,
which might be the reason for the hole broadening below 40 K. In Figure 6 PVC
shows a larger increase in hole width than does PVDC. This is likely because PVC
has a smaller steric hindrance for slight segmental motion than PVDC due to the
absence of a chlorine atom.

In Figure 7 the decrease in normalized hole area of TPP/PE, PVC, and PVDC are
shown. In PE the hole area decreases suddenly from ~50 K. This is similar
relaxation profile with the increase in hole width of the PE. The hole area observed
in PVDC changes almost linearly with the hole width in the system. However,
PVC shows a smaller decrease in hole area than PVDC above 50 K in spite of the
larger increase in hole width in PVC than in PVDC. In these polymers the large
segmental motion of the mainchain leading to hole filling might proceed in different
ways from the small one which induces hole broadening.

In Figure 8 the hole broadening behavior of PE and PVOH are shown. PVOH
has no marked relaxation below 100 K and shows the best thermal durability of the
burned hole among the polymer systems. PVOH has hydroxyl groups which undergo
hydrogen bonding. We conclude that the interchain hydrogen bonds in PVOH
suppress the segmental motion of the mainchain. The PVOH system shows no
marked relaxation also in the decrease in hole area.
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Polymers with Aromatic Rings. Figure 9 shows the excursion temperature
dependence of the increase in hole width for PEK-C, PES-C, PC, and PS. The
extent of hole broadening is greater in PES-C than that in PEK-C from 40 K to 80
K. This is because the O=S=0 group is bigger than the C=0O group and there is
more free volume for slight segmental motions in PES-C than in PEK-C. This
interpretation is consistent with the result of PC which has a C=0 group in the
mainchain. PC shows a quite similar hole broadening curve with PEK-C below 75
K. The sudden increase in hole width of PC above 75 K might be due to the
fluctuation around O-CO-O groups in the mainchain. In Figure 9 PS shows relaxation
from much lower temperature than other polymers with aromatic mainchain. The
phenyl group attached to the sidechain can fluctuate more easily than the phenyl
group in the mainchain and thus PS showed relaxation from lower temperature than
polymers with an aromatic mainchain.

‘The excursion temperature dependence of the hole area for these aromatic polymers
(PEK-C, PES-C, PC, and PS) are shown in Figure 10. The curves of the hole area
do not show so clear a difference between each polymer as the hole width profiles.
However, PC shows a small decrease in hole area among the polymers. We attribute
this to the absence of bulky units like phenyl rings in the sidechain of PC. The
presence of bulky units in the sidechain would make some local free volume for
relatively large segmental motions at low temperatures.

Estimation of Low-Energy Excitation Modes. An absorption line profile of each
dye molecule at low temperature consists of two components: a sharp zero-phonon
line and a broad phonon side band. The energy difference between the zero-phonon
line and the phonon side band coincides with the low-energy excitation mode or
phonon frequency of the matrix when multi-phonon processes can be ignored.

Figure 11 shows a saturated hole profile burned to estimate the low-energy
excitation mode, E, of TPP/PnPMA. A deep zero-phonon hole is created at 644.8
nm. In addition, there are two broad holes at both sides of the zero-phonon hole.
The broad hole at the shorter wavelength is called a “phonon side hole” and the one
at the longer wavelength is called a “pseudo-phonon side hole”. The phonon side
hole consists of a phonon side band of the zero-phonon hole, and the pseudo-phonon
side hole is made of the zero-phonon line of the reacted molecules which have been
excited via phonon side band.

Table 1 lists the values of E, estimated from the energy difference between
zero-phonon holes and pseudo-phonon side holes of the measured polymers. In
Table 1 the E, of other several polymer systems are also shown. The E, is large in
polymers with hydrogen bonds such as PVOH and poly(2-hydroxyethyl methacrylate).
The interchain hydrogen bonds form some rigid microscopic structure leading to a
high phonon frequency. Methacrylate and acrylate polymers have similar values of
E, which are in the range of 13-15 cm™. This result is in contrast to the relaxation
behavior observed in temperature cycle experiments which markedly depends on
the kind of ester unit. Therefore, the low frequency phonon of matrix polymers has
quite different origin from the thermal relaxation observed from irreversible changes
in hole profiles. In Table 1 polymers with a phenyl ring in the sidechain show
relatively low E_ (10-11 cm™). This is probably due to the low frequency vibration
mode of the sidechain phenyl groups.

Conclusion

We measured the irreversible changes in hole profiles and the low-energy excitation
modesfor several porphyrin-doped polymer systems. The cause of the hole broadening
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Polymer Es(cm™)
PMMA 13
PiPMA 13
PnPMA 15
PiBMA 13
PMA 14
PE 17
PVOH 24
PEK-C 11
PES-C 11
PS 10
PHEMA (9) 23
PET (undrawn) (10) 11
PET (5-times drawn) (10) 12
phenoxy resin (11) 15
epoxy resin (DGEBA/EDA) (12) 15

epoxy resin (DGEBA/HMDA) (12)

PHEMA: poly(2-hydroxyethyl methacrylate)
PET: poly(ethylene terephthalate)

DGEBA: diglycidyl ether of bisphenol A, EDA: ethlene diamine

HMDA: hexamethylene diamine.
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in methacrylate polymers was attributed to the rotation of the end ester groups. For
other polymers, some local segmental motion of the mainchain is concluded to
induce an irreversible increase in hole width and an irreversible decrease in hole
area. Steric hindrance induced by substituents attached to the mainchain lead to a
smaller increase in hole width, which should be due to the enhanced steric hindrance
for segmental motion. Polymers which are expected to have larger free volume
showed a greater extent of relaxation. Interchain hydrogen bonds suppress the
relaxation of the mainchain dramatically. In some polymers decrease in hole area
showed different behavior from increase in hole width. This fact indicates that
relatively large segmental motion occurs in a different way from slight one in such
polymers. The low-energy excitation modes are larger in the polymers with hydrogen
bonds and smaller in the polymers with aromatic rings.

The changes of microenvironments around the doped dye molecules have a strong
correlation with the characters of matrix polymers such as steric hindrance for
segmental motion, amount of free volume, and interchain hydrogen bonds. By the
PHB measurements, we can detect both slight and large environmental change
around the dyes doped in polymers at low temperatures. The PHB spectroscopy is
expected to be extended to other polymer systems to study low-temperature relaxation
properties of them. '
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Chapter 13

Fitting Differential Scanning Calorimetry Heating
Curves for Polyetherimide Using a Model of Structural
Recovery

Sindee L. Simon

Department of Chemical Engineering, University of Pittsburgh,
Pittsburgh, PA 15261

Differential scanning calorimetry (DSC) heating curves obtained at
10°C/min for polyetherimide cooled at various rates are fit using the
Tool-Narayanaswamy-Moynihan model of structural recovery coupled
with Scherer's equation which describes the dependence of the
characteristic relaxation time on structure and temperature. The
parameters for Scherer's equation are obtained from the temperature
dependence of shift factors needed to form reduced curves for
isothermal enthalpy recovery experiments and isothermal creep data.
Hence the equation for the relaxation time correctly describes the
limiting behavior in both glass and equilibrium regimes over large
ranges of temperature. Still, the model parameter § which describes
the nonexponentiality is found to decrease as the cooling rate decreases.
Thermal gradients in the DSC sample have been postulated to be
responsible but incorporation of the effect of a thermal gradient in the
glnodel calculation did not impact the dependence of § on thermal
istory.

Models of structural recovery [1,2,3,4, 5,6,7] account for both the nonlinearity and the
nonexponentiality of the structural recovery process. The Tool-Narayanaswamy-
Moynihan formulation, in particular, has been used to successfully describe the results
of differential scanning calorimetry (DSC) enthalpy recovery experiments.[8,9,10]
However, there are unresolved issues pertaining to the models [4,7,11,12], one of
which is the apparent dependence of model parameters on thermal history. It has been
postulated that this may be due to the presence of thermal gradients within the sample
during DSC experiments. [13,14,15] Another possibility may be that the Tool-
Narayanaswamy equation generally used for the characteristic relaxation time <t is
Arrhenius and hence, only describes the structure and temperature dependence over a
relatively small temperature range with a single set of parameters. In this work, we will
show that using a more complicated equation capable of describing the limiting
temperature dependence of © in both the glass and equilibrium regimes over a wide
temperature range with a single set of parameters still results in other model parameters
being dependent on thermal history. We then show that incorporation of the effects of
the thermal gradient in the sample itself cannot account for the problem. The results

188 ©1998 American Chemical Society

In Structure and Properties of Glassy Polymers; Tant, M., et a.;
ACS Symposium Series; American Chemical Society: Washington, DC, 1999.



October 29, 2012 | http://pubs.acs.org
Publication Date: January 28, 1999 | doi: 10.1021/bk-1998-0710.ch013

189

indicate that other explanations for the dependence of model parameters on thermal
history need to be explored. Various other explanations have been proposed [12] (e.g.,
the assumption of thermorheological and thermostructural simplicity, the use of reduced
time in the generalized stretched exponential Kohlrausch-William-Watts (KWW)
[16,17], or the assumption that tau depends on the average and instantaneous
temperature and fictive temperature of the system).

This work is organized as follows. We first review the Tool-Narayanaswamy
model of structural recovery and discuss equations for the relaxation time v, and how
the equation parameters were obtained from isothermal data. We then fit the
experimental DSC heating curves using the model and show that the stretched
exponential parameter B depends on thermal history despite an equation for the
relaxation time which describes the limiting temperature dependence in the glass and
equilibrium regimes. Next, we discuss how the effects of the thermal gradient were
i into the model of structural recovery. Finally, we compare the fit of the
modified and unmodified models and show that incorporating thermal gradients does
not impact the dependence of the parameter § on the thermal history.

Tool-Narayanaswamy Model of Structural Recovery

Moynihan's formulation [3] of the Tool-Narayanaswamy [/] model is used in this
work. In Moynihan's equations, the fictive temperature, Tf, originally defined by Tool
[18], is used as a measure of the structure of the glass. The evolution of fictive
temperature is represented by the generalized stretched exponential Kohlrausch-
William-Watts (KWW) function [16,17]:

dr t
#: 1-exp [-{of (dt o) }B] )

The nonexponentiality of the process is described by B. The nonlinearity is
i into the model by allowing the characteristic relaxation time T, to be a
function of both temperature and structure (Tf). Given an equation for T, equation 1
can be solved numerically for a given thermal history which begins at a temperature
above T, where the material is in equilibrium, as described by Moynihan et al.[3] In
order to compare the calculated evolution of the fictive temperature during a DSC scan
to experimental data, the heat capacity is calculated from the temperature derivative of
the fictive temperature [19]:

CpT) = Cpe(T) + Ac,(r,)%rff (@)

where C,(T) is the glass heat capacity and AC(T)) is the difference between the liquid
and glass heat capacities. Both heat capacities are extrapolated to temperatures T and
T,, respectively. We have found [20] that for the polyetherimide examined in this
work,

C,(T) = 0.94 + 0.0034 T(°C) from 12510 165°C (J/g °C) 3)
AC(T) = 0.57 - 0.0017 T(°C) J/gC) @

The equation for AC, is valid only in the vicinity of the glass temperature since it was
obtained by extrapolating the values of glass and liquid heat capacities into the transition
region. The reported values for C, and AC, are comparable to those obtained by Hay et
al. [21].

In Structure and Properties of Glassy Polymers; Tant, M., et a.;
ACS Symposium Series; American Chemical Society: Washington, DC, 1999.



October 29, 2012 | http://pubs.acs.org
Publication Date: January 28, 1999 | doi: 10.1021/bk-1998-0710.ch013

190

Phenomenological Equation for the Relaxation Time

Many phenomenological equations have been proposed for relating the relaxation time
T to temperature and structure (Tp) [1,22,23,24,25]). The most-widely used is the
Tool-Narayanaswamy equation [1], an Arrhenius-like equation which does not describe
the observed Vogel-Tammann-Fulcher (VTF) [26] (or Williams-Landell-Ferry WLF
[27]) temperature dependence of polymers in the equilibrium state. However, since the
annealing peak observed in DSC experiments occurs over a narrow temperature range,
an Arrhenius approximation is adequate for describing the data. In fact, Moynihan
obtained identical fits using the Tool-Narayanswamy equation and an equation based on
Adam and Gibb's theory (see below).[12] A problem may arise, however, when
fitting multiple DSC curves which have annealing peaks at significantly different
temperatures — in such a case, the apparent activation energy may need to be varied in
order to fit all of the data.

To avoid the need to vary the apparent activation energy with thermal history, an
equation could be used which gives the observed VTF dependence at equilibrium. Two
such equations have been derived based on the Adam and Gibbs' theory for the
configurational entropy [28). The equation of Hodge [22] was derived assuming the
configurational change in heat capacity at T, varies as C/T, where C is a constant:

D/RT
Int, = InA + I ®
-2

1-
Ty

whereas the equation by Scherer [23] was derived assuming the configurational change
in heat capacity at T, varies as linearly with temperature (i.e., a + bT):

D/RT

{aln(%r-) + b(Tf - Tz)}

Int,=InA +

©

2

where D/R, T,, In A, a, and b are taken to be constants. Equation 5 has the same
number of constants as the Tool-Narayanaswamy equation, whereas equation 6
introduces one more fitting parameter. (The constant a/b is taken as an additional fitting
parameter because although the temperature dependence of AC, can be measured, the
temperature dependence of the configurational contribution to AC, is required in the
model). Both equations 5 and 6 are capable of describing the VTF behavior in the
equilibrium regime, as was shown many years ago for equation 5 [29]. Both equations
also describe an Arrhenius-like temperature dependence in the glass. The primary
difference between the two equations that is relevant to this work is that for a given
VTF temperature dependence in the equilibrium state, the Arrhenius temperature
dependence in the glass is fixed for equation 5, whereas due to the additional parameter
in equation 6, the apparent activation energy in the glass can vary independently.

One approach to find the parameters for equations 5 or 6 is by a best fit of the DSC
data. A more satisfying approach may be to obtain the parameters from the tem,
dependence of shift factors used to reduce isothermal data, where the shift factor is
simply the difference between the In <, at the temperature of interest and the In ¢, at a
%‘;rg.noe temperature, taken in this work to be the nominal glass temperature of

.5°C:

%o

To, ref (7)

Inap = In
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We now introduce the data and data reduction procedures used to obtain the parameters
in equations 5 and 6.

The VTF behavior in the equilibrium regime is determined from the temperature
dependence of isothermal creep recovery data at temperatures above T,. Although it
may not be obvious that creep and enthalpy should have the same temperature
dependence, previous results from our laboratory [30] indicate that this is the case for
polyetherimide over the narrow temperature range studied near T,. An additional
reason for using the creep data to determine the equilibrium temperature dependence is
that the data was obtained over a broad temperature range. Figure 1 shows isothermal
creep recovery data at temperatures ranging from 210 to 298°C for the polyetherimide
studied (unpublished data courtesy of B. Lander and D. J. Plazek). Also shown in
Figure 1 is the reduced curve obtained by time-temperature superposition of the data to
a reference temperature of 207.5°C. Data at the two highest temperatures (272 and
298°C) do not superpose perfectly indicating degradation may have occurred at these
temperatures. A comparison of the reduced curve to other data on_polyetherimide
previously published from our laboratories [30] shows a discrepancy of one and a half
decades at the nominal T, of 207.5°C. This corresponds to a 4°C temperature
difference and may be attributable to plasticization of the previous specimen. The
temperature dependence of the equilibrium shift factors obtained from the reduction of
the recoverable compliance curves follows the VTF equation and can be fit by either
equation 5 or 6. However, to obtain the additional parameter in equation 6, we need
shift factor data in the glassy regime where T, = T.

Figure 2 shows the change in the fictive temperature during isothermal enthalpy
recovery experiments for the polyetherimide at several temperatures. The change in the
fictive temperature during aging increases logarithmically with aging time and then
levels off once equilibrium is achieved. The values presented were obtained by
dividing the enthalpy change measured by DSC [30] by the change in heat capacity
extrapolated to the aging temperature:

AH,
AC,(T,)

where T, .., is the initial fictive temperature of the glass (= 215.3°C for all but the
highest aging temperature). A horizontal shift of this data (time-temperature
superposition) to the aging curve at 207.5°C is shown in Figure 3 and results in a curve
with a common asymptote in the glassy region. Data deviate from the common
asymptote as they approach equilibrium. The shift represents an iso-T, shift for the
case where T;> T, + 1K. The shift factors can thus be used to obtain the temperature
dependence of the relaxation time ¢, along the glass line. The shift factors differ
slightly from those obtained from a simple shift of AH, versus log time data [30]; that
shift was performed prior to our obtaining the temperature dependence of AC, and
assumed a constant AC, which is equivalent to assuming that AH, is directly
proportional to T, which is not strictly valid if AC, is a function of temperature.

Figure 4 shows the temperature dependence of the shift factors resulting from the
reduction of the equilibrium creep data and the isothermal enthalpy recovery data shown
in Figures 1, 2, and 3. The fit of equations 5 and 6 are also shown. T, is taken as
207.5°C. The parameters used in the fits are, for equation 5: D/R = 1920 and T, =
162°C; and for equation 6: D/Ra =780, b/a = -1/560K and T2 = 151°C. Equation 6
seems to be better able to describe the temperature dependence in the glass due to the
additional parameter. For modeling enthalpy recovery, however, the results are
expected to be identical with either equation since the temperature range of interest is

AT( - Tf.m.ed-Tf =

®
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Figure 1: The recoverable creep compliance as a function time at various
temperatures and the reduced curve at a reference temperature of 207.5°C.
Unpublished data, courtesy of B. Lander and D. J. Plazek.
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Figure 2: The change in fictive temperature during structural recovery at selected
aging temperatures as a function of aging time. Lines indicate the trends in the data.
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Figure 3: Time-temperature superposition of the change in fictive temperature

versus log aging time data to a common asymptote in the glassy state.

reference temperature is 207.5°C. Lines indicate the trends in the data
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Figure 4: Temperature dependence of the iso-structural shift factors used to obtain
the reduced curves shown in Figures 1 and 3. The dashed line indicates the fit of
equation 5; the solid line the fit of equation 6.
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near and above T, where the equations overlap. Equation 6 was used to compute the
curves shown in this work.

Fitting DSC Cooling Curves

Experimental DSC heating curves are shown by the data points in Figure 5 for cooling
rates of 0.1 and 10°C/min. The data were obtained using a Perkin Elmer DSC 7,
equipped with a custom-designed water cooling system which yields a stable and
reproducible baseline, as described in more detail elsewhere [20]. As the cooling rate
decreases, the amount of structural recovery which can occur during the cooling ramp
increases and the annealing peaks observed in the DSC heating scans increase in area
(as AH, increases and T, decreases) and move to higher temperatures (as the
characteristic relaxation time increases). The behavior is consistent with the results of
other researchers.[3,7,31,32 ]

The fit of the Moynihan-Tool-Narayanaswamy model is also shown in Figure 5 by
the solid lines. Since the parameters in the phenomenological equation for T, were
determined independently as described in the previous section, the curve fits were made
using only two adjustable parameters (v, and B). The fits were made such that the
height and placement of the calculated annealing peak corresponded to the
experimentally observed value (rather than doing a least squares fit of the entire curve).
The value of P decreases as the cooling rate decreases, as shown in Figure 6 for fits to
data over a wider range of cooling rates. The trend in f indicates that physical aging
results in a broadening of the relaxation time distribution. This result is consistent with
the results of Torkelson et al. [33] who have found that § decreases with decreasing
temperature, as well as with the work of other researchers [34,35,36,37] who have
found that thermorheological simplicity and structural-rheological simplicity do not
hold. The value of In <, /sec also changes but the changes are not as significant,
ranging 8.7 t0 9.5 over the same range of cooling rates, first decreasing then increasing
with increasing cooling rate.

Incorporating Thermal Gradients into the Model Calculations

The presence of a thermal gradient in the DSC sample will affect DSC heating curves
by broadening the annealing peak and moving the peak to somewhat higher
temperatures. Thus, the presence of thermal lag in DSC measurements is a potential
explanation for apparent shortcomings in model calculations, as proposed by Hodge
and Huvard [13] and by Hutchinson and co-workers [/4]. However, recently O'Reilly
and Hodge [15] found that model parameters varied with thermal history even for
relatively slow heating rates (1.25°C/min) where thermal lag was assumed to be
negligible. These last results indicate that thermal lag cannot account for all of the
shortcomings of the model. However, we would like to examine the effect of thermal
gradients on the shape of calculated enthalpy recovery curves for typical heating rates
(10°C/min) and on the values of model parameters needed to fit the data by
incorporating the effects of sample thermal gradients into the model. Itis noted that we
do not incorporate the effects of instrumental thermal lag into the calculations because it
is presumed that these effects can be eliminated by proper calibration procedures.

The effects of a thermal gradient can easily be incorporated into the Tool-
Narayanaswamy-Moynihan model of structural relaxation by calculating the average
response in the sample. To do this, first we calculate the temperature profile and
average temperature in the DSC sample as a function of program temperature for a
given thermal history, as described elsewhere [20]. Then the fictive temperature and its
temperature derivative were calculated at various points in the sample and averaged to

give the sample response at the program temperature T, (%FTL) :
T'

In Structure and Properties of Glassy Polymers; Tant, M., et a.;
ACS Symposium Series; American Chemical Society: Washington, DC, 1999.



October 29, 2012 | http://pubs.acs.org
Publication Date: January 28, 1999 | doi: 10.1021/bk-1998-0710.ch013

195

2.6 T T 1 T T
| Cooling Rate -
(°C/min)
2.4 - o 0.1 =
L = 10 1
Calculation
Cp 2.2 u
SELPY
[ ]
1.8 2
1.6 PR AS PN SR SR N RN SN I W SN NN SN S Y
210 213 216 219 222 225 228
T (°C)

Figure 5: Experimental (data points) and calculated (lines) enthalpy recovery for
heating at 10°C/min after cooling at cooling rates of 0.1°C/min and 10°C/min.
Temperature gradients were not incorporated into the calculations.
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Figure 6: Dependence of model parameter § on thermal history for the calculations
where thermal lag is not incorporated (Figure 5) and for calculations where the
thermal gradient in the DSC sample is incorporated (Figure 7).
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where & is the normalized distance from the bottom to the top of the sample. It is noted
that the temperature profile in the DSC sample was calculated assuming that the top and
bottom of the sample pan are maintained at the program temperature (T,). This will
give a conservative estimate of the thermal gradient in the sample; lags of 0.6°C and
1.2°C were calculated at the center of the sample in the glass and liquid regimes,
respectively . Gradients of this magnitude (=~ 1°C) have been estimated by various
researchers by placing melting standards above and below the sample in the DSC pan
and measuring the differences in the observed melting temperatures.[4,14,38,39]
Calculations were also performed using different boundary conditions giving lags of
3°C; the conclusions reached below were unchanged.

Figure 7 compares model calculations incorporating the thermal gradient with
experimental data for cooling rates of 0.1°C/min and 1.0°C/min. Calculations made
without thermal lag (shown in Figure 5) are also displayed. The model parameters 8
and <, were varied in order that the height and placement of the calculated curve match
the experimental peak. There is no significant difference between the fit of the
calculations assuming no thermal gradients and that assuming an ideal gradient — the
two calculated curves are indistinguishable except for a slight broadening when thermal
gradients are incorporated. However, in order to match the height and placement of the
observed annealing peak for the cooling rate of 0.1°C/min, <,,(207.5°C) was
decreased to 5500 s and p was increased slightly to 0.325, changes of 30% and 1%,
respectively, compared to the values used in the calculation without a thermal gradient.
Similar changes in model parameters were found for the other cooling rate. The values
of B have essentially the same temperature dependence as shown in Figure 6 where
both values of B are plotted. Hence, the presence of a thermal gradient. in the sample
itself cannot account for the dependence of model parameters on thermal history; this
agrees with the previous conclusions of O'Reilly and Hodge [15].

The results suggest that one of the shortcomings of the Tool-Narayanaswamy-
Moynihan model of structural recovery, the dependence of model parameters on
thermal history is not due to thermal gradients in the DSC sample itself. Other
explanations [12] need to be examined, including the validity of the equations used for
the relaxation time, the assumption of thermorheological and thermostructural
simplicity, and the way in which the nonlinearity is incorporated into the model.

Conclusions

DSC heating curves for polyetherimide were fit using Moynihan's formulation of the
Tool-Narayanaswamy structural recovery model. Only two adjustable parameters,
and v, were used to make the fits; the parameters which describe the structure and
temperature dependence of t, were determined independently from the shift factors
used to reduce isothermal creep and enthalpy recovery data. To obtain a good fit of the
DSC curves, the stretched exponential parameter B decreased with decreasing cooling
rate. Incorporating the effects of the thermal gradient present in the DSC sample was
found to not effect the dependence of  on thermal history.
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Chapter 14

The Physics of Glassy Polycarbonate: Superposability
and Volume Recovery

Paul A. O’Connell, Carl R. Schultheisz, and Gregory B. McKenna'

Structure and Mechanics Group, Polymers Division, National Institute of Standards
and Technology, Gaithersburg, MD 20899

The mechanical behavior of polymeric materials reflects the underlying
physics of the mobility of the polymer chains. We have investigated
the response of polycarbonate under three different conditions that will
alter the polymer mobility: changes in temperature, strain and aging.
We have examined the degree to which we can superpose the effects
of these conditions to create master curves that can extend predictions
beyond the range of feasible laboratory time scales. It was found that
superposition could be successfully applied in each case, but that time-
temperature superposition led to a master curve that was significantly
different from that found using time-strain superposition. It was also
found that curves fit to the [relatively short time] individual relaxation
measurements at different temperatures could not be fit to the resulting
master curve. Experiments were also performed to investigate the
polymer mobility in volume recovery below the glass transition. It was
found that volume equilibration required much longer than equilibration
of the mechanical response in aging experiments, suggesting that simple
free volume models may be inappropriate.

In the vicinity of its glass transition temperature (Ty), the mechanical response of
a polymeric material is a strong function of both the rate of deformation and the
temperature, with the modulus or compliance changing by several orders of magnitude
as the Tg is traversed. These changes reflect the mobility of the polymer molecules,
and indicate that the time scale of the experimental measurement is similar to the
characteristic times associated with the relaxation mechanisms available to the polymer.
Assuming that the same relaxation mechanisms are always active and that the
characteristic time of each mechanism is affected in the same way by a change in

"Corresponding author.
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temperature leads to the concept of time-temperature [or frequency-temperature]
superposition (). The most important result of superposition is that it allows for the
creation of a master curve that can predict behavior well beyond typical experimental
time scales. The first topic in this paper is an investigation into the time-temperature
superposition of torsional stress relaxation data. It was found that the data could be
superimposed, and that the stress relaxation data at each temperature could be fit with
a [slightly different] stretched exponential function. However, the resulting master
curve could not be fit with a stretched exponential function.

The idea that the relaxation process reflects the mobility of the polymer
molecules can be investigated using other means to change that mobility, such as the
addition of a solvent or by applying a stress or strain. In this case, an applied torsional
strain has been used to accelerate the deformation processes. Again, the assumption
that each relaxation mechanism is affected identically suggests the possibility of time-
strain superposition, and allows for the construction of a master curve. While time-
strain superposition is applicable, the master curve is significantly different from the
master curve obtained using time-temperature superposition.

Finally, since the polymer relaxation processes are very slow below T,, one
must recognize that the polymer is not generally in an equilibrium state, but is
evolving slowly toward thermodynamic equilibrium. This evolution has been examined
directly through measurements of the volume, and is also reflected in changes in the
mechanical response [modulus or compliance] in a process labeled physical aging (2).
The changes in polymer mobility during aging [at constant temperature] again suggests
the idea of time-aging time superposition, which allows for some prediction of the
behavior at long aging times through a shift rate. However, direct measurement of the
equilibration of both the volume and the stress relaxation behavior indicates that these
properties equilibrate at different aging times, which suggests that the mechanical
response is not directly coupled to the polymer volume.

The material employed in all investigations was General Electric Lexan LS-2,
a commercial, UV stabilized, medium viscosity grade Bisphenol-A polycarbonate (3).
T, was measured as 141.3 °C using differential scanning calorimetry heating at 10
°C/min (4). For the torsion experiments, the polycarbonate was obtained in the form
of extruded rods of 25 mm diameter, while for the volume recovery measurements,
pellets of the polycarbonate intended for injection molding were used. The pellets
were approximately 3 mm in diameter by 5 mm long.

Time-Temperature, Time-Strain and Time-Aging Time Superposition

Stress Relaxation Experiments in Torsion. Cylinders of the polycarbonate were
machined to a length of S0 mm and diameter 12 mm and a gauge section further
machined of 30 mm length and 4 mm diameter. In order to remove the effects of
previous thermal and/or mechanical history, the samples were heated to 145 °C
[approximately 4 °C above the measured T,] for 1 hour prior to testing. Residual
birefringence was not observed on looking through crossed polars.

The torsion measurements were carried out on a Rheometrics RMS 7200 (3)
load frame, modified in our laboratory with a computer controlled servo-motor. The
sample and grips were housed within a heater chamber for temperature control, with
a measured oven stability [based on the range of measurements] of better than +
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0.1 °C. The torque force relaxations were measured from nominal strains y [based on
the cylinder outer radius] from 0.0025 to 0.08:

Yy = R®/L = RY )

where @ = angle of twist, R the cylinder radius, L the length of the gauge section and
¥ the angle of twist per unit length.

Time-Temperature Superposition. Time-temperature superposition is widely used in
the description of polymer behavior at temperatures above the glass transition
temperature T, (), where the viscoelastic response function changes with temperature
by a change in the time scale by a horizontal shift a; and in the intensity by a vertical
shift b;. An often-used representation for the response function in stress relaxation
experiments is the stretched exponential of Kohlrausch-Williams-Watts (KWW) (5, 6):

G®) = G, exp[- ()" 1))

where Git) is the shear modulus response at time ¢, t, is a characteristic time, p a
shape parameter related to the breadth of the relaxation curve, and G, is the zero time
shear modulus. A change in temperature from T, to T results in a change in the
characteristic relaxation time leading to a temperature shift factor a; = ©(Ty) /t(T).
Vertical shifts are seen as a temperature dependent zero time shear modulus G;; the
vertical shift factor is by = GT)/Gy(T). The modulus G is calculated from the torque
by assuming that the stress and strain are both linear functions of the cylinder radius,
as in Equation (1).

Time-temperature superposition was applied to data generated from tests carried
out at a given strain at temperatures between 30 °C and 135 °C. The data presented
here are for a strain of 2%. The master curve was constructed as follows. The highest
temperature [say T,] data were taken as the reference curve and the parameters [G,, ©
and ] to fit to the KWW function determined. Keeping P constant, the KWW fit to
the next lowest temperature [T,] was found, and hence the temperature shift factor
determined for the temperature change T,-T, :

logla(T,-T,)] = log[to(To)/to(T)] @)

log[b:(T,-T,)] = log[Go(To)/Gy(T))] O

The T, data were then re-fitted to the KWW function, this time allowing the B term to
vary. Keeping this new P constant, the next lowest temperature (T,) data were fitted
to the KWW function and the temperature shift factor determined for the temperature
change T,-T,. By repeating this procedure for successively lower temperatures, it was
possible to build-up the overall time-temperature master curve from the individual
shifts at neighboring temperatures. The individual data sets and resulting master curve
constructed using the above procedure are shown in Figure 1, from which it is evident
that the data do appear to superimpose to form a master curve.
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KWW Analysis of Temperature Data. In the following, we performed the KWW
analysis in two ways. We first took the master curve obtained above and asked if it
could be described by a KWW function. We then looked at the results from fitting
KWW functions to the stress relaxation response at each temperature and asked what
the api-arent change in KWW parameters would be as a function of temperature.

The time-temperature master curve of Figure 1, determined using the 'semi
manual’' method outlined above, is replotted in Figure 2 and compared to a KWW fit
to these data [solid line]. It is immediately clear that the KWW equation does not
adequately describe the relaxation behavior over the whole range of data.

Next the KWW equation was applied to the data at each temperature, with no
restrictions on the parameters, and the resulting 8 parameters are shown in Table I.
The important observation here is the variation in the B parameter with temperature,
which, if taken literally and on the assumption that the master curve is described by a
KWW function, implies that time-temperature superposition does not apply to these
data. However, above we have shown that a very good master curve representation of
the data can be obtained by using time-temperature superposition. We interpret the
result of the present analysis to show that the KWW parameters are not strongly
determined using the limited time window [which is typical of mechanical tests]
available here. Further, it shows the danger of interpreting limited data in terms of the
KWW parameters. We also note that the master relaxation curve obtained from the
time-temperature superposition was not well described by a KWW function.

The temperature shift factors, log (a;), required for superposition are
shown in Figure 3. At low temperatures the shift factor is not highly temperature
dependent, while at temperatures close to Tg the dependence is clearly very strong. The
vertical shift factors required for time-temperature superposition are shown in Table
II, referenced to 135 °C. The trend is the same as that observed for the time shift
factors, with a relatively rapid change at temperatures a little below T, followed by a
leveling off at temperatures far removed from T,. Although the vertical shifts between
adjacent temperature curves is small, over a broad temperature range the cumulative
effect can be significant, in this case leading to a maximum vertical shift of
approximately 25% over the temperature range 30 °C to 135 °C. Note though that the
vertical shifts are still small in comparison to the orders of magnitude by which the
timescale is shifted. The shifts imply that the material is becoming intrinsically stiffer
at lower temperatures. This may be reasonably expected, since from thermal expansion
effects alone the material will be denser at lower temperatures.

Time-Strain Superposition. The principle of time-strain superposition is essentially
the same as that for time-temperature superposition, though now there is a strain
induced shift [acceleration] in the time scale of the material response (7-9). Again,
within the context of the KWW function one can write the time-strain shift function as
a,=t{Yo/t(Y), where y,and y represent the reference and current strains. Similarly,
the vertical strain shifts are b, =G(Y,)/ G,(Y). Because the shear strain in the samples
is a function of radial position  and at large deformations the shear stress is not linear
in the deformation, the modulus of the material is a function of r. Hence, for the time-
strain superposition we followed an isochronal analysis developed by McKenna and
Zapas (10) based on the elastic scaling analysis of Penn and Kearsley (11,12). In this
case we can write :
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Table | KWW fit parameters to relaxation data at each temperatre with no restrictions
on the parameters

T(C) G, (MPa) T (sec) B
30 780 1.18x10° 0.20
50 748 4.04x10° 0.13
70 792 1.35x10’ 0.24
85 700 1.28x10° 0.22
100 676 2.47x10° 0.36
110 724 2.47x10° 0.33
125 609 3.22x10* 0.37
130 584 7.26x10* 0.41
135 541 6.68x10° 0.47
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- v
o 8 | V vy .
> ¢ %
s | °
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v current data
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temperature (°C)
Figure 3. Temperature shift factors, log ar, as a function of temperature.

Table II. Vertical shift factors for time - temperature and time - strain superposition

Temperature (°C) | time - temperature Strain time - strain

30 0 0.0025 0.0

50 0.032 0.005 -0.006
70 0.012 0.01 0.0123
85 0.047 0.02 0.0178
100 0.05 0.035 0.0041
110 0.049 0.045 0.0096
125 0.086 0.055 0.0271
130 0.1 0.07 0.0909
135 0.12
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(&)

9, 2 dM (‘)]
Y 4n¥PR*

G@ = = (3M(t) * v

where o,, is the stress at a given value of strain y and G{(#) is the relaxation modulus at
that strain, M(?) is the torque response and ¥ is as defined previously.

Time-strain superposition was carried out in the same manner as the time-
temperature superposition above. Relaxation data for strains from 0.25 % to 7 %
are presented along with the resulting master curve for 30 °C and referenced to a strain
of 0.25 % [Figure 4]. The master curve covers approximately 8 decades of time, which
is comparable to the range covered with time-temperature superposition. As with time-
temperature superposition, small vertical shifts were also required, the magnitudes of
which are given Table II.

Comparison of Master Curves. The two master curves obtained above, one from
time-temperature superposition [at a strain of 2 % and referenced to 30 °C] and one
from time-strain superposition [at 30 °C and referenced to a strain of 2 %] are shown
in Figure 5. At short times, that is at low temperatures or small strains, the data
coincide. At longer time [>4 decades] the two data sets begin to diverge, with the
time- temperature data showing a significantly greater relaxation rate compared to the
time-strain data. The implication is that temperature and strain affect the relaxation
response in different ways. However, this is problematic in view of the fact that the
time-temperature or time-strain superpositions are both based on the concept that there
exists an underlying viscoelastic response function that is characteristic of the material
(1,13). Hence, shifting the spectrum by applying an increased temperature or an
increased strain should only alter the time-scale not the shape of the response function.
As a result, it is fair to ask if one or both of the master curves is wrong since two very
different long term behaviors are obvious in the data plotted in Figure 5. Because time-
temperature superposition has been successful and deviations from it usually reported
to be only subtle, our preliminary conclusion here is that the time-strain master curve
is not the correct master curve. Further work needs to be done to establish the apparent
validity of the time-temperature master curve. As an additional point, the apparent
superposability of the time-strain data leads to questions about the use of reduced time
concepts in non-linear constitutive equations when data are obtained only isothermally.
How does one further test the form of the equation if the apparent memory function
constructed by the time-strain superposition is incorrect? A brief discussion of such
models is given in (14).

Time-Aging Time Superposition. In order to examine the effects of aging, a loading
regime first proposed by Struik (2) was followed. In this, the strains are applied
sequentially at aging times ¢, that approximately double with each test. The duration of
the applied strain, %,, was such that the ratio #,/z, was constant at 0.10. The applied
strains then are essentially 'probes’ into the material structure, and are of a sufficiently
short duration such that aging effects do not significantly influence the measurements.
By allowing the sample to recover for a time , [= 9¢,], the sample essentially 'forgets'
the effect of the previous loading cycle. In order to confirm that this loading regime is
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valid and that the sample really does 'forget' the previous loading cycle, a number of
tests were carried out where the sample was taken above T,, cooled and allowed to age
for a given time at the appropriate test temperature and then a single probe strain
applied. Aging times from 0.5 to 18 hours were examined. The applied strains ranged
from 0.0025 to 0.07 over a temperature range from 30 °C to 140 °C

Each stress relaxation curve was again examined using the Kohlrausch-
Williams-Watts (KWW) function (5,6) given in Equation 2. For a given temperature
and strain, and assuming that {3 is independent of aging time, it is possible to perform
time-aging time superposition of the data by reducing the curves to a reference aging
time via a shift along both the time and force axes [an additional proviso here is that
the response is sufficiently 'curved' to allow the distinction between the required
vertical and horizontal shifts for superposition]. The aging time shift factor a,, is then
defined from the KWW function as:

log(a,) = log(to(t‘)/‘ro(t"r 4)) ®)

where tt,) is the value of 7, in Equation 6 at aging time #, and t(, ) its value at the
reference aging time. Having obtained the values of a,,, these are then analyzed in the
conventional manner of making plots of log(a,) vs log(z,), the slope of which has been
defined as the shift rate, p, by Struik (2) as:

p = dlog(a,)/dlog(t) )

A typical set of stress relaxation curves as a function of aging time is shown in
Figure 6 [data for 2% strain at 125 °C]. As can be seen, the data for the longer aging
times are shifted to the right on the time axis. That is, the response is shifted to longer
times. Because of the greater number of data points for the longest aging time, these
data are generally used as the initial reference curve to determine t(, ), G(*,, ) and
B parameters. The choice of the aging time to use as the reference curve is arbitrary,
the only effect being a shift of the final master curve in the time axis. The reference
curve is fitted to the KWW function and the parameters determined. The B value then
is held constant and the data at shorter aging times fitted to the KWW function by
varying t(z,) and G(t,). The values of log(a,) and log(b,) can then be determined as
discussed above. The assumption of a constant § value can be validated by allowing
the G,, P and t, parameters to vary for each relaxation curve; if this is carried out it
is found that the p term is indeed essentially independent of aging time, with the
proviso that this is true only over the time scale of these tests [Table III]. Application
of the appropriate shift factor to the relaxation data results in a superposition of the data
to form the time - aging time 'master curve' [Figure 6]. Note that the data for the
master curve have been further off-set by an arbitrary amount in the time direction for
clarity.

Figure 7 shows a plot of the log(a,) vs log(z,) values at 3.5% strain and 30
°C and 110 °C [note that the data are plotted as referenced to 7, = 1800 s]. The
data show good linearity, the gradient of which is the double logarithmic shift rate,
.

Figure 8 illustrates the effect of both temperature and strain on the shift
rate, pu, for temperatures up to 110 °C and strains up to 7%. The error bars shown
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Table III. B parameter from KWW function as a function of aging time.

log (aging time [sec]) B parameter from KWW function
3.26 0.260
3.58 0.266
3.89 0.266
4.19 0.254
4.50 0.269
4.80 0.273
28 log (ageing time [sec
) * 326
a 2.7 a 358
é A 389
0 2.6 v 419
3 * 450
_g o 4380
o 251 ® master curve
£
S’
o) 24
Q
2.3 T T T T
0 1 2 3 4 5

log (time [sec])

Figure 6. Stress relaxation response at 125 °C and a strain of 2% as a function

of aging time and the time - aging time master curve.
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are the root mean square deviation from the average value. In the linear viscoelastic
range at low strains [<2%] the shift rate is approximately constant at any given
temperature. The small strain shift rate can be seen to increase slightly as the
temperature increases.

As the strain is increased, that is as the material response moves into the
non-linear viscoelastic range, there is a systematic decrease in the shift rate with
increasing strain. This strain dependence of the shift rate is seen to become
progressively less pronounced at increasing temperatures, as evidenced by a leveling-
off of the curves. The temperature dependence of the shift rate then becomes an
increasingly strong function of the temperature at higher strains. Significantly, the
decreasing dependence of the shift rate on strain continues to such an extent that the
shift rate is independent of strain at 110 °C. This was an unexpected result, and to our
knowledge is the first time a strain independent shift rate in the large deformation
regime has been observed.

The effect of temperature on the shift rate is more clearly seen in Figure
9 where the p values at three strains are plotted as a function of test temperature.
Additional data at higher temperatures [up to 135 °C and omitted for clarity from
the previous figure] are also shown. At temperatures near to T, the shift rate reduces
drastically at all strain levels [indeed by definition the shift rate is zero at T,]. The data
show a [strain independent] maximum at approximately 110 °C to 120 °C and then a
systematic decrease as the temperature is lowered to 30 °C. As observed above, the
temperature dependence of the shift rate is more pronounced at higher strains, shown
here by the steeper slope at these strains. Lower strain data have been omitted, again
for clarity, as the shift rate was shown to be virtually independent of strain below 2%.

These data are in contradiction to those presented by Struik (2) for
polycarbonate where the shift rate remains constant at a value of approximately 1.2
down to temperatures of the order of -50 °C. The reasons for such differences are
unknown. We note however that the tests were performed in stress relaxation while
those of Struik were performed in creep. Also, Sullivan (Z2) has reported shifts
rates, pu, of approximately 0.75 for polycarbonate in the linear viscoelastic regime
from creep experiments; a result in line with the results reported here.

At higher temperatures [approximately T,-20 °C to T,-10 °C] the log(a,)
vs log(z,) data is no longer linear, with the aging rate decreasing at longer aging
times [Figure 10]. Eventually the material ceases to age and has thus reached
[mechanical] equilibrium. The time scale for this to occur at these temperatures
ranges from approximately 10* to 10° seconds. These timescales are in good agreement
with those found in (4) for the same material under dynamic loading conditions. At
higher temperatures [above approximately 135 °C] the material is seen to reach
equilibrium within 1800 seconds, the shortest aging time examined.

Vertical Shifts. As with the horizontal [time] shifts, a plot of the vertical shifts,
log(d,,), as a function of log(#,) yields a linear relationship, the gradient of which is
denoted by b*. The variation of b* with temperature and strain is shown in Table IV.
Although there is a relatively large amount of scatter in the b* values, there is no clear
trend with either temperature or strain [at least up to the yield point of the material],
giving an overall average value of approximately +0.008 over 0.5 to 18 hours of
aging. This implies that the zero time or intrinsic modulus is increasing by
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Figure 9. Aging time shift rate as a function of strain and temperature.
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Table [V. Vertical shift factor rate as a function of temperature and strain

Strain 30°C 70°C 110°C
0.02 4.3x10° 6.2 x 10° 9..8x 10°
0.035 4.6 x 10° 8.4x 10° 7.4 x 10°
0.045 6.5 x 10° 9.5x 10° 5.9x10°
0.055 7.3 x 10°
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approximately 2% per decade of aging. This is perhaps not too surprising in
considering that the underlying structure of the material must be changing as the
material ages and densifies. The magnitude of the vertical shift is similar to that
reported by Struik (2).

Volume Recovery Behavior

Following temperature changes below T,, the slow evolution of the polymeric
structure [as characterized by the volume or enthalpy] towards equilibrium has
important kinetics (16-22). These kinetics have been investigated through dilatometric
experiments on polycarbonate using temperature-jump histories, which have been fit
to a nonlinear model incorporating a material time clock that depends on the current
volume.

The evolution of the volume towards equilibrium is also compared to the
evolution of the mechanical properties towards an equilibrium state [physical aging
(2,4)] as discussed above. Although free volume models (I) would suggest that the
volume and mechanical properties should evolve at the same rate, there have been
several studies (/4,23-29) reporting that the time scales of the evolution of these
properties towards equilibrium can be different, and we examine the relative rates
of change for the polycarbonate here. In down-jumps close to T,, comparison of
the evolution of the volume and the mechanical response indicates that the mechanical
properties cease evolving [reach equilibrium] before the volume. These results are
similar to those seen previously in this laboratory with epoxy glasses near T, (14,25-
28). However, this behavior is not universal (30,31) and we suggest that the apparent
conflict may be due to differences in materials.

Phenomenological Description of the Volume Recovery. We have employed a hybrid
(28) of the Tool-Narayanaswamy-Moynihan-KAHR models of the kinetics of structural
recovery (16-20) to obtain relevant phenomenological fits to temperature-jump
experiments. The volume departure from equilibrium, 8, is related to the thermal
history and material properties as:

. dr
5@) = (V& -V)IV, = -Aef, Rz-2yds’ ®

where V(z) is the current volume and V, is the volume of the equilibrium liquid.
T is the temperature, and A« is the difference between the liquid and glassy
coefficients of thermal expansion. R(z) is a retardation function written in terms of the
reduced time of the material denoted by z, which is calculated from the experimental
time ¢ through shift factors a; and a, that depend on temperature T and structure §,

respectively:

2= & ©
° @ (T(E) a,(5(%)
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Assuming the temperature history as a step function from T, to T,at ¢t = z = 0,
the convolution integral in Equation 8 reduces to 8(z) = -A« R(z) (T, - T,). The
volume response function R(z) is expressed as a stretched exponential (5,6) [as was
used in (20)],

R() = exp[-(z/7)"] (10)

where <, is a characteristic time. The shift factors are exponentials as suggested in
9,

a, = exp[-6(T-T))], a, = exp[-(1-x)83/Aa]  (11)

where T, is a reference temperature, © is a constant, and x is a partitioning parameter
(0 < x < 1) that weights the relative contributions of the temperature and the structure
to the shift factor. The parameters A«, t,, §, © and x were then evaluated from the
experimental data by adapting a Levenberg-Marquardt nonlinear curve-fitting
algorithm (32) as detailed in (28).

Volume Measurements. The volume of the polycarbonate was measured using an
automated mercury dilatometer [similar in conception to those used by Kovacs (18)],
containing approximately 3.38 g of polycarbonate pellets with a volume of
approximately 2.85 cm® at 22 °C. The uncertainty in the relative volume measurements
[expressed as one standard deviation] is estimated as 5 X 10° cm®. The glassy and
liquid coefficients of thermal expansion were measured as g = 2.15 X 10 cm*/(cm®
K) and &; = 5.94 X 10* cm*/(cm® K), respectively. The uncertainty [expressed as one
standard deviation] is estimated as 10° cm?/(cm® K). The difference [used in Equation
8lis Aa = ap - ag = 3.79 X 10* cm*/(cm® K).

In order to study the nonequilibrium volume recovery, asymmetry of approach
experiments were performed. Up and down-jumps of 5 °C were performed to a final
temperature of T, = 140 °C, and up and down-jumps of 2 °C were performed to a
final temperature of T, = 138 °C. Thermal equilibration took 100 to 200 s.

The results of the curve fit to the temperature jump data are shown in
Figures 11 and 12. The points used in the fit are indicated by symbols in the figures,
and the lines show the prediction of the model using the calculated parameters
given in Table V. Hodge (22) obtained similar parameters of § = 0.46, ® = 0.87
K' and x = 0.19 from enthalpy recovery measurements on a Bisphenol-A
polycarbonate.

For this limited set of data, the model represents the experiments reasonably
well. Simulations using the model indicate that the approximation of the temperature
history as a jump is acceptable, because the volume recovery resulting from a finite
rate temperature change quickly approaches the volume recovery from a jump once
the final temperature has been reached.

Although the temperatures used in the volume recovery experiments were
not identical to those used in the torsion experiments, one can readily see that the
volume requires a much longer time to reach equilibrium. From Figure 12, it is
apparent that the volume takes more than 10* s to equilibrate at 138 °C, whereas
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Figure 11. Volume recovery for 5 °C up and down jumps to 140 °C. Symbols

are experimental data, and lines are the hybrid model fit to all data in Figures
11 and 12.
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Figure 12. Volume recovery for 2 °C up and down jumps to 138 °C. Symbols
are experimental data, and lines are the hybrid model fit to all data in Figures
11 and 12.
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Table V. Hybrid model parameters determined from volume recovery data in
Figures 11 and 12. Also shown are the parameters evaluated by Hodge [22] from DSC
data, and the parameters suggested by KAHR [19].

Parameter T,=140°C |Hodge [22] (DSC) | KAHR [19]
Aa(10*KY) 44
7, (5) 140 280 - 1400
B 0.4 0.46
x 0.18 0.19 0.4
e (K 0.88 0.87 1

the mechanical properties have reached equilibrium in less than 1800 s at a lower
temperature [137.2 °C], as demonstrated by the flat response of the aging time
shift factor at that temperature in Figure 10. This result is consistent with observations
from this laboratory in experiments with a model epoxy (14,25-28) using the NIST
torsional dilatometer. Note though that other researchers using a range of polymeric
systems have found contrasting results in terms of the time scale of the volume,
mechanical and enthalpy relaxation times. A summary of these results can be
found in (33).

Conclusions

Time-temperature superposition can be successfully applied to polycarbonate at
temperatures up to 110 °C below the glass transition temperature. Though the
individual relaxation curves at each temperature can be described in terms of the
KWW function, the resulting master curve can not. This was attributed to the fact that
the KWW parameters are not strongly determined using the limited time window on
the individual tests. This in turn leads to a spurious temperature dependence of the

KWW f3 parameter.

Time-strain superposition was also shown to be possible. However, the
resulting master curve was significantly different from that obtained using time-
temperature superposition. This is problematic if it is assumed that there exists a
single underlying response function.

Time-aging time superposition was possible at all strains up to the yield
strain and at all temperatures studied. The aging time shift rate. |, was seen to
vary systematically with both temperature and strain. In the linear viscoelastic
range, the shift rate remained constant. At increasing strains the shift rate was seen
to decrease, though this effect was less evident at higher temperatures. The shift
rate increased with increasing temperature up to approximately 110 °C to 120 °C,
after which it rapidly decreased to zero at Tg.
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The hybrid nonlinear model fits this limited set of volume recovery data

quite well, although the calculated difference between the glass and liquid coefficients
of thermal expansion is somewhat different from the measured value. The time for
volume equilibration following a temperature change was found to be much longer
than the time for equilibration of the mechanical response, which indicates that a
simple free volume model of the mechanical response may be inappropriate.
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Chapter 15

Polymer-Polymer Miscibility Investigated
by Temperature Modulated Differential Scanning
Calorimetry

G. O. R. Alberda van Ekenstein', G. ten Brinke', and T. S. Ellis’

"Laboratory of Polymer Chemistry, Materials Science Center, University
of Groningen, Nijenbborgh 4, 9747 AG Groningen, The Netherlands
*General Motors Research and Development Center, Polymers Department,
Warren, MI 48090-9055

In this paper we will review the main features of using both
temperature modulated differential scanning calorimetry, T-m.d.s.c.,
and conventional d.s.c. for investigating phase behavior of polymer
mixtures by reference to blends of acrylonitrile-butadiene-styrene
copolymers with poly(methacrylate) and chlorinated polymers with
aliphatic co-polyesteramides, respectively. We will also elaborate on
more recent results concerning the application of T-m.d.s.c. to
investigate enthalpy recovery in a blend of polystyrene and a random
copolymer of styrene and para-fluorostyrene and whose glass
transition temperatures are separated by only 3°C. It will be shown
that, although the resolution of T-m.d.s.c. compared to conventional
d.s.c is strongly enhanced, unambiguous conclusions about miscibility
still requires enthalpy relaxation studies. The advantage of T-m.d.s.c
becomes especially clear when overlapping signals such as glass
transition and exothermic processes are present.

Relaxation in the amorphous state of glassy and semi-crystalline polymers, often
referred to as physical aging, and the subsequent recovery processes on heating
through the glass transition, displays individual features that are characteristic of the
particular polymer. Several years ago formal procedures were presented (/,2) to
illustrate how enthalpy relaxation in the amorphous state of glassy and semi-
crystalline polymers can be a valuable tool for elucidating phase phenomena in
polymer blends. It has been particularly successful in determining phase behavior in
blends whose constituents possess similar glass transition temperatures (T;) where
the detection of a single composition dependent T, is not possible. Accordingly,
when characterized by calorimetric methods, as an enthalpy recovery peak, mixtures
of polymers possessing indistinguishable or similar thermal properties can be
analyzed quite effectively. The appearance of multiple or asymmetric recovery
peaks in polymer mixtures is regarded as conclusive evidence of heterogeneous

218 ©1998 American Chemical Society
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mixing. Conversely, a single sharp recovery peak is usually indicative of a single
homogeneous phase. Although especially suited to these kinds of situations a more
recent review (2) has also emphasized the more general utility of the technique to
additional multi-component systems. As the emphasis of the determination of
polymer-polymer miscibility has progressed to defining the structure-composition
relationships involved, particularly by establishing critical miscibility limits through
the use of copolymers (3,4), the latter situation is encountered more frequently.

Although specific-heat spectroscopy or AC calorimetry was introduced over
thirty years ago (5) and its application to the glass transition of glycerol described in
a pioneering paper by Birge and Nagel (6), the adaptation of conventional d.s.c. to
include these possibilities is from a much more recent date (7). This technique, using
commercially available equipment, is now usually termed temperature modulated
differential scanning calorimetry or T-m.d.s.c. The interpretation of the experimental
data obtained by it, is a focus of intensive scientific debate (8-10). But letting this
aside, it has certainly the potential to provide additional and unique information on
multi-component systems. Indeed, recent publications (/) have illustrated that steps
have already been taken in this direction. In this paper we will review the main
features of the enthalpy recovery technique using both T-m.d.s.c. and conventional
d.s.c. and examine the application of both forms of instrumentation to a number of
different blend studies.

In a conventional d.s.c., only the total heat flow to the sample is measured.
The principal difference between the two types of instrumentation is that the linear
heating program applied in T-m.d.s.c. also contains a sinusoidal modulation with
frequency @ superimposed over a nominal heating rate; usually considerably lower
than that of conventional d.s.c. (1-2°C/min c.f. d.s.c. 10-20°C/min). Although a
seemingly minor difference, the advantage of T-m.d.s.c over conventional
instrumentation lies in the ability to separate the response of the sample to both the
“reversible” and “non-reversing” behavior (7,12). From the modulated temperature
and the modulated heat flow signals, the heat capacity is extracted via deconvolution,
which, multiplied by the heating rate, gives the reversing heat flow. The average of
the modulated heat flow is the total heat flow. The difference between these two
heat flows is the non reversing heat flow. This is the more empirical approach.
When using deconvolution with phase correction it is also possible to divide both the

modulated signals, via heat flow angle and complex heat capacity Cp'(w) , into the
out of phase “kinetic” heat capacity C,"(w) and the in phase “reversing” heat
capacity Cp'(@). As usual, a complex response function implies some form of

entropy production. In the case of a modulation with amplitude a around a
temperature T, it is rather straightforward to show (6,/4) that the minimum entropy

production is given by AS = 7C,,"(@)(a / I;,)2 . The new element is that the entropy

production does not occur inside the system, but rather in the surroundings. In a
strict thermodynamic sense, a temperature modulation requires a heat bath for every
temperature and the entropy production is due to a redistribution of energy between
the heat baths, being transferred from the high temperature heat baths to the low
temperature heat baths during every cycle(14).
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An extra tool is the possibility to construct Lissajoux figures by plotting, for
instance, the modulated heat flow versus derivative modulated temperature. This
provides additional information about the validity of the steady state conditions of
the experiments, which is visualized by the retrace of the separate ellipses. In these
specific Lissajoux figures the width corresponds to the phase lag and the slope to the
specific heat. Under the conditions of analysis the enthalpy recovery peak is a non-
reversing event and can therefore be separated from the reversible changes of
specific heat.

Experimental

Convential d.s.c. was performed using a Perkin Elmer DSC7 with a heating rate of
20°C/min for the poly(methyl methacrylate)/poly(acrylonitrile-co-butadiene-co-
styrene) (PMMA/ABS) systems and the PMMA/poly(styrene-co-acrylonitrile)
(PMMA/SAN) systems and with 10°C/min for blends of chlorinated polyethylenes/
aliphatic co-polyesteramides. The latter blends were vitrified by quenching from 150
or 250°C into liquid nitrogen before thermal investigations.  Preparation,
composition and properties can be found in ref.(3). SAN copolymers were obtained
from Scientific Polymer Products and used as received. ABS materials were supplied
by Monsanto as PG298 and Lustran Elite with approximate AN contents in the SAN
copolymer, as measured by nmr, of 30 and 25 wt%, respectively. The PMMA was
supplied as Plexiglas V502 by Atohaas.

Temperature modulated d.s.c (T-m.d.s.c.) was performed using a TA-
Instruments DSC2920. Of the chlorinated polyethylenes/co-polyesteramides, only
those blends which are difficult to interpret using conventional d.s.c. curves were
investigated by T-m.d.s.c. using an average heating rate of 2°C/min, amplitude 1°C
and period 60 sec. For the polystyrene(PS)/fluoropolystyrenc blend and its
components both T, and enthalpy recovery studies were performed by T-m.d.s.c.
with an average heating rate of 1°C/min, amplitude 1°C and period 60 sec.
Polystyrene Dow 666 (Mw=304x103, M, =1 10x10°, Tg(midpoint)=104.3°C) and a
random copolymer of styrene and para-fluorostyrene P(S-pFS46) (mole fraction of
FS equals 0.46, M,=114x10°, M,=64x10°, T,(midpoint)=107.3°C) were used.
Aging for various amounts of time was performed at 92°C. The 50-50wt% blends
were obtained by co-precipitation from a 5 wt% toluene solution into a 20x excess of
methanol.

Blend Studies

PMMA/ABS In blends of PMMA and styrene-acrylonitrile (SAN) copolymers,
there is a critical composition of the SAN, at approximately 28 wt % acrylonitrile,
that marks the transformation from miscibility to immiscibility with PMMA.
Confirmation of this behavior is provided by the curves presented in Figure 1a for
blends involving SAN containing 25 wt % and 30 wt % AN, respectively, obtained
by conventional d.s.c. The matrix of ABS would be expected to behave in a similar
manner. However, the presence of the strongly scattering polybutadiene dispersed
phase in the ABS excludes optical scattering methods for the determination of phase
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behavior. Although the close similarity of T, of the respective materials (PMMA
Tg=101°C, ABS T,=107°C) negates using the criterion of a single composition
dependent T, , enthalpy recovery studies are able to resolve phase behavior (13).
The illustrations in Figures 1a and 1b, for miscible and immiscible blends of ABS
and SAN, respectively, with PMMA, show the result of subtracting the thermogram
of an aged sample from that obtained by quench cooling, recorded using
conventional d.s.c., effectively revealing the enthalpy recovery peak(s). ABS resins
with AN contents of 28-29 wt% and above, as measured by nmr, exhibit broad
multiple recovery peaks, whereas a blend with ABS containing approximately 24
wt% AN in the matrix provides a single sharp peak that is almost twice the height of
the former. Measurements of the position of the peak maximum and onset can be
used to augment the analysis. An example coming from a ternary blend study is
given in Figure 2 showing the peak maxima for PMMA/ABS blends in which a third
component, polycarbonate (PC), has been added. Since PC is immiscible with the
other components, the presence of the PC has no influence on the enthalpy recovery
of the PMMA and ABS. The figure demonstrates that the principle peak is
commensurate with that of the pure ABS whereas the onset (not shown) identifies
with that of the pure PMMA. Clearly, PMMA and ABS with 31 wt% AN are
immiscible (Z,2). T-m.d.s.c has not been applied to blends such as these.

Chlorinated polymers/Copolyester-amides Recent studies (3) of blends of
chlorinated polyethylenes with caprolactam(LA)-caprolactone(LO) copolymers have
been able to establish a correlation between miscibility and chemical structure within
the framework of a binary interaction model. In some of the blends, both
components have the ability to crystallize. When one or both of the components can
crystallize, the situation becomes rather more complicated. Miscible, cystallizable
blends may also undergo segregation as a result of the crystallization with the
formation of two separate amorphous phases. Accordingly, it is preferable to
investigate thermal properties of vitrified blends. Subsequent thermal analysis also
produces exothermic crystallization processes that can obscure transitions and
interfere with determination of phase behavior. In these instances T-m.d.s.c has the
ability to separate the individual processes and establish phase behavior.

Figure 3 presents thermograms of an immiscible blend of chlorinated
polyethylene with 36 wt% chlorine and a co-polyesteramide containing 40.3 mole%
lactam(LA). It is obvious that the determination of the second glass transition
temperature from the total heat flow is difficult due to the presence of the exothermic
crystallization peak. From the reversing heat flow curve this T, can, however, be
established without any difficulty. When the T, is used as the tool to determine
miscibility, conventional d.s.c is clearly not suitable in this case. Hence, the
advantages of T-m.d.s.c. become especially clear when the objective is to construct
miscibility windows for those systems where overlapping signals such as T, and
exothermic processes are present. A complete miscibility window, as presented in
ref (3), would not have been possible using conventional d.s.c. only.

Polystyrene/Poly(styrene-co-para-fluorostyrene)  Systems involving PS and
random copolymers of styrene and fluoro-substituted styrenes are among the most
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Figure 1a. Enthalpy recovery peaks of PMMA/ABS and PMMA/SAN blends,
annealed at T,=85°C: 1) SAN 25 wt% AN, t,=1284min; 2)&3) ABS 31 wt%
AN, t,=1560min, blended by coprecipitation and exposed to 150°C and 260°C,
respectively; 4) SAN 30 wt% AN, t,=265min.

Figure 1b. Enthalpy recovery peaks of PMMA/ABS blends, annealed at
T,=85°C; (A) 50-50 wt% with ABS containing 29 wt% AN, t,=2895min; (B)
and (C) 60-40 and 40-60 wt%, respectively, with ABS containing 24 wt% AN,
t,=390min.
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Figure 2 Measured values of maximum of the recovery peak, T, , versus log
t, for PMMA/ABS (31 wt% AN)/PC blends: A 50/50/0; O 42/42/15; ®
33/33/33; + 25/25/50. Broken and solid lines represent best fit for Ty, for pure
PMMA and ABS, respectively.
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Figure 3. Representative curves, obtained by T-m.d.s.c., of 50-50 wt% blel'lds
of chlorinated polyethylene with 36 wt% chlorine and a co-polyesteramide
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obvious examples of blends involving components with nearly identical T,’s.
Consequently, they were among the first to be studied by the enthalpy relaxation
method (15,16). Although specific heat spectroscopy can in principle provide
detailed information about the frequency dependent complex specific heat (5), even
this complete spectrum is not sufficient to identify (im)miscibility in blends
consisting of components with nearly identical glass transition temperatures (/4).
Enthalpy recovery studies (1,2) are still required. With the advent of T-m.d.s.c. we
decided to reinvestigate a 50/50 wt% blend of PS and a random copolymer of styrene
and para-fluorostyrene P(S-pSF46) in order to see what new information might be
obtained in this manner. A T-m.d.s.c measurement was taken of the unannealed
sample and subsequent measurements involved the same system after being annealed
at 92°C for different amounts of time. Figure 4 shows the total heat flow curves. As
can be seen, the immiscibility manifests itself as a high temperature shoulder, but
only after annealing for 96 hours and more. In Figure 5 the corresponding
“reversing” heat flow is presented. The immiscibility is apparent from two Ty’s
becoming visible already after annealing for 46 hours or more. This figure presents
essential new information not available from conventional d.s.c. measurements.
With respect to (im)miscibility it only confirms the conclusion which can be drawn
from the total heat flow. However, it does provide additional information about the
relaxation/recovery behavior of glassy polymers. The total heat flow of physically
aged glassy polymers has been described quite successfully by the KAHR model
(17) and by the Moynihan approach (18,19) in the past. The fact that in- and out-of-
phase data are available now has already stimulated the extension of these
approaches to the temperature modulated situation (14,20). Figure 6 presents the
“non-reversing” heat flow as the difference between the data presented in Figures 4
and 5.

Finally, Figure 7 presents the derivative of the reversing heat flow
corresponding to the data of Figure 5. As noted before, the immiscibility becomes
visible after 46 hours or more. The peak corresponds to the midpoint glass
transition. For the unaged sample a single peak is observed at 107.1°C. After 46
hours of annealing, still only one T, is clearly visible, shifted to 108. 4°C. An
indication of the second T, can be seen as a high temperature shoulder. After 96
hours of annealing the T’ s are present at 108.5°C and 110.4°C. After 144 hours the
peaks have shifted to 109.3°C and 111.2°C. Finally, after 336 hours of annealing the
maxima of the two peaks are located at 110.3°C and 112.7°C. The height of the high
temperature peak becomes less with increasing annealing time, which might indicate
a faster shift of the lower temperature peak of PS gradually overlapping the P(S-
ESF46) peak, although the difference between both peaks remains constant (ca. 2

C).

Conclusions T-m.d.s.c. has already become an indispensable tool for polymer
blends studies. Its main advantage is in resolving phase behavior in those situations
where additional exothermic processes are present. However, as far as miscibility
studies of polymer blends involving components with comparable glass transition
temperatures is concerned, we still have to rely on the enthalpy recovery method, that
is, assuming that thermal analysis is the experimental technique selected.
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Chapter 16

Physical Aging in PMMA Investigated Using Positron
Annihilation, Dielectric Relaxation, and Dynamic
Mechanical Thermal Analysis

William J. Davis' and Richard A. Pethrick™

'Department of Pure and Applied Chemistry, University of Strathclyde, Thomas
Graham Building, 295 Cathedral Street, Glasgow G1 1XL, Scotland

Physical ageing in polymethylmethacrylate has been investigated using
a combination of positron annihilation lifetime, dielectric relaxation
and dynamic mechanical thermal analysis. No simple theory was
capable of fitting all the measurements, and the dielectric data indicate
that ‘thermorheologically simplicity’ is not a valid assumption for
PMMA. The free volume distribution appears to change during
ageing, however the processes occurring at a molecular level are
complex and not simply the result of one single type of conformational
rearrangement. An apparent activation energy comparable to that of
the glass - rubber transition was observed from an analysis of the data.

The spontaneous, thermally reversible change that occurs in glassy materials when
brought close to their glass transition [T,] is known as physical ageing (1,2). Many
of the theories associated with physical ageing are based on free volume as the rate
controlling factor. A non-equilibrium thermodynamic conformational distribution
arises as the material is cooled through T, and equilibrium is slowly approached at a
rate which depends on the annealing temperature. Below the beta relaxation physical
ageing ceases (/,2). The apparent activation energy for the beta relaxation process is
typically 30-50 kJ/mol and values of between 200-300 kJ/mole are observed for the
glass transition process (3). The former are associated with localised conformational
changes requiring motion about one or two bonds whereas the glass transition is a
co-operative motion involving between 8-20 bonds. The density, yield stress and
elastic modulus of the polymer increase; impact strength, fracture energy, ultimate
elongation decrease; creep and stress relaxation rates decrease upon physical
ageing.(/,2)

‘Corresponding author.
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Polymethylmethacrylate, [PMMA], a polar polymer exhibits a dielectric relaxation
spectrum [DRS] allowing the effects of ageing on the nature of dipole processes to
be monitored. Longer range co-operative molecular motions dominate dynamic
mechanical thermal analysis [DMTA]. The relaxations observed by these techniques
are to a greater or lesser extent influenced by pressure and have associated with them
definite volume changes. The Tg process is usually insensitive to pressure whereas T,
is very sensitive and indicates that there is a volume change associated with the
process (3). The void structure - free volume at a molecular level can be explored
using positron annihilation lifetime spectroscopy [PALS]. Combining data from
PALS, DRS and DMTA provides a picture of the way in which free volume and
various scales of molecular motion change during ageing.

Below T, (4,5) co-operative molecular processes are usually assumed to be
inactive. However, physical ageing implies that conformational changes may be still
able to occur if rather infrequently. Structural relaxation processes are observed to
be non-exponential and are represented by a continuous distribution or stretched
exponential form (6). Thermorheologically simplicity (TRS) implies that the
molecular relaxation process has the same form at different temperatures (7) and the
validity of this assumption is addressed in this paper. Isobaric volume recovery (8,9)
has been described by a single parameter model, however all free volume models
(10,11) have limitations and a distribution of hole sizes and relaxation times leading
to a pseudo-linear theory is a more realistic model(/2). Comparison of data from
various techniques should throw light on the molecular nature of physical ageing.

Experimental

Materials. ICI [Diakon], commercial PMMA, (My) - 136,000, T, - 105°C; was
annealed at 120°C. Dog bones - 120 x 10 x 3.25 mm.; square plaques, 60 x 60 x
3.25 mm. and creep bars 15 x 20 x 3.25 mm. were compression molded. Isothermal
ageing was performed on samples previously equilibrated at a defined annealing
temperature followed by rapid quenching to room temperature, ~298K and reheating
to the ageing temperature T..

Dielectric Relaxation Spectroscopy - [DRS]. Isothermal and isochronal ageing
studies were carried out over a frequency range from 107 to 6.5 x 10° Hz at 10°C
temperature intervals between 30-120°C (/3).

Dynamic Mechanical Analysis. A Rheometrics Dynamic Mechanical Thermal
Analyser (DMTA) Mk III was used in a single cantilever arrangement. Both E' and
tan 8 were measured as a function of temperature at a frequency of 1Hz over the
temperature range -145 to +150°C and a heating rate of 2°C/min for the isochronal
experiments.

Positron Annihilation Lifetime Spectroscopy (PALS). A fast-fast PALS system
using cylindrical (40 mm diameter x 15 mm thick) BaF; scintillators (/4) arranged at
90° to each other to avoid pulse pile up problems. A count rate of 150-300 cps was
achieved with a *Na source and a instrument resolution of 220-240 ps FWHM for a
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50 uCi source. Benzophenone and ®Co were used to determine the resolution and
source correction. The spectrum was analysed using POSITRONFIT (/5). A ‘fixed
analysis'; assumes 1, - 0.125 ns; (p-Ps), 12 - 0.400 ns (free ¢*) and I/I, at 3:1.
Isochronal experiments involved the samples being aged for various times at a
defined temperature before being thermally scanned. Isothermal experiments
involved the sample being measured continuously as a function of ageing time at a
particular temperature. PALS were collected at 10°C intervals from 30-100°C in 60
min corresponding to 500-600 k counts.

Comparison between POSITRONFIT and CONTIN (/6,17) analysis
indicated that only for 10° counts or greater could the results of the analysis be
differentiated. Spectra with ~ 5 x 10° counts were used as optimum in this study.

Results And Discussion

Positron Annihilation Data. The effect of irradiation time and source strength on
the o-Ps annihilation (25) in PMMA is minimal (/8,/9) and does not have a
significant effect on the physical ageing experiments. The possible effects of charging
on oPs annihilation will be discussed in detail elsewhere. Samples were annealed for
30 minutes before ageing and then quenched in water for ~ 1 minute. Samples were
aged at 30, 50 and 80°C for respectively 0, 4, 8, 16, 32 and 64 hours.

Isothermal Ageing of Poly(methyl methacrylate). The ‘equilibrium’ liquid line
was measured by studying the o-Ps lifetime 13, versus temperature between 30-
150°C, (Figure 1). Isothermal measurements at 30, 70, 80, 90, 100, 110 and 120°C
rather than isochronal experiments were carried put to reduce any errors due to
uncertainty in the thermal history. Different models have been used to fit lifetime
data (20) and include; log, single exponential, double-additive exponential and the
Narayanaswamy. Logarithmic regression 7, =axlog(f)+5; single exponential
=t

-t
T,=ax exp( /')+ b; double  additive  exponential T3=ax exp( A)
—t )\
+b x exp( A) +c; and Narayanaswamy (7);, 7, = exp( Z) were explored. The
results presented are limited to logarithmic (Figure 2) or simple single exponentials

fits, these being the most precise, and more sophisticated models appeared invalid
(Table I).

Table I. Summary of fitting parameters for isothermal t; ageing data over
temperature range 70-120°C

80 1.888 2478 0.131 -0.0085
90 1.956 1240 0.092 -0.0140
100 2.024 610 0.049 -0.0117
110 2.050 324 0.062 -0.0242
120 1111 111/ 1111 -0.0074
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Variation of the oPs lifetime relaxation time with ageing temperature gave Arrhenius
behaviour with an activation energy of 84+6 kJ/mole. The 'rate' of ageing (Figure 3)
obtained from the slope of the log curve, (Figure 4), is similar to Struiks (/) ageing
rate versus temperature plot and implies a connection between free volume V¢ and
the mechanical relaxation processes.

Dielectric Relaxation Data. Dielectric permittivity and loss data were measured
over the temperature range 30-120°C for unaged and aged PMMA. Comparison of
data at 90°C, (Figure 5) indicates the change in the distribution of relaxation
processes which occur on ageing (2/,22). The low frequency tail of the T; process
occurs at approximately 10° Hz and ageing narrows the B relaxation process and
reduces the low frequency amplitude and indicates thermorheological simplicity is not
correct.

Mechanical Relaxation Data. Isochronus ageing carried out on unaged samples
equilibrated for 100 hours at 90°C in an air circulating oven, (Figure 6). The onset of
T, occurs at a slightly higher temperature in the aged compared to the unaged
material. The tan § plots show two peaks; at around 40°C a S-relaxation and at
120°C an a-relaxation. The largest change in tan & occurs when samples are aged
over the temperature range between the two main relaxation processes.

Isothermal Ageing Experiments. Both E’ and tan § data were collected as a
function of the isothermal ageing time over the temperature range 70-100°C at 10°C
intervals with a precision of + 0.1°C at a frequency of 1Hz. The sample heat-up time
to the ageing temperature after quenching was ~ 5 minutes, whilst the oven reached
this temperature in ~ 2 minutes, a delay in sample equilibration being observed due to
the low thermal conductivity of PMMA. Data were collected at 15 minute intervals
for periods of up to 200 hrs depending on the ageing temperature. Since tan J is the
ratio E"/E’ it does not vary with sample dimensions and is therefore insensitive to
changes in geometry during the experiment. Isothermal tan § data for PMMA over
the temperature range 70-120°C weie measured, (Figure 7).

Below 110°C tan 3 varies approximately linearly with log time over the time
range measured (23). Above 110°C a rapid decrease in tan & followed by a stable
value indicating equilibration occurs very quickly. Data over the temperature range
70-100°C were fit with-both double-exponential and logarithmic functions. The
single-exponential fit to the data was inappropriate at lower temperatures and the
double-exponential data does not follow the expected pattern shown by both PALS
and dielectric data of increasing relaxation time for the relaxation process with
decreasing temperature. Attempts were made to mathematically fit the data using a
variety of fitting procedures, (Table II). At 110°C tan (delta) varied with log time,
Table II and then the ageing 'rate' decreases rapidly to zero. This approach was taken
to allow calculation of the ageing 'rate' for 110°C data to allow comparison with both
PALS and DRS ageing 'rate' data. DMA experiments over a wide time range (23)
indicated that a horizontal shift to superimpose materials of different ageing histories
was not completely effective and the double-exponential fits over the temperature
range 70-100°C, however it cannot be concluded that the relaxation function contains

In Structure and Properties of Glassy Polymers; Tant, M., et a.;
ACS Symposium Series; American Chemical Society: Washington, DC, 1999.



October 29, 2012 | http://pubs.acs.org
Publication Date: January 28, 1999 | doi: 10.1021/bk-1998-0710.ch016

233

AGEING ‘RATE’

0.03

0.025 S

0.02

0.015

0.01

0.005 g

o A 1 1 1
20 40 60 .80 100 120 140

AGEING TEMPERATURE (C)

Figure 3. Ageing 'rate' versus temperature for PMMA over the temperature
range 70-120°C.

68
67 |
120C
66 ~ .
100G
65 -
= Soc
* 64|
i
83 I soc
62 |-
70C
61 |
60 L3 129l [ RN | [T N R | PN W N W R |
0.1 1 10 100 1000

AGEING TIME (HRS)
Figure 4. Product of 73xI; versus ageing time for PMMA over the temperature
range 70-120°C. Fitted curves are simple single exponentials. W 70°C, A
80°C, V 90°C, ¢ 100°C, * 110°C, ® 120°C.

In Structure and Properties of Glassy Polymers; Tant, M., et a.;
ACS Symposium Series; American Chemical Society: Washington, DC, 1999.



October 29, 2012 | http://pubs.acs.org
Publication Date: January 28, 1999 | doi: 10.1021/bk-1998-0710.ch016

Bending E (Pa)

Dielectric Constant Dielectric Loss_ LLOE+00

1.0E-01

0 I RTINS WU VT TTR G BE W U1V I WS N TV TTSM S O 1 1TI NN N VT TR W S W N TTTUR Oy o 0 )
1.0E-02 1.0E-01 1.0E+00 1.0E+0! 1.0E+02 1.0E+03 1.0E+04 1.0E+05

—®— aged DC ~® aged DL —+ unaged DC "+~ unaged DL

Figure 5. Frequency dependence of &’ and &” for aged/unaged PMMA at 90°C.

10%° 1.0

5 l-3.0

T T T T T
- 150 -100 -50 [ 50 100 150
Tenperature (\C)

Figure 6. Dynamic mechanical spectra showing both £”and fané of unaged (+)
and aged (x) PMMA over the temperature range -145 to +150°C at 1Hz

frequency.

In Structure and Properties of Glassy Polymers; Tant, M., et a.;
ACS Symposium Series; American Chemical Society: Washington, DC, 1999.

Bending 1og(tan d)



October 29, 2012 | http://pubs.acs.org
Publication Date: January 28, 1999 | doi: 10.1021/bk-1998-0710.ch016

235

two times. This implies that the relaxation process is of a dual molecular origin for
the process, however close to T, ‘simplification’ is appropriate. The temperature
dependence of the rate of ageing, (Figure 8), correlates with the ageing rate measured
using PALS. The double-exponential fit represents data over the whole time range
but the relaxation parameters do not follow any pattern. A single-exponential fit was
appropriate close to T, implying only one major process is responsible whereas at
lower temperatures two processes are more appropriate.

-0.00528
-0.00767
-0.00841
-0.0276
-0.0654
NRS

A more detailed Vpresentation of the data and discussion of analysis will appear in
subsequent publications.

Discussion

This study shows that none of the various forms of relaxation function used to
describe ageing are completely satisfactory and TRS is inappropriate. Correlation
between results, (Figure 9) indicates the inherent connectivity between the processes.
Curro et al (24,25) have studied the change in density fluctuation with temperature
and annealing time for PMMA (26) and compared it with specific volume data.
Positron annihilation data on PMMA (27,28) has been interpreted in terms of free
volume. For a distribution of hole sizes there will exist many decaying exponentials
each with a different characteristic lifetime. The composite of these many
exponentials can itself be approximated to an exponential, and it is this decay
constant that is used to represent the mean lifetime, and therefore mean hole size.

Conclusions

The following conclusions can be drawn from this study:-

¢ a correlation exists between the ‘free volume’ measured by PALS and changes in
the DRS and DMTA data clearly indicating a sensitivity of the processes involved
to the void structure at a molecular level.

o that ‘thermorheological simplicity’ is an over-simplification and physical ageing is
a redistribution and not just a shift of relaxation processes. The changes in the
form of the DRS clearly indicate the way in which certain types of motion are
suppressed as physical ageing occurs and other motions are enhanced. In the case
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of PMMA this may reflect the relative contributions of predominantly side chain
and backbone motions to the overall relaxation.

o the relaxation distribution does change as the T, is approached. This observation
is consistent with the idea that free volume changes associated with physical
ageing occur more rapidly as Ty is approached.
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Chapter 17

Craze Initiation and Failure in Glassy Poly(ethylene

Terephthalate): The Effects of Physical Aging with and

Without Exposure to Chemical Environments

Martin R. Tant', E. J. Moskala’, M. K. Jank', T. J. Pecorini', and Anita J. Hill

'Research Laboratories, Eastman Chemical Company, P.O. Box 1972,
, Kingsport, TN 37662
'CSIRO Division of Manufacturing Science and Technology, Private Bag 33, South
Clayton MDC, Victoria 3169, Australia

The nonequilibrium nature of the glassy state leads to the time-
dependent embrittlement of glassy polymers by a process known as
physical aging. Similarly, exposure of .glassy polymers to an
aggressive chemical environment may alse;lead to a time-dependent
embrittlement process known as environmental stress cracking. In the
latter process, the time required for brittle failure to occur as a result of
chemical exposure depends on the nature of the polymer, its
morphology, and the chemical environment. Since both physical aging
and environmental stress cracking lead to essentially the same result —
brittle failure — the question arises as to whether or not the physical
aging process might affect the environmental stress cracking process.
In this work, we demonstrate the accelerated effects of physical aging
on craze initiation in a commercially important engineering
thermoplastic, poly(ethylene terephthalate), both with and without
exposure to aggressive chemical environments.

It has been well established that physical aging strongly affects the physical,
mechanical, and transport properties of glassy polymers (1,2). In general, as a
polymer is cooled at a finite rate through the glass transition temperature (Tg), the
molecules are not able to respond within the time scale of the cooling process and are
essentially trapped into a nonequilibrium state. Though the polymer molecules have
greatly reduced mobility below the glass transition, their mobility is still finite and the
polymer system continues to move toward equilibrium, though at an ever-decreasing
rate, via conformational rearrangements as the material approaches the density
corresponding to normal liquidlike packing. Both specific volume and molecular free
volume have been observed to decrease during the physical aging process (I-3). The
decreasing molecular free volume results in a reduction in molecular mobility, leading
to a transition from ductile to brittle behavior. Yielding typically precedes ductile
failure, while crazing precedes brittle failure (4). Several recent studies have
addressed the effects of physical aging on craze initiation (5-7).
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Polymeric materials exposed to aggressive or corrosive chemical environments
are often observed to fail at much shorter times or at much lower loads than when not
exposed to such environments. This phenomenon, typically referred to as
environmental stress cracking (ESC), has been a persistent problem in the plastics
industry and is a limiting factor in determining the applications for which a particular
plastic might be used. Poly(ethylene terephthalate), a widely used engineering
thermoplastic in either the amorphous or semicrystalline forms, is susceptible to ESC
in certain chemical environments. In engineering applications this problem can
become of critical importance since it threatens the ultimate performance of the
material.

It has been noted that ESC failures of glassy polymers are higher in frequency
during summer months or in warmer locations. This suggests that physical aging may
be playing a role in the ESC process since it is well known that the physical aging
process occurs more rapidly at temperatures nearer the glass transition temperature.
Although, as mentioned, thermal and mechanical properties are well known to change
as a result of physical aging, there has been very little study of how physical aging
affects environmental stress crack behavior. Arnold and Eccott (8) recently
investigated the effects of physical aging on craze initiation in polycarbonate exposed
to ethanol and found that aging had relatively little effect, perhaps because of the
relatively high levels of strain encountered in their tests.

In the work reported here, changes in molecular free volume and tensile
properties of PET have been followed as a function of physical aging. Positron
annihilation lifetime spectroscopy (PALS) was used to measure free volume. The
effect of physical aging on the competition between yielding and crazing without
exposure to corrosive chemical environments was also investigated. Finally, the effect
of physical aging on craze initiation at low strains due to exposure to a variety of
solvents was determined.

Experimental

EASTMAN 9921W poly(ethylene terephthalate) was used for the study. The
polymer, in pellet form, was dried in dehumidified air at 60°C for 16 hours prior to
injection molding. Tensile and flexural impact samples were injection molded into a
cold mold (23°C) using a Toyo 90 injection molding machine. The cold mold resulted
in amorphous specimens that were then aged at 40, 50, and 60°C in dry ovens and at
60°C and 95% relative humidity in an environmental chamber. The time of molding
was taken as time zero for the aging experiments. For crazing tests, single-edge notch
bend specimens were used.

The positron annihilation lifetime spectroscopy (PALS) apparatus used to
measure free volume in this work consisted of an automated EG&G Ortec fast-fast
coincidence system. The 1.3 MBq 22NaCl source was a 2 mm spot source sandwiched
between two Ti foils (2.54 um foils). The source gave a two-component best fit to
99.99% pure, annealed, chemically polished aluminum (t =169 +2 ps,I; =99.2 + 0.4
%, T2 = 850 + 25 ps, I, = 0.8 = 0.4%). No source correction was used in the analysis
of the data with the PFPOSFIT program (9). Measurements were made in air at 50%
relative humidity with temperature control of + 0.7°C.

Tensile yield data were obtained following the procedures of ASTM D638
after aging for specified times at the various sub-T, annealing temperatures. Tensile
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yield stresses at impact speed were estimated by multiplying by the empirical factor of
1.2. This was determined by measuring the yield stress at the highest strain rate
attainable and dividing by the value obtained using ASTM D638. Obviously, impact
properties estimated in this way are probably somewhat on the low side. The dry
crazing tests for 9921W were conducted by using single-edge notch bend specimens
machined from 3.2-mm thick injection-molded bars. Specimen width was 12.6 mm.
The specimens were notched with a single-point fly cutter having a tip radius of 0.500
mm. The ratio of initial notch length to specimen width was 0.2. Izod tests were
performed according to ASTM D256 at a rate of 3.46 m/s. The distance from the
notch root to the point of craze initiation was identified from the specimen fracture
surface by using an optical microscope. A minimum of five specimens was used to
determine an average craze stress for each aging condition.

Measurements of critical strain for crazing during exposure to various organic
solvents were made by strapping flexural bars to a Bergen elliptical strain rig (10) for
which the strain at the surface of the specimen is known as a function of location. A
strip of filter paper was placed on the surface of the specimen and solvent was applied
with a dropper, taking care to not expose the edges of the specimen to the solvent.
The filter paper was kept soaked with the solvent for 10 minutes, after which the filter
paper and the residual solvent on the surface were removed. The location of the craze
at the lowest strain was identified and recorded as the critical strain for crazing.

Results and Discussion

Positron Annihilation Lifetime Spectroscopy. The details of PALS will not be
discussed here since several other chapters in this book are specifically concerned with
this experimental technique and provide more than adequate description. Suffice it to
say here that orthoPositronium (oPs), which is formed when a positron binds to an
electron of parallel spin, tends to locate in free volume sites within a polymer, and the
time required for it to annihilate via pickoff with an electron of anti-parallel spin
residing in the surrounding material is related to the size of the free volume site.
There are two parameters that are sensitive to polymer free volume: the oPs pickoff
component lifetime, T3, which is related to the mean radius of the free volume cavities,
and the oPs pickoff component intensity, I3, which is related to the concentration or
number of free volume cavities.

Because the physical aging experiments are time dependent experiments, it is
important to establish that the oPs parameters t; and I are not dependent on contact
time with the 2Na source. Figure 1 displays the oPs parameters for PET as a function
of source contact time at room temperature. There are no changes in 73 and I3
parameters due to source contact. Figure 2 shows the temperature-dependent PALS
data for PET between 23 and 87°C. The 13 vs. temperature plot shown in Figure 2a
has two linear regions with a change in slope at Tg. These data were obtained by
heating from room temperature and holding at each measurement temperature for 3.5
hours while the measurement was made. This plot is somewhat reminiscent of the
specific volume - temperature plot that is often used to describe the thermodynamic
aspects of glass formation. Figure 2b shows I; as a function of temperature in this
same region. Again, a slope change is observed at Tg, and this slope change occurs
several degrees below where it occurs for the 13 vs. temperature plot.
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It should be noted that in plots of t; and I5 the change in slope with respect to
temperature is observed in the range of 55-60°C. This is well below the glass
transition temperature of this PET (~80°C) observed by DSC. The T determined by
PALS has also been found to be lower than that observed by other techniques for other
polymers as well. For example, Kasbekar (/) found that the change in the ;-
temperature slope for atactic polystyrene occurs at 90°C while the change in the I5-
temperature slope occurs at about 60°C. It was suggested that the oPs free volume
probe detects the changes in electron density due to local molecular motions that occur
at temperatures lower than the cooperative motion of chains measured by other
techniques.

To investigate the behavior of free volume during physical aging of the glass,
an amorphous PET sample was heated from room temperature to 84°C where it was
held for 10 minutes to erase previous physical aging. The sample was then cooled to
60°C or 40°C and held for approximately 100 hours in order to follow the time-
dependent relaxation. The results for both 73 and I; are shown in Figures 3a and b,
respectively. It is clear that 13, while a function of temperature, is not a function of
time at either 60°C or 40°C. On the other hand, I; is approximately constant at 60°C
but relaxes logarithmically with increasing aging time at 40°C. The fact that neither 13
nor I3 changes during annealing at 60°C raises some important questions. Certainly it
is well established that (1) PET undergoes volume relaxation at 60°C (/2) and (2) the
mechanical properties of PET measured at room temperature are strongly affected by
how long the material has been aged at 60°C. It has recently been established that the
viscoelastic properties of PET measured at 60°C indeed do change with time at that
temperature (Scanlan, J. C., Eastman Chemical Company, personal communication,
1997). It seems possible that PALS is not sensitive to the changes in free volume with
time at 60°C which affect the viscoelastic properties measured at this temperature.
The PALS probe is sensitive to free volume cavities in a particular size range: large
enough to accommodate oPs (~ 0.38 nm diameter) but not large enough to appear as
internal surface (~>5 nm diameter) (/3). Typical intra- and inter-molecular distances
in polymers range from 0.2 to 0.7 nm making it most likely that only the smaller sites
in the polymeric free volume distribution are excluded from the PALS measure of free
volume. The oPs probe provides information on the dynamic free volume due to the
time dependent nature of the probe. Typical oPs llfetlmes vary from 1 to 3 ns such
that the molecular motions of frequency less than 10° Hz sweep through dynamic free
volume that is available for oPs localization. Faster motions make the free volume
utilized in the motion appear “full’ to the oPs. The sensitivity of oPs to the free
volume relaxation at 40°C as compared to the constant parameters at 60°C suggests
that free volume changes due to physical aging at 60°C occur via free volume sites not
probed by oPs. These sites (or free volume elements) could be either small cavmes or
cavities previously occupled by molecular motions of frequency on the order 10° Hz.
The latter explanation is most likely since the PALS insensitivity occurs at higher
temperatures near the glass transition. Indeed the I3 vs. temperature slope change
occurs at 55°C for this PET, indicative of the increased mobility associated with the
glass to rubber transition. The greater dependence of I; on temperature below Ty ( as
shown in Figure 2b) suggests that dynamic free volume available for oPs localization
in the glass begins to appear “occupied” by molecular motion above T,. It is thus
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proposed that the free volume relaxation at 60°C is dominated by a reduction in
dynamic free volume inaccessible to oPs.

Hill et al. (3) found similar results for physical aging studies of polycarbonate
(Tg ~ 148°C), namely that the oPs pickoff parameter I; did not change with aging time
at 120°C but did vary on cooling to lower temperatures. It was suggested that the
constant free volume concentration indicated by the PALS I; parameter during aging
at 120°C was due to the degree of molecular mobility near T, as compared to the oPs
timescale. The change in 13 vs. temperature slope occurs at 135°C and the change in I3
vs. temperature slope occurs at 120°C for this polycarbonate. Thus it appears that the
change in free volume elements during aging near Tg, which results in changes to
viscoelastic properties at the aging temperature, occurs via a reduction in dynamic free
volume sites (sites frequently occupied by molecular motions) inaccessible to oPs due
to the frequency of the molecular motion. As these free volume sites decrease, the
molecular motion is restricted and viscoelastic relaxation times increase. Similar
changes occur at lower temperatures; however, because the frequency of molecular
motion decreases with temperature, these dynamic free volume elements are
accessible to oPs and the free volume relaxation during aging can be followed by
PALS as shown in the present work for the aging temperature of 40°C.

Critical Stress for Crazing without Solvent Exposure. Hull and Owen (/4) showed
that crazing is the precursor to brittle fracture for polycarbonate, a typical ductile
glassy polymer. The yield stress for polycarbonate and other glassy polymers is well
known to increase during the physical aging process (/,2). On the other hand, Pitman
et al. (15) have shown that physical aging does not significantly influence the craze
stress of polycarbonate. Figures 4a and 4b show the effect of physical aging on both
the craze stress and the yield stress of PET at 40° and 60°C, respectively. For the
yield stress, both the measured values at low deformation rate and the estimated values
at impact rate are shown. The impact values were estimated by multiplying the low
rate data by a factor of 1.2, which was empirically determined. Error bars are not
shown for the yield stress data because the standard deviation is within the size of the
data points themselves. Clearly, the craze stress is essentially unaffected by physical
aging at both aging temperatures. The craze stress was calculated from experimental
data using Hill’s slip line theory (16), given by the equation

o, =%[1+2m(1+%0)]

where o, is the craze stress, 6, is the tensile yield stress, R, is the notch tip radius, and
X is the distance from the notch tip to the craze origin. Kambour and Farraye (17)
applied this approach to a number of glassy polymers for which the craze initiation
resistance is greater than the shear flow resistance at the notch surface under the
conditions of test. While the results shown in Figure 4 illustrate that the craze stress

itself does not change, Figures Sa and 5b show that X decreases with aging. So while
it might be assumed from the craze stress data shown in Figure 4 that there are no
effects of aging on the crazing process, significant changes are indeed occurring. The
decreasing distance from notch tip to craze origin and the increasing yield stress
simply result in the craze stress itself remaining constant. Figure 4 indicates that at all
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temperatures the yield stress of PET, at both slow deformation and impact rates, is
initially well below the craze stress so that yielding is the favored failure mechanism
and the material thus fails in a ductile manner. As physical aging progresses, the yield
stress approaches the craze stress and crazing, leading to brittle failure, becomes the
favored mechanism. This occurs at shorter times for impact rates and for higher aging
temperatures.

Gusler and McKenna (5,7) found that physical aging tends to decrease the
critical strain for crazing for both polystyrene and poly(styrene-co-acrylonitrile). The
observation in this work that X for PET decreases with physical aging agrees with the

result of Gusler and McKenna since X is related to critical strain. Kambour and
Farraye (/8) have suggested that it is unclear what is the true criterion for crazing. In
the present work on PET, it has been found that the critical stress for crazing is
independent of physical aging but that the strain at which crazing is observed is a
function of physical aging.

Figure 6a shows the effect of aging at 60°C and 90% relative humidity on the
craze stress and yield stress of PET. Initially there is an increase in yield stress at both
low and high deformation rates. After about 10-20 hours of aging, both the craze
stress and the low and high rate yield stresses begin to decrease. This results from the
diffusion of water into the polymer and the resulting plasticization of the polymer by
the absorbed water. Due to the similar values of the craze stress and the estimated
yield stress at high deformation rate, the polymer might well be expected to exhibit
brittle behavior after about 20 hours of aging under these conditions. It is interesting
to note in Figure 6b that, although there is a decrease in the distance from the notch tip
to the craze origin at intermediate times, the last data point, obtained at about 130
hours, suggests that this distance may increase at longer times.

Critical Strain for Crazing with Solvent Exposure. Figure 7 shows the effect of
physical aging on the critical strain for crazing of PET in a wide variety of solvents.
These solvents are listed in Table I along with their molar volume and solubility
parameter, 8, In general, the critical strain is observed to decrease with aging,
indicating an increased propensity for crazing and therefore likely an enhanced
susceptibility to environmental stress cracking. This effect of physical aging on the
critical strain for crazing probably results from the decrease in molecular mobility that
occurs during the aging process. A craze itself is made up of highly oriented polymer,
and previous work has shown that physical aging of PET does promote orientation in
the form of strain-induced crystallization (/9). Thus it is suggested that the increased
molecular packing resulting from physical aging leads to higher local orientation at
lower strains due to the more intimate contact between chains. This mechanism is
intimately linked to free volume. The decrease in free volume measured by PALS
during physical aging is due to a reduction in the concentration of free volume sites
(I3) which may be attributed to better local chain packing which retards mobility.

It should be emphasized that two fundamentally different types of craze tests
were performed in this work. The test described initially, in which the craze stress
below a notch was calculated from the slip line plasticity theory, without exposure to
solvent, is a test in which the strain is changed as a function of time. The craze stress
itself is calculated assuming that both slip line plasticity theory and the simple von
Mises yield criterion are both applicable. The second test, used to determine the effect
of solvent on crazing, is a surface crazing test under simple tension in which the strain
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Table I. Liquids Used in Critical Strain Tests

Solvent Molar Volume S
(cm*/mol) (MPa'
Isooctane 166.1 143
Heptane 147.4 153
Cyclohexane 108.7 16.8
Carbon Tetrachloride 97.1 ~17.8
Ethylbenzene 123.1 17.8
Xylene 121.2 18.0
Toluene 106.8 18.2
Benzene 89.4 18.6
Methyl Ethyl Ketone 90.1 19.0
Chioroform 80.7 19.0
Tetrahydrofuran 81.7 19.4
Cyclohexanone 104.0 19.6
Acetone 74.0 20.0
o-Dichlorobenzene 112.8 20.5
1-Heptanol 141.9 21.5
1-Pentanol 109.0 21.7
Nitrobenzene 102.7 22.2
Aniline 91.5 22.6
m-Cresol 104.7 22.7
N-Methyl Pyrrolidone 96.5 229
n-Butanol 91.5 23.1
i-Propanol 76.8 23.5
Acrylonitrile 67.1 24.8
Dimethyl Formamide 77.0 24.8
Nitromethane 543 25.1
Butyrolactone 76.8 26.3
Ethanol 58.5 26.5
Dimethyl Sulfoxide 71.3 26.7
Methanol 40.7 29.6
Ethylene Glycol 55.8 329
Glycerol 73.3 36.1
Water 18.0 47.8
10% Toluene/90% Isooctane 160.0 14.7
25% Toluene/75% Isooctane 150.0 15.3
50% Toluene/50% Isooctane 136.0 16.3
75% Toluene/25% Isooctane 121.0 17.2
90% Toluene/10% Isooctane 113.0 17.6
50% Benzene/50% Isooctane 127.8 16.5
50% Benzene/50% Heptane 127.1 16.8
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at each point remains constant while the stress is changing due to relaxation.
Kambour and Farraye (/7) and Kambour (19) did show, however, that properties
measured from both tests correlate linearly with the product AT-(CED), where AT =
Tg - Tie and CED is the cohesive energy density of the solvent.

Conclusions

The temperature-dependent free volume of poly(ethylene terephthalate) has
been measured by positron annihilation lifetime spectroscopy below and above the
glass transition. A change in slope is observed for both the lifetime component, 13,
and the intensity component, I5. This change in slope occurs in the range of 55-60°C
which is 15-20°C below the glass transition observed by standard techniques such as
differential scanning calorimetry and dynamic mechanical analysis. Free volume
relaxation due to physical aging at 60°C is not detectable by PALS, but free volume
relaxation occurring at 40°C is detectable. Changes in the mechanical properties due
to aging at both temperatures are observed in room temperature tests. It is suggested
that the frequency of molecular motion renders the oPs probe insensitive to the
relaxation of the dynamic free volume at 60°C. At lower temperatures the free volume
relaxation is followed by the I3 parameter which decreases logarithmically with aging
time at 40°C similar to the logarithmic increase in yield stress for aging at 40°C. The
reduction in free volume due to physical aging results in an increase in the stress
needed to cause the chains to slip (yield stress). It was shown that physical aging can
increase the yield stress to a value that exceeds the craze stress resulting in brittle
failure.

The embrittlement of PET which results from physical aging has been shown
to be due to the increase in yield stress during aging and the relative constancy of the
craze stress during aging. The yield stress is initially less than the craze stress at both
low and high strain rates but, with physical aging, increases to the level of the craze
stress and beyond thus making crazing, rather than yielding, the more likely failure
mechanism to be observed. This occurs at shorter aging times for specimens aged at
higher sub-T, temperatures as well as those tested at higher rates, and accounts for the
transition from ductile to brittle failure which is well known to result from physical
aging.

Physical aging of PET at 60°C prior to critical strain testing at 23°C generally
causes a decrease in the critical strain for crazing for PET exposed to various organic
solvents. This suggests that environmental stress cracking (ESC) may be more likely
to occur after shorter exposures to stress and chemical environment for polymer that
has been physically aged to a greater extent.
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Chapter 18

Transitions, Properties, and Molecular Mobility During
Cure of Thermosetting Resins

Jakob Lange, Roman Ekelof, Nigel A. St. John, and Graeme A. George'

Centre for Instrumental and Developmental Chemistry, Queensland University
of Technology, GPO Box 2434, Brisbane 4001, Australia

This chapter discusses the interrelation between mechanical properties,
molecular mobility and chemical reactivity of curing epoxy-amine
thermosets, illustrated by examples of how the charge recombination
luminescence (CRL), heat-capacity and rate constants of chemical
reactions are influenced by gelation and vitrification during isothermal
cure. A comparison of dynamic mechanical, CRL and modulated
temperature DSC data shows that vitrification is accompanied by an
increase in CRL and a decrease in heat-capacity, and that the heat-
capacity and CRL continue to change after the viscoelastic properties
have levelled out. It is also shown how the rate constant of an
intermolecular secondary amine reaction, measured by near infrared
spectroscopy, is sensitive to gelation, whereas the intramolecular rate
constant instead is sensitive to vitrification.

The solidification on cure plays a key role in determining the properties of a
thermosetting polymer. Understanding the events and changes in the system during cure
is essential if its full potential is to be employed. The cure process transforms the resin
from a liquid to a glassy solid by the development of a three-dimensional covalently
bound network. The two main events that may occur during isothermal cure are gelation
and vitrification. Gelation, i.e. the liquid-to-rubber transition, corresponds to the
formation of an infinite network, whereas vitrification, i.e. liquid or rubber-to-glass
transition, occurs when the glass transition temperature (T,) of the reacting system
reaches the cure temperature. The sequence of events duririg isothermal cure at different
temperatures for thermosetting systems has been extensively studied, e.g. by Gillham
and Enns (I). Three main regimes of cure temperaturés can be identified. On curing
above the ultimate glass transition temperature (Tgo) of the polymer only gelation will
occur. The system will then vitrify upon cooling. If the cure temperature is below Ty
but above the temperature where gelation and vitrification occur simultaneously (g.T%)
the system will first gel and then vitrify, whereas if the cure temperature is below g¢/T,
the polymer will not gel but only vitrify. Gelation and vitrification are associated with
changes in the properties of the reacting material. On gelation the system acquires an

'Corresponding author.
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equilibrium elastic modulus, and flow ceases to be possible. However, the relaxation
time remains short and the molecular mobility high enough to permit chemical reactions
not involving rearrangements of the network to continue. On vitrification the elastic
modulus and relaxation time increase dramatically, and the molecular mobility strongly
decreases. The rates of chemical reactions fall drastically as they become limited by the
diffusion of reactive species.

When in the cured state below Ty, epoxy resins will form highly polar glasses. The
actual chemical structure of the glass will depend on the T of the system, i.e. the overall
conversion, since the network will consist of the products of three major chemical
reactions; primary and secondary amine-epoxy addition and etherification, as depicted in
Schemes 1-3. Near infrared spectroscopy has enabled the products of these reactions to
be measured in real time during network formation (2) so providing both the absolute
conversion and the rate of the reactions which result in gelation and vitrification. The
chemical complexity of these reactions depends on the structure and purity of the resin
and hardener. For example, one of the common high performance resins is based on
tetraglycidyl diaminodiphenyl methane and thus has a theoretical functionality of four. In
that case, in addition to the intermolecular reaction of secondary amine with epoxy on
different molecules, which extends the network in three dimensions, leading to
vitrification, an intramolecular reaction between the secondary amine and the second
epoxide on the nitrogen atom of the same molecule may occur, leading to cyclisation
(this is discussed in detail below). A similar process of intramolecular etherification may
also occur. This results in a network with a lower cross-link density, higher free volume
and higher polarity per cross-link. Efficient competition of etherification with amine
reactions will often result in a high residual secondary amine content in the cured glassy
resin. The high polarity from the -OH and -NH groups results in the sensitivity of T, of
cured epoxy glasses to the sorption of water. However, it also provides a useful probe
of the structure of the glassy state of the resin by producing electron trapping sites
following photo-ionisation of the resin. The subsequent detrapping and recombination
with the positive centre on the nitrogen atom results in charge-recombination
luminescence (3, 4).

The most commonly used technique to monitor the changes in physical properties
during cure is dynamic mechanical analysis (/, 5). However, previous work has shown
how a variety of physical phenomena are influenced by gelation and vitrification, and
how the measurement of these phenomena can be used to follow the progress of cure.
Thus changes in ultrasonic absorption and velocity as detected by ultrasonic
measurements or by Brillouin scattering have been correlated with both gelation and
vitrification (6). Changes in conductivity and dipolar relaxation obtained through dc
conductivity measurements and dielectric spectroscopy have been correlated with
viscosity, vitrification and relaxation time (7, 8), and spectral shifts in fluorescence have
been linked to changes in microviscosity (9). The heat capacity measured by modulated
differential scanning calorimetry has been shown to change on vitrification (/0), and the
line width of NMR signals has proven to be sensitive to the gel state (//). Apart from
the general desire to increase the body of knowledge, the interest in exploring these
indirect ways of following property change during cure has largely been driven by two
current problems in cure monitoring. One is the lack of suitable techniques for following
both the chemical and physical changes in the system during cure. Since no two
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Scheme 1. Primary amine-epoxy addition.
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Scheme 2. Secondary amine-epoxy addition.
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Scheme 3. Hydroxyl-epoxy addition (etherification)
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techniques have exactly the same sample geometry and the same heating set-up, there
will almost invariably be differences in reaction rate associated with exothermy and
differences in heating rate. Techniques capable of following both the progress of the
chemical reaction and the changes in physical properties in one single sample thus offer
some major benefits. One example of this is the measurement. of the absolute reaction
rate with FTIR, simultaneously monitoring the heat flow by DSC. These experiments
have, indirectly, detected the change in heat capacity during cure, and also exposed the
difficulties in using DSC for evaluating cure kinetics (12). The other issue is the
suitability for in-situ study, i.e. the monitoring of cure in real thermoset processing
applications. Only a few techniques, particularly for the measurement of physical
properties, are suited for in-situ measurements, in spite of the fact that the physical
changes are of great importance to process control.

In this chapter the interrelation between mechanical properties, molecular mobility
and chemical reactivity is discussed. Examples of how the changes in charge
recombination luminescence, heat capacity and rate constants of chemical reactions can
be related to the evolution of viscoelastic properties and the transitions encountered
during isothermal cure of thermosetting materials are given. The possible application of
the experimental techniques involved to in-situ cure process monitoring is also reviewed.

Experimental

Materials. The diglycidyl ether of bisphenol F (DGEBF), and N,N,N',N'-
tetraglycidyl-4,4'-diaminodiphenylmethane (TGDDM), were received from Ciba Geigy.
4,4'-diaminodiphenylmethane (DDM), was obtained from Aldrich. 4,4'-
diaminodiphenylsulphone (DDS), was provided from Sigma Chemical. All chemicals
were used without further purification. The monomers are presented in Figure 1.

Methods. Dynamic mechanical analysis was performed in a Rheometrics RDS 2,
using parallel plates of 8 mm diameter and samples of approximately 4 mm diameter and
1.5 mm thickness. The samples, stoichiometric mixtures of DGEBF and DDM, were
inserted at room temperature and the rheometer then heated to the cure temperature at
15°C/min. The complex modulus was measured at regular intervals using a strain
between 3 and 0.05% and a frequency of 1 Hz. After cure was completed, temperature
scans at a cooling rate of about 5°C/min were run. The sample dimensions were checked
after cure, and the moduli data re-calculated accordingly. Some runs were performed on
TGDDM with 27% by weight of DDS added, using 17.5 mm diameter plates. A Perkin
Elmer DMA 7 was used to measure property development after gelation on samples of
TGDDM and 27% DDS, using 5 mm diameter pans and a 3 mm diameter probe, at a
strain of 0.3%.

Charge recombination luminescence was measured in a set-up described in detail
elsewhere (13). Stoichiometric mixtures of DGEBF and DDM in aluminium pans were
taken to the cure temperature at 15°C/min and cured isothermally under nitrogen in a
chamber covered by a quartz window. The sample was intermittently irradiated with a
Kulzer Duralex UV-300 fibre optic wand for 60 s. After each irradiation the shutter of
the photomultiplier was opened with a delay of 5 s, and the initial intensity of emitted
light, Iy, was recorded.
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Figure 1. Epoxy and amine monomers.
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Modulated temperature DSC scans were run on a Perkin Elmer Pyris DSC, on
samples of DGEBF and DDM. After heating up at 15°C/min, isothermal runs at different
temperatures with an imposed +1°C variation at a scanning rate of 20°C/min were
performed, which permitted the instantaneous heat-capacity to be calculated.

Near infrared spectra were collected using a Mattson Sirius 100 Fourier transform
spectrometer with a heating block in the optical path (2). Samples of TGDDM with 27%
by weight of DDS added, contained in 3 mm quartz ESR tubes, were cured in the
spectrometer and spectra collected at regular intervals.

Results and Discussion

Dynamic Mechanical Analysis (DMA). DMA has been used extensively to study
cure of thermosets in the laboratory and is something of a reference technique for the
changes in physical properties. In this method a dynamic strain is imposed on the sample
and the resulting stress and phase shift are measured, which permits the storage (G') and
loss (G'") moduli to be calculated. Dividing the loss modulus by the storage modulus
yields tan 3, which is proportional to the damping in the material. A recently developed
extension of the technique employs a paralle] plate instrument with controlled normal
force to measure the sample shrinkage during cure, thus also giving information on the
progress of the cure reaction (5).

With DMA, gelation during cure can be detected as a crossover between G’ and G,
i.e. where tan & equals 1, in stoichiometrically balanced system:. A more rigorous
gelation criterion, valid for a wider range of systems, is the point at vhich tan & becomes
independent of measurement frequency (14, 15). Vitrification is in general detected as a
peak in G"' or tan § (16). Due to the time-dependent nature of this transition the
definition of a vitrification point will always be somewhat arbitrary, and depend on the
measurement frequency. It should be noted that it is difficult with dynamic mechanical
analysis to measure accurately properties through the whole cure process (liquid-gel-
glass) using one single geometry, since the stiffness typically changes seven orders of
magnitude. If the geometry is chosen to give reliable data also in the rubbery-glassy
domain, the readings before and during gelation will show significant scatter. The
changes in G’ and tan § during isothermal cure at different temperatures of a
stoichiometric mixture of DGEBF and DDM are shown in Figure 2. Early in the reaction
the system is liquid, and the elastic modulus is low. As the system then gels and
vitrifies, the modulus rises dramatically. Comparing the three graphs in Figure 2
illustrates the influence of cure temperature on the transitions encountered during cure.
The Tgo. of the epoxy system is 150°C and the rubbery and glassy moduli are 20 and
1800 MPa, respectively. On cure at 170°C, i.e. above T, only gelation is encountered.
The modulus rises to the rubbery level, and after gelation tan & remains low. When
curing at 140°C, just below Tg.., after gelation the modulus first rises rapidly to the
rubbery value and then increases more gradually to a level between the rubbery and
glassy values. Tan § is low after gelation but then exhibits a broad peak and is still high
at the end of cure, indicating that the system remains in the transition region. As the cure
temperature is lowered to 100°C, vitrification sets in soon after gelation: the peak in tan &
narrows and is shifted closer to the initial drop, and the final level decreases. The
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Figure 2. Modulus and damping (tan §) during isothermal cure of DGEBF/DDM
at three different temperatures.
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modulus exhibits a clear two-step evolution and reaches the glassy value, showing that
the system has passed the transition and entered the glassy state.

Charge-Recombination Luminescence (CRL).  UV-irradiation of organic
glasses causes photo-excitation of the chromophores present. These are typically
aromatic ethers and amines from the resin and hardener. Depending on the energy of the
radiation, as well as the polarity of the medium, ionisation may also occur. This process
was first recognised for organic amines in alcohol glasses (17) and it was found that the
resulting photo-electrons were trapped at either physical defects or chemical sites with a
high electron affinity (such as a cage formed from hydroxyl groups). Studies of the
photo-ionisation of amine-cured epoxy glasses (4) showed that similar processes could
occur and the subsequent recombination of charges would under certain circumstances
lead to emission of photons. The recombination may occur by tunnelling of the electron
or by the disruption of the cage and is of much longer duration than photoluminescent
processes such as phosphorescence. The intensity of the emitted light was found to
depend on the mobility in the system (4). It was also shown that the CRL could be
distinguished from chemiluminescence as it was observed in an inert atmosphere and
was insignificant before vitrification (4). This CRL phenomenon can therefore be
employed to monitor the later stages of formation of the network during cure of
thermosetting resins. CRL does not provide any direct information on the chemical
changes during cure, except insofar as the polarity of the network changes the nature and
efficiency of traps, but does have the potential to be used in-situ with the aid of fibre-
optics.

The change in emitted light after UV-irradiation, collected at regular intervals during
cure of DGEBF/DDM mixtures at different temperatures, is shown in Figure 3. At all
cure temperatures the level of emitted light is high at first. On heating up the CRL
intensity decreases as the system becomes more mobile. As the temperature then
stabilises, the curves differ between the cure temperatures. At the highest cure
temperature, 170°C, the intensity drops to a low level and remains constant throughout
the cure. Curing at lower temperatures yields an increase in the intensity in the later parts
of cure. At 140°C there is a small and gradual increase, whereas cure at 100°C exhibits a
steep rise and a levelling out at a high intensity. Comparing the CRL curves with the
rheological data in Figure 2 shows the influence of the transitions encountered during
cure on the amount of emitted light. Cure at 170°C, i.e. above Ty, yields only gelation.
As can be seen there is no change in the CRL intensity as the resin passes gelation.
However, at lower temperatures, where vitrification occurs, there is a change in
intensity. A detailed comparison of the CRL and rheology graphs reveals that the rise in
intensity correlates well with the onset of vitrification. At 140°C vitrification starts after
about 2000 s cure time, as indicated by the rise in tan 8. At the same time the CRL
intensity begins to rise and continues to increase all through the remainder of the cure
process. This can be related to the resin entering into the transition region, but not quite
passing on into the glassy state. The possible significance of the continuing increase in
the CRL signal will be discussed below. Cure at 100°C instead shows a sharp increase
in CRL intensity at 4000 s, which also is where there is a rapid increase in tan §,
followed by a levelling out after about 6000 s, which correlates with the sharp decrease
in tan 3. The constant level of the CRL towards the end of cure can be related to the high
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Figure 3. Charge-recombination luminescence intensity during isothermal cure of
DGEBF/DDM at three different temperatures.
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elastic modulus and low value of tan §, which together indicate that the material has
entered the glassy state. The final CRL intensities at 100 and 140°C are quite different.
This is due partly to the incomplete vitrification of the system at 140°C, but also to the
influence of temperature on the CRL from the glassy polymer, which in separate studies
has been found to increase significantly as the temperature decreases.

These results clearly show that the presence of CRL is linked to the occurrence of a
glassy state, and that the increase in CRL signal correlates closely with the onset of
vitrification during cure. The findings thus confirm that this technique has the potential
of being used as an in-situ sensor for vitrification during cure.

Modulated Temperature Differential Scanning Calorimetry (MT-DSC).
Standard DSC monitors the heat-flow from the cure reaction, which yields information
on the kinetics and progress of the chemical reactions. MT-DSC involves imposing a
small temperature oscillation on the normal temperature program, which makes it
possible to also measure the instantaneous heat capacity (Cp) of the sample (18). It is
well-known that the C, of polymeric materials changes at T,, and MT-DSC has been
used to detect isothermal vitrification during cure (10). There are two main types of MT-
DSC instruments, based on heat flow and power compensation, respectively. Power
compensated MT-DSC's have only recently become available, and the data in the
literature on this method is thus still limited. However, in spite of different approaches to
data collection and evaluation, the two methods are expected to produce similar results
(19). Figure 4 shows the evolution of the C,, during cure of DGEBF/DDM mixtures at
different temperatures measured using a power compensated MT-DSC. On cure at 170°C
there is no vitrification, and consequently very little change in C, is observed. At the
lower cure temperatures a decrease in C, during cure is detected. At 140°C the decrease
sets in after about 3000 s cure time, which can be compared with the onset of
vitrification at 2000 s as measured by tan § (Figure 2). The decrease in C, continues
throughout the rest of cure. At 100°C the decrease in C,, starts after about 3800 s and
ends at around 6000 s cure time, to be compared with the onset and end of vitrification at
3000 and 5000 s, respectively (Figure 2). Vitrification is thus detected somewhat later in
terms of change in C, than in terms of tan 3. The other vitrification criterion used in the
literature, peak in G'’, occurs after the peak in tan & (16). It appears that the calorimetric
determination of vitrification might correlate better with G*".

Further comparisons can be made between the change in C, and the changes in CRL
intensity during cure. There are clear similarities between the curves, in that at the higher
temperature no change in signal on cure is detected, at the intermediate temperature a
change occurs, but there is no levelling out of the signal, and, finally, at the lowest
temperature a distinct change between two levels can be observed. Particularly the
behaviour at the intermediate temperature is interesting. Although the material remains in
the transition region at the end of cure, the DMA data (Figure 2) indicate that the
properties are stabilising, as shown by a clear tendency towards levelling out in modulus
and damping. The fact that both the C,, and the CRL continue to change suggests that
these parameters are more sensitive to changes deep in the glassy state than are
viscoelastic properties as measured by DMA.

In Structure and Properties of Glassy Polymers; Tant, M., et a.;
ACS Symposium Series; American Chemical Society: Washington, DC, 1999.



October 29, 2012 | http://pubs.acs.org
Publication Date: January 28, 1999 | doi: 10.1021/bk-1998-0710.ch018

268

Heat capacity [J/gx°C]

Figure 4. Heat-capacity during isothermal cure of DGEBF/DDM at three different
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Fourier Transform Near-Infrared Spectroscopy (FTNIR). FTNIR
spectroscopy has been used for the quantitative determination of epoxy content of resins
for many years (20), but only recently has it been used for real-time monitoring of the
reaction kinetics of network formation (2, 2I). Because it is possible to determine
absolute concentration of functional groups and thus absolute reaction rates, subtle
kinetic effects of gelation and vitrification on cure chemistry may be observed. Kozielski
et al (22) in a study by FTNIR of reaction rates of commercial polyfunctional epoxy
resins found that there was a drop in the secondary amine reaction rate at the onset of
vitrification which could then be fitted with the inclusion of a diffusion-controlled term.
They were unable to observe any effect of gelation. From molecular modelling, this was
attributed to the possibility of efficient intramolecular reaction, but no further Kinetic
analysis was performed. The kinetic effect of both gelation and vitrification on the
secondary amine reaction rate has been observed by us for the cure of TGDDM by the
aromatic amine DDS.

Schemes 4 and 5 show the two possible reactions of the secondary amine group of
DDS with either another epoxide on a different molecule or on the same molecule. By
using a statistical analysis of the epoxy reaction probability, it is possible to separate the
two processes from the kinetic FTNIR data. Figure 5 shows the changes in the rate
coefficients as a function of cure time. For this system, gelation and onset and end of
vitrification were detected at 4700, 5500 and 7500 s cure time, respectively, using two
different DMA techniques. It is apparent that the intermolecular reaction rate coefficient,
K4, decreases at gelation while the intramolecular, K5, term is unaffected until the onset
of vitrification and then decreases smoothly. Inspection of the reaction in Scheme 4
shows that the intermolecular reaction requires significant movement of reactive species,
and it is therefore not surprising that the rate of this reaction is affected by the increase in
viscosity on gelation. However, Scheme 5 shows that only a molecular rotation is
required to achieve the intramolecular reaction, and it appears that this can continue into
the glassy state although the rate coefficient drops by a factor of 10.

The changes in reaction rates of different species measured by FTNIR can thus be
utilised as "molecular probes” of gelation and vitrification, providing simultaneous
information on the progress of the chemical reaction and the transitions encountered
during cure. However, the technique requires significant data analysis and is therefore
not readily adapted to on-line monitoring.

Conclusions

Comparison of dynamic mechanical, charge-recombination luminescence and heat-
capacity data obtained during isothermal cure of a DGEBF/DDM epoxy resin shows that
an increase in CRL and a decrease in heat-capacity occur as the material vitrifies, and that
the changes in heat-capacity and CRL correlate well with the onset of vitrification as
indicated by the increase in damping. A detailed real time FTNIR investigation of rate
constants for a TGDDM/DDS epoxy system shows an influence of gelation and
vitrification on the secondary amine reaction rate, where the rate of the intermolecular
reaction decreases on gelation, and the rate of intramolecular reaction falls as vitrification
is encountered.
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Chapter 19

A Dynamic Probe of Tribological Processes
at Metal-Polymer Interfaces: Transient Current
Generation

J. T. Dickinson, L. Scudiero, and S. C. Langford

Physics Department, Washington State University, Pullman, WA 99164-2814

We present measurements of transient electrical currents delivered to a
stainless steel stylus during the abrasion of a high density polyethylene
(HDPE) and two commercial forms of polymethylmethacrylate
(PMMA). At low normal forces, abrasion proceeds continuously and
the magnitude of these currents at a given stylus velocity is
independent of normal load. At higher normal loads, stick-slip motion
is observed, where the “slip” portion of the cycle is accompanied by
dramatic increases in current. In HDPE, stick-slip motion is due to
localized fibril formation and rupture. In PMMA, stick-slip motion is
principally due to localized fracture. The sign and magnitude of these
transient currents are sensitive to polymer chemistry. Careful analysis
of both magnitude and fluctuations in the current thus provides a real-
time probe of the micromechanics of asperity/surface interactions.

Wear of polymers during sliding contact is generally attributed to adhesive transfer
between the two sliding surfaces, abrasive cutting, and fatigue (/). An important

" component of friction and wear during rubbing of two surfaces arises in the rapid,

transient making and breaking of adhesive bonds between asperities. In the case of
polymers rubbing against metals and ceramics, adhesive forces contribute
dramatically to the wear of the softer polymer. Our interests are in probing both
spatially and temporally the various damage mechanisms during tribological loading
(sliding contact) (2). When a grounded conductor is drawn across a polymer, charge
transfer during contact and detachment can deliver significant currents to the
conductor. Although the charge exchange mechanisms are not well understood (3),
we are finding interesting correlations between the micromechanics of abrasion and
the measured signals. Our goals are to show how these currents and emissions are
related to the extent of substrate damage, to examine the contribution of adhesion to
the frictional force, and to elucidate the physics of contact charging and other sources
of charge (4).

This work describes a new probe of dynamic processes accompanying the
tribological loading of metal/polymer interfaces. We instrument the polymer
substrate and a conducting stylus to measure the transient electrical currents
generated as the stylus is moved across the substrate under normal load.
Simultaneous measurements of the lateral and normal forces on the stylus are also
performed. Both sets of measurements are readily made on ms to pus time scales. To
date, we have measured currents accompanying the abrasion of several insulators,
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including single crystal inorganics (including MgO and NaCl), polymers (including
polymethylmethacrylate (PMMA), polycarbonate, polystyrene, and polyethylene),
and metallic surfaces separated by organic fluids, e.g., perfluoropolyether lubricants
(5). We have also made a number of related studies of the charged particles emitted
during sliding contact (an extension of our work on fracto-emission—particle
emission generated during fracture) (6). In the case of high density polyethylene
(HDPE), we have shown previously that electron emission during abrasion is many
orders of magnitude more intense than emission during fracture (7). This is
consistent with the strong electrical effects often observed when insulating materials
are separated from other insulators or conductors.

The current measurements described here are also related to previous
observations of transient currents generated by cracks propagating along metal-
polymer interfaces (5). We have shown, for example, that significant currents can be
generated during interfacial crack propagation along a stainless steel surface
embedded in an epoxy matrix (8). Similar currents are generated when a pressure
sensitive adhesive is peeled from a copper substrate (9). The magnitude of these
currents indicate that electrostatic forces can significantly enhance deformation in the
adhesive along the peel front, thereby significantly enhancing the peel energy (10).
In addition, the current fluctuations during peeling have been shown to be chaotic in
the deterministic sense (11), corroborating that the mechanics of peel are also chaotic.
The transient currents generated during abrasive, sliding contact appear to be
similarly “rich” in structure and information content.

Experiment

Two types of PMMA sheet were employed in this work: Rohm and Haas Plexiglas
G, which is a cell cast, high molecular weight polymer (> 1,000,000 weight average),
and Plexiglas MC, which is a melt calandered (extruded) material with a much lower
molecular weight (usually less than 200,000 weight average) (12). Plexiglas MC also
contains a co-monomer (ethyl acrylate) to improve flow properties and a small
amount of lubricant to facilitate extrusion. Both materials are predominantly
syndiotactic, but Plexiglas MC has a measurably higher isotactic content. The HDPE
employed in this work was 3 mm thick sheet (BASF 5205) with a density of 0.95
g/cm? and a crystallinity of 85%.

The experimental apparatus for current, charge, and force measurements is
shown in Figure 1. Abrasion was performed by translating the polymer substrate past
a stationary, conducting stylus (copper or stainless steel). Current delivered to the
conducting stylus was detected with a Keithley 602 electrometer. The conducting
stylus was electrically isolated from the supporting cantilever and the lead from the
stylus to the electrometer was shielded. Two 1-cm long portions of the cantilever
were machined to provide thin, rectangular sections to localize the bending moments
applied by the cantilever. Strain gauges attached to the machined portions were
calibrated to indicate the lateral and normal forces applied to the tip of the conducting
stylus;ll Strain gauge outputs were digitized with a LeCroy 6810 digitizer at 100 us
intervals.

Surface charge measurements were made with a conducting probe translated
along the wear track, with a gap of about 1 mm between the probe and the polymer
surface. Charge remaining on the polymer surface induces a corresponding charge on
the probe as it passes over the charged region. This charge was detected with a
Keithley 602 electrometer, and the electrometer output digitized with a LeCroy 6810
waveform digitizer as above. The experiment was mounted in a vacuum system,
which provided good electrical shielding and permitted controlled atmospheres (e.g.,
Ar, N,) as well as vacuum or air. The stylus tip radii ranged from 10-500 pm. Some
measurements were made in an indentation mode, making and breaking contact with
vertical (normal) motion only. .
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Transient Current Measurements: HDPE

Contact charging between HDPE and a wide variety of conducting materials (e.g.,
copper, stainless steel, tungsten carbide) leaves the HDPE negatively charged. This is
consistent with the position of HDPE near the “negative end” of the triboelectric
series (I3). While contact is maintained, charge transfer is localized to the interfacial
region. This charge transfer (across an intact interface) does not produce a
measurable current signal. However, when contact is broken, residual charges on the
insulating surface “induce” readily detected currents in the conducting phase.

Figure 2 shows a typical load (normal force) and transient current signals
when a stainless steel stylus (450 pum in diameter) is brought directly down onto a
HDPE sheet, held, then raised. In this case, a small positive current is observed from
the stainless steel soon after contact. With small fluctuations, this current is
maintained throughout contact. As contact itself cannot generate such currents, we
expect that this current is produced when stress relaxation in the HDPE around the
stylus draws small patches of material away from the stylus. Stress relaxation is
apparent in the slowly decaying normal force after loading and before unloading,
when the downward stylus displacement has ceased. Similar relaxation while the tip
is still moving down is also expected (during loading). When the stylus is
subsequently raised, a large positive current is observed. This current continues until
the upward motion of the stylus is arrested (the magnitude of the induced charge
ceases to change), or when the distance between the stylus and the substrate becomes
much larger than the stylus diameter (induced charge becomes vanishingly small).

When the stylus is translated across the HDPE in a friction or wear geometry,
contact and detachment occur in a more or less continuous fashion. Then significant
currents can be generated and sustained. Figure 3 shows typical transient current
signals generated when a small stainless steel stylus (60 pm in diameter) is translated
across a fresh HDPE surface. Transient current signals for three normal loads (0.2,
0.5, and 1.0 N) are shown, where the data are taken at the beginning of new wear
tracks. In each case, a relatively steady current of 20-30 pA is established,
independent of load. At the highest load, however, the current shows large
fluctuations, primarily in the form of current spikes 40-50 pA in magnitude. For very
long wear tracks, the current (and the lateral force) eventually decrease somewhat as
the stylus becomes coated with polymer.

At still higher loads, these fluctuations become larger. Simultaneous lateral
force and current data taken at a normal force of 5 N are shown in Figure 4. The
“steady state” current in this case is comparable to that at lower loads (about 20 pA),
but positive current spikes at least 500 pA high are observed. (The peak currents are
actually off scale in this measurement.) Each current spike is accompanied by a
sudden, transient drop in the lateral force, consistent with a stick-slip process. This
sudden drop in the lateral force allows the stylus to slide rapidly forward. During this
“slip” portion of the stick-slip cycle, the instantaneous tip velocity (and thus “rate of
detachment”) can be very high, resulting in very high transient currents.

The abruptness of the transition to slip, as well as the strong correlation
between the peak current and the drop and lateral force, are especially clear when a
small portion of the current signal in Figure 4 is displayed on an expanded time scale
[Figure 5]. The duration of the peak current is less than 10 ms, and corresponds well
with the duration of the sudden drop in lateral force that accompanies it. Note also
that both the lateral force and transient current signals require some hundreds of
milliseconds to recover their normal, steady state values. Further, the lateral force
begins to drop (and the current begins to rise) 100-300 ms before the onset of the slip
event.

SEM micrographs of the wear track clarify the sequence of events leading up
to the slip event. Micrographs of typical portions of wear tracks formed at loads of 2
N and 5 N, respectively, are shown in Figure 6. Both wear tracks show plowing and
periodic fibril formation along either side of the wear track, where broken fibrils

In Structure and Properties of Glassy Polymers; Tant, M., et a.;
ACS Symposium Series; American Chemical Society: Washington, DC, 1999.



October 29, 2012 | http://pubs.acs.org
Publication Date: January 28, 1999 | doi: 10.1021/bk-1998-0710.ch019

276

Fig. 2

Load (N)

Current (nA)

25 1
| Loading (a) Normal Force
20 \
151
10 1
57 Unloading
0 1 ’
-5.lIllllllll]llllllll'lllllTll llll"ll'llllrl_l_l_llllll
0 2 4 6 8 10
| Time (s)
0.81 L
T | (b) Current
0.61 | Separation v
0.4 :
0.2 VContact
0 1 ‘\[
-0°2 AR LR RN RN N NN RN NN RS RN LN
0 2 4 6 8 10
Time (s)

(a) Load (normal force) and (b) transient current signals during
indentation and detachment of a stainless steel stylus from a HDPE
surface.

In Structure and Properties of Glassy Polymers; Tant, M., et a.;

ACS Symposium Series; American Chemical Society: Washington, DC, 1999.



October 29, 2012 | http://pubs.acs.org
Publication Date: January 28, 1999 | doi: 10.1021/bk-1998-0710.ch019

Fig. 3.

271

Current Generated during Abrasion of HDPE

at Loads of 0.2, 0.5, and 1.0 N
0.06]
E (@) Load 02N
< 0.04
g
g 0.02
0
0 1 2 3 4 5
Time (s)
0.06 {
- (M) Load 05N
E 0.04
E
= 0.02
|
Q
0
0 1 2 3 4 5
Time (s)
0.06
z (a) Load 1.0N
f, 0.04
g l
g 0.02
&S]
0

o 1 2 3 4 5
Time (s)

Current signals generated during abrasion of HDPE with stainless steel
at normal loads of (a) 0.2 N, (b) 0.5 N, and (c) 1.0 N. The stylus
velocity is 1.6 mm/s.

In Structure and Properties of Glassy Polymers; Tant, M., et a.;
ACS Symposium Series; American Chemical Society: Washington, DC, 1999.



October 29, 2012 | http://pubs.acs.org
Publication Date: January 28, 1999 | doi: 10.1021/bk-1998-0710.ch019

278

Fig. 4.
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appear at roughly periodic intervals. The spacing of the broken fibrils is consistent
with the distance between slip events inferred from transient current and lateral force
measurements and the average stylus velocity (1.6 mm/s). For instance, the spikes in

Figure 4 are about 750 ms apart, corresponding to a spacing of 1.2 mm. This agrees
well with the distance between fibrils in Figure 6b. At lower normal forces, the slip
events are spaced more closely. The average distance between slip events inferred
from the current signals at a normal load of 2 N is 0.8 mm, in good agreement with
the fibril spacing observed by SEM (about 0.7 mm).

The fibril orientation in Figure 6 indicates that they were formed from
material piled up in front of stylus due to plowing. Since this material is anchored to
the sides of the wear track, it becomes stretched and oriented into long fibrils. These
fibrils make a large contribution to the lateral force exerted on the stylus. The high
strength of oriented polyethylene ensures that failure initiates in the relatively
unoriented material where the fibril is anchored to the side of the wear track. One
end of the fibril is essentially torn from the matrix. Catastrophic fibril failure
produces a large, rapid drop in lateral force and allows the stylus to jump forward.
This results in the shar%current spike coincident with the load drop.

Going back to Fig. 5, we note that prior to the current spike (the slip event)
there is in fact a precursor, namely a slowly increasing current and a simultaneous
reduction in lateral force prior, i.e., the stylus is accelerating prior to the catastrophic
event. Since polyethylene does not normally strain soften, we speculate that there is
significant deformation at the fibril root or anchor prior to failure. This would allow
the stylus to displace slowly and generate the increasing current along with a
corresponding decrease in lateral force. It would be very interesting to determine if
this yielding can be linked to the locus of failure.

Transient Current Measurements: PMMA

The currents accompanying sliding contact depend strongly on the chemical
composition as well as the physical properties of the materials involved. Two
common types of commercial PMMA, for instance, yield opposite currents when
abraded with a metal stylus. (PMMA is much closer to the “middle” of the
triboelectric series than HDPE, and may accept either positive or negative charge
from typical metals, depending on the stylus material.) Typical charge signals
accompanying the translational motion of a diamond stylus over Plexiglas G (cell
cast) and Plexiglas MC (extruded) samples appear in Figure 7. Moving the charge
probe across freshly abraded portions of the wear track yields a positive signal for
Plexiglas G (representing positive charge on the PMMA) and a negative signal for
Plexiglas MC (representing negative charge on the PMMA). When the diamond
stylus is brought directly down onto the surface and lifted straight up, with no
translational motion, Plexiglas G becomes positively charged and Plexiglas MC
becomes negatively charged, consistent with charge transfer during abrasion.

Several factors may contribute to the different charging behavior of these
materials. For instance, the Plexiglas G is a considerably more pure version of
PMMA than Plexiglas MC. Extruded material (Plexiglas MC) also tends to be more
oriented, has a lower glass transition temperature (Tg) and (in this case) is slightly
more isotactic. Sharma and Pethrick have shown that tacticity has a strong influence
on the triboelectric charging of PMMA during contact with ferrite (Fe,O,4) beads (14).
In Table I we compare our results with those of Sharma and Pethrick:
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Table I

Type of PMMA/stylus _T

“G”(cast)/diamond 95 &C
“MC” (extruded)/diamond 85 °C
syndiotactic/ferrite(14) 120 °C
isotactic/ferrite(14) 50 °C

We note that the T, for the two types of PMMA rank in the same order as
values reported for syndiotactic (T = 115 C) and isotactic (T, = 45 C) material (15).
We propose that structural differences, perhaps related to tacticity, in these polymer
surfaces are responsible for the observed differences in charge transfer with the
conducting stylus. Obviously, studies employing better characterized polymer and
stylus surfaces are required.

Using conducting stainless steel as the stylus yields the same signs on the two
types of PMMA as using a diamond stylus. Measuring currents dynamically during
lateral motion of the stylus again yields fluctuating current signals, similar to the
HDPE results. The effect of varying the normal force on the current delivered to a
stainless steel stylus (radius 60 pm) during a single pass across a fresh Plexiglas MC
surface is shown in Figure 8 for an average lateral speed of 1.8 mm/s. At all three
forces, the current from the tip is predominately positive—consistent with the
removal of positive charge from the surface and thus the net negative surface charge
observed during abrasion with diamond in Figure 7b. At the two lower normal
forces, the current fluctuates around an average of about 500 pA. However, at the
highest normal forces, the current also displays large positive spikes, 1-5 nA in
amplitude on a background of several hundred pA. Again, simultaneous lateral force
measurements show that the current spikes coincide with dramatic, rapid drops in the
lateral force consistent with stick-slip motion. The temporal period of these large
fluctuations is ~160 ms which corresponds to an average spatial separation of 0.3

SEM micrographs of PMMA single pass wear tracks generated by a stainless
steel stylus moving at 1.6 mm/s are shown in Fig. 9 for three normal forces. As
expected, the width of the wear track increases with increasing load. Whereas the
transient current traces in Fig. 8 show interesting fluctuations at all normal loads,
little corresponding periodicity is seen by SEM for 1 N (9a) and 2 N (9b).
Nevertheless, these wear tracks display considerable microstructure, including strong
evidence of plastic flow due to plowing. In contrast, at 5 N (9¢) very strong periodic
features are observed with a spatial period of 0.29 mm, in good agreement with that
predicted from the transient current spikes. Here the wear track appears to alternate
between plowing and fracture, which together generate the 0.3 mm periodicity.
(Fracture debris (ejecta—(16)) along the sides of the wear track were removed prior
to SEM imaging.) We therefore believe that the rapid stress release accompanying
these fracture events results in slip. The central portion of the track shows a
corresponding fluctuation in the depth suggesting that the stylus is deflected
downwards (digs in) and upon fracture the stylus jumps upward and forward (the slip
event) to begin a new cycle. The "stick" part of the cycle is when the stylus has
reached its deepest point. At this point we are not sure of how stationary the stylus is
at this instant; the non-zero current between spikes in Figure 8c indicates that stylus
motion does not stop between spikes.

Conclusion

The transient current signals generated during sliding contact between a
stainless steel stylus and a polymer substrate are strongly affected by the
micromechanics of the sliding interface (fibril formation, fracture) and the surface
chemistry along the interface. These currents are especially sensitive to surface
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Fig. 9.

SEM Micrographs of Wear Tracks in PMMA
Made with a Stainless Steel Stylus

(@) Load 1 N

(b) Load 2 N

(¢) Load S N

T

Scanning Electron Micrographs of single pass wear tracks at normal
load of (a) IN, (b) 2 N, and (c) 5 N. Stylus motion was from left to
right at a speed of 1.8 mm/s.
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chemistry and the rate and nature of “debonding” processes associated with adhesive
detachment during wear. Consequently, stick-slip motion, where detachment is
catastrophic in nature, has a very strong effect on the resulting current. Careful
analysis of both magnitude and fluctuations in the current thus provides a real-time
probe of the micromechanics of asperity/surface interactions. Ongoing studies are
extending the size of the stylus in two directions: towards (i) smaller, (sub-micron)
dimensions and (ii) larger dimensions (~1 cm), representing the extremes of a single
asperity vs. a collection of many asperities. In addition, correlating transient current
measurements with fracto-emission signals (e.g., emission of electrons, positive ions,
neutral atoms and molecules) is providing additional information on the dynamics
and wear mechanisms of metal/polymer tribological interactions.
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Chapter 20

The Effect of Orientation by Solid State Processes
on the Amorphous Regions in Poly(vinyl alcohol) and
High Density Poly(ethylene)

Anita J. Hill', T. J. Bastow', and R. M. Hodge’

'CSIRO, Division of Manufacturing Science and Technology, Private Bag 33, South
Clayton MDC, Clayton, Victoria 3169, Australia
’Materials Engineering and Technical Support Services, 720G Lakeview Plaza
Boulevard, Columbus, OH 43085

The effect of solid state drawing processes on the amorphous regions of
two semicrystalline vinyl polymers has been investigated.  The
amorphous region of poly(vinyl alcohol) PVOH is a glass at room
temperature as compared to the rubber amorphous region of high
density poly(ethylene) HDPE. The state of the amorphous region is a
function of the draw ratio with a maximum relative free volume
occurring at approximately 53% of the maximum achievable draw ratio
Amax for both polymers, or at a relative draw ratio Ar of 30% as defined
by Ar = 100[Aexp=1)/[Amax -1]. Maximum constraint on the amorphous
regions due to drawing occurs at 53% of Amax for HDPE (rubber) and
87% of Amax for PVOH (glass). It is postulated that the reorientation of
crystals due to drawing results in the initial dilation of the amorphous
region free volume followed by local orientation in the glass and
relaxation in the rubber.

Production of high modulus films and fibres from vinyl polymers has been achieved by
various methods (/). In most cases relating to solid state production, drawing is
carried out at temperatures in between the glass transition temperature and the melting
temperature of the polymer in order to enhance molecular mobility of the amorphous
regions during the drawing process. Increasing molecular mobility during drawing can
facilitate molecular orientation in the drawn polymer, since the chains are better able to
untangle and change conformation in response to the applied drawing stress. Samuels
(2) has demonstrated the importance of amorphous orientation to tenacity of vinyl
polymers fibres, whilst Ward (3) has shown that Young’s modulus (in the draw
direction) depends on molecular conformations of the chains irrespective of whether
they are in crystalline or amorphous regions. The presence of crystals, crosslinks,
hydrogen bonds, or entanglements is usually necessary to maintain the conformational
changes and orientation of the amorphous regions once the applied stress is removed.

286 ©1998 American Chemical Society
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Characterization of polymer orientation is most often accomplished via X-ray
techniques which are suited to crystalline and paracrystalline regions (3-6). However,
semicrystalline polymers present a complex system of crystalline, amorphous, and
intermediate phases (4-6) and complete characterization of semicrystalline polymers
can only be achieved by application of a variety of techniques sensitive to particular
aspects of orientation. As discussed by Desper (4), one must determine the degree of
orientation of the individual phases in semicrystalline polymers in order to develop an
understanding of structure-property relationships. Although the amorphous regions of
oriented and unoriented semicrystalline polymers are primarily responsible for the
environmental stress cracking behaviour and transport properties of the polymers, few
techniques are available to examine the state of the amorphous material at the
submicroscopic level.

Sonic modulus, birefringence, linear dichroism, release stress, solid state
nuclear magnetic resonance (NMR) and positron annihilation lifetime spectroscopy
(PALS) methods have been used to characterize orientation of amorphous regions in
glassy and semicrystalline polymers (3,7-12). In a glassy single phase polymer,
orientation of amorphous material is inferred from the increase in sonic modulus in the
draw direction, increase in release stress, decrease in free volume, decrease in
molecular mobility as measured by NMR, increase in glass transition temperature, and
decrease in gas permeability (7,8), whilst the orientation function can be directly
determined via birefringence (/3). In semicrystalline polymers the characterization of
orientation in the different phases is dependent on the use of techniques which can
accurately separate the contributions of the amorphous and crystalline regions. In the
present work, a range of characterization techniques are employed: wide angle and
Laue X-ray diffraction which probe the crystalline phase, PALS which probes the
amorphous phase and crystal/amorphous interface, solid state NMR which probes the
amorphous and crystalline phases (and in some cases the contributions can be
separated), differential scanning calorimetry using T, to characterize the amorphous
regions and the enthalpy of melting to quantify the crystalline fraction, and density
measurements. The samples studied in the present work compose two systematic
series of glassy and rubbery semicrystalline vinyl polymers drawn in the solid state over
a range of draw ratios which vary orientation angle from 180 to 5 degrees without
dramatically varying the degree of crystallinity.  This procedure highlights
morphological changes associated with the amorphous regions and crystal/amorphous
interface due to the crystal reorientation and microfibrillation caused by drawing.

An understanding of the morphological changes associated with the crystalline
material in a polymer undergoing drawing is well established (/). Semicrystalline
polymers initially undergo a process of lamellae rotation towards the direction of
applied stress during tensile deformation. This is followed in the latter stages of
deformation by the crystal lamellae unravelling and extending in the direction of the
applied stress to form extended, highly aligned chain molecules. The orientation
process in the crystals does not occur in isolation, however, as the amorphous regions
interspersed between crystals are intimately associated with the crystalline regions due
to the presence of interlamellar tie molecules within the amorphous regions.
Crystalline rotation must proceed in a cooperative fashion with deformation and
conformational changes of the amorphous molecules. It may be expected, therefore,
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that the state of the amorphous material, whether glassy or rubbery, will exert
considerable influence over the drawing process and will also determine to a large
degree, the extent and nature of any morphological changes occurring in the
amorphous material itself.

The drawing behaviour of PVOH is compared to that of HDPE, since both
polymers have similar crystal structures and have almost identical extended chain
stiffness (/4). The structural similarities between PVOH and poly(ethylene) (HDPE)
offer the opportunity to study the role played by the amorphous region during drawing
of two structurally similar polymers, one with the amorphous region in a glassy state
(PVOH) at room temperature, and the other (HDPE) in a rubbery state. The nature of
the response of the amorphous region to the applied stress depends on the rate of
strain with respect to the relaxation times of the possible modes of molecular mobility
(13). The maximum drawability in PVOH is limited with respect to that in HDPE due
to increased effective entanglement density and limited molecular mobility in the
amorphous regions promoted by inter- and intra-chain hydrogen bonding between
hydroxyl side groups (/5-18). Despite the strong structural similarity between the two
polymers, the dry T, of PVOH is significantly higher than that of HDPE because of
hydrogen bonding. The dry T, of PVOH is ~ 85°C as detected by PALS (/9) whilst
the T, of HDPE is ~ -17°C as detected by PALS (20), although assignment of the glass
transition in polyethylenes is a matter of debate (2/). The amorphous phase is of
particular importance in PVOH and HDPE films and fibres as it has considerable
influence over transport properties and chemical resistance (7).

Experimental

Materials

The poly(vinyl alcohol) (PVOH) used in this study is Elvanol grade HV from
DuPont chemicals. The material is derived from poly(vinyl acetate) (PVAc) by
hydrolysis and is in powder form as received. The degree of hydrolysis for Elvanol HV
is 99.8% (0.2% residual acetate groups). The molecular weight of the material used in
this investigation is Mw =105,600 - 110,000. PVOH films were produced as described
elsewhere (14). Samples were drawn in tension at a strain rate of 1.4 x 10° sec” to a
maximum draw ratio Amax = 3.08 at 22°C. As-cast material has an equilibrium water
content of 5.3 wt% at 22°C and 50% relative humidity (RH) giving a T, value of 31°C.
The HDPE is Hoechst unfractionated Hostalen GF 7660, My = 1.06x10°, M, =
1.01x10*. Hydrostatic extrusion, with extrusion temperatures from 60-100°C and strain
rates from 2.5 x 10™ sec™ t01.4 x 107 sec™’, was used to vary draw ratio (die size was
varied) with a maximum draw ratio Ame = 16. The maximum draw ratios were limited
by fracture.

Methods ‘

The degree of orientation in drawn samples was determined from Laue
diffraction patterns obtained with a Phillips PW1030 flat plate camera using unfiltered
Cu-Ka. radiation in transmission. The azimuthal intensity profiles from the diffraction
patterns were obtained by measuring light transmission through the developed flat
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plate film, in an azimuthal trace around the circumference matching that of the {110}
reflection using a Joyce Loebl double beam recording microdensitometer Mk IICS
equipped with a rotating stage. The wide angle X-ray diffraction (WAXD) spectra
were collected for 20 from 5° to 85° using a Siemens D500 diffractometer using a step
size of 0.04° and a speed of 1.0° min™. The *C CPMAS spectra were collected using a
Bruker MSL400 at an operating frequency of 101.6 MHz in 4mm PSZ rotors at a
spinning frequency of 6 kHz. For HDPE the 'H/**C contact time was 1msec and the
pulse sequence repetition time was 5 sec to ensure full relaxation. Lineshape
simulations were made with the Bruker LINESIM program. PALS spectra were
collected at 22°C and 50% RH using an automated EG&G Ortec fast-fast coincidence
system. Two identical samples sandwiched a Ti foil ZNa source. The source was
moved between runs for the HDPE due to irradiation induced positronium inhibition.
The error bars are population standard deviations for 3-5 runs. The PALS spectra for
both polymers gave a best fit using a three component analysis (22). The lifetime of
the shortest component was fixed at 0.125 ns. The differential scanning calorimetry
(DSC) data were collected using a DuPont 2200 DSC from -20°C to 200°C using a
heating rate of 20°C min”. Density measurements were made at 22°C in nitrogen using
an AccuPyc 1330 pycnometer by Micromeritics.

Results and Discussion

Figure 1 shows the variation in tensile modulus with orientation angle for the PVOH
and HDPE samples. The degree of orientation in a material may be defined in terms of
an orientation angle (OA), which is estimated from the width at half height of peaks
contained in the intensity profile taken from an azimuthal trace of the Laue reflections
(23). Smaller angles indicate samples with a high degree of orientation. In this
investigation, the OA was calculated from the strong {110} reflections from oriented
crystals. Figure 1 indicates that tensile modulus increases monotonically as the
crystallites become increasingly oriented parallel to the tensile direction (characterized
by a smaller orientation angle) and progressively more tensile load is borne directly
along the extended chain axis. The form of the curve in Figure 1 is similar to that
reported elsewhere (/6).

In Figure 2, the relationship between orientation angle and draw ratio for
PVOH and HDPE is illustrated. The maximum draw ratio achieved in the PVOH was
Amax = 3.08, compared with that in the HDPE of A = 16.00, reflecting the increased
molecular mobility and absence of entangled amorphous regions in the HDPE samples
with respect to the PVOH samples. Draw ratio is a process parameter and does not
convey the structural information inherent in the measurement of orientation angle.
Indeed, Samuels (2) has illustrated that draw ratio may indicate very little about degree
of orientation in semicrystalline polymers; however, in this work we are interested in
the use of solid state drawing processes to vary materials properties and have shown in
Figure 2 that for these two polymers and these solid state drawing processes, the
relationship between orientation angle and draw ratio is well established. Thus, in
order to directly compare morphological changes in both polymers at similar stages in
the drawing process, the data in Figure 2 will be normalized to express the relative
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Figure 1. Young’s modulus in tension as a function of orientation angle for (a)
PVOH and (b) HDPE. Curve drawn to indicate trend.
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degree of molecular drawing Ag; defined as the percent ratio of the amount of drawing
measured, Ay, to the maximum achievable draw ratio, Ama, in the following manner:

Mg = 100[Acxg11/[Amax-1] M

Thus, for undrawn samples Aey, = 1 and Ag =0 % and for fully drawn samples Aexp =
Amax and Ag =100 %.

The data in Figure 3 indicate that tensile drawing of both polymers causes the
crystallites to become oriented towards the direction of strain and shows that
maximum molecular orientation in both polymers is essentially achieved at comparable
stages in both polymers. The major part of the orientation angle decrease occurs by Ax
=30%. Beyond Ag = 30%, little further orientation is achieved indicating that drawing
beyond this point is accomplished by chain slippage in the crystalline regions, or
deformation/conformation changes in the amorphous regions in the polymer, or a
combination of both mechanisms. In order to determine the nature of the changes
occurring in the amorphous regions of the polymers during drawing, it is necessary to
measure the relative amounts of amorphous and crystalline material present at various
stages of the drawing process.

WAXD and DSC were used to measure the amount of crystalline and
amorphous phase in each of the samples. Figure 4 shows the crystallinity of the
samples as a function of draw ratio. The values of crystallinity from DSC and WAXD
are not in exact agreement; however, the trends show no significant change in
crystallinity due to solid state drawing. Similar results have been reported for
semicrystalline polymers with degree of crystallinity measured by DSC, WAXD, NMR,
and density (5,6,24), and the discrepancy between crystallinity values has been
discussed in terms of either dilation of amorphous free volume by crystal constraint
(6,24) or presence of a paracrystalline intermediate phase (3,6). ,

The amorphous regions of the polymers can be probed by the PALS technique,
which measures two free volume related parameters (25,26). The orthoPositronium
(oPs) lifetime, 73, is related to the mean free volume cavity radius (assuming a model of
spherical free volume cavities), and the parameter I; gives information relating to the
relative number of free volume cavities in the polymer. In the present work, the relative
total free volume is given by the parameter 1,°’I; which gives a number proportional to
the relative mean volume of the cavities multiplied by their relative concentration (27).
Table I contains the PALS oPs parameters for PVOH and HDPE samples measured
after solid state drawing. Suzuki et al. (28) have reported a four component analysis
for HDPE whilst other researchers (20,29) have reported a three component analysis.
In both types of analysis, the longest lifetime component is attributed to oPs
annihilations taking place in the amorphous regions of semicrystalline HDPE.

Figure 5 indicates that the free volume probed by oPs increases over the same
stages of drawing where the orientation angle undergoes the major part of the change
(Ar <30 %). For the glassy amorphous regions of the PVOH samples, the free volume
decreases after Ax = 30 % before appearing to reach a constant value - noticeably
lower than that in the undrawn polymer - when the draw ratio approaches Amx. It is
proposed that the rotation of crystal lamellae in the direction of the applied stress
during the initial stages of drawing is responsible for the initial increase in free volume,
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through a mechanism of dilation of the amorphous regions in the immediate vicinity of
the crystals. In the latter stages, the effect of drawing on the amorphous free volume is
one of constraint, as the extended crystal chains cause the glassy amorphous material
to align locally in the strain direction. Since the amorphous regions of the PVOH are
in a glassy state, they have insufficient mobility to revert to a completely random state
during elastic recovery. This free volume behaviour can be compared to that of HDPE
for which the amorphous regions are rubbery. Crystal reorientation has a similar effect
of dilation of the amorphous free volume with the latter stages of drawing resulting in
local orientation of the amorphous regions. The result, that the relative amorphous
free volume is similar in the fully drawn state to that found prior to dilation, suggests
that the rubbery amorphous regions have sufficient mobility to reach a relaxed
equilibrium state once crystal rotation is complete.

The relative mobility of the rubbery amorphous phase in the HDPE samples can
be inferred from the linewidth of the *C chemical shift for the amorphous phase.
Figure 6 displays the *C spectrum for Aep =1, (Ar = 0%). The *C NMR spectra for
all samples can be fitted with three peaks characteristic of the carbons in monoclinic
(M) crystals, orthorhombic (O) crystals, and amorphous (A) material. The crystalline
regions (M and O) have similar linewidths that do not vary systematically as a function
of draw ratio (Av = 40 £ 9 Hz; 100.61 Hz/ppm). The amorphous region linewidth is
plotted as a function of draw ratio in Figure 7. The increase in linewidth with initial
drawing indicates decreased mobility of the amorphous phase. It is interesting to note
that the molecular mobility of the amorphous regions is most reduced at Ar = 30%.
For this reason, it is postulated that the increase in amorphous free volume measured
by PALS (displayed in Figure 5) is due to the action of crystalline regions on the
adjacent amorphous regions as the crystals reorient. This action places a constraint on
the amorphous phase, dilating free volume and reducing mobility: The 3C NMR
spectra for PVOH do not display separate peaks characteristic of the crystalline and
amorphous regions, making it difficult to measure changes in mobility associated solely
with the amorphous regions. ,

Table I shows that the dilation of the PALS free volume in the initial stages of
drawing is due to an increase in the relative mean size of the free volume cavities, 1s,
as opposed to their relative number I;. Zipper et al. (30) have shown that constraint of
the amorphous phase by crystals in a polyester results in an increase in the T3 parameter
as well as an increase in Ty, The T, for the PVOH samples was measured using DSC
and can be used to give an indication of the mobility of the amorphous regions. Figure
8 shows the T, of the PVOH samples as a function of draw ratio. The major part of
the increase in Ty occurs after crystal reorientation is complete and as the PALS free
volume decreases below the value characteristic of the undrawn material. The
maximum T at Az = 80% corresponds to the minimum <3 and I (see Table I). Thus it
is postulated that the increase in T, in the latter stages of drawing is caused by local
orientation of amorphous regions. Ito and Hatakayama (3/) have discussed the
maximum in T, which occurs as a function of draw ratio (at approximately Az = 50%)
in glassy polycarbonate in terms of a decrease in intramolecular entropy caused by the
increase in molecular alignment along the chain axis. These authors also point out that
a change in free volume can reflect the configurational structure of the glass, and one
would expect an increase (maximum) in sub-T, relaxation time and decrease
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Figure 6. *C NMR spectrum for undrawn HDPE showing the three components
obtained from spectrum simulation. M = monoclinic crystalline, O = orthorhombic
crystalline and A = amorphous.
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Figure 7. The amorphous region (A) linewidth at half maximum as a function of
relative draw ratio for HDPE. Curve drawn to indicate trend.
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Figure 8. The glass transition temperature as a function of relative draw ratio for
PVOH. Curve drawn to indicate trend.
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(minimum) in free volume at the T, maximum (3/). There are some similarities
between the present work and that of Ito and Hatakayama (3/) in that a maximum in
T, is observed as a function of draw ratio and in the present work this maximum
coincides with a minimum in the amorphous free volume probed by PALS.
Comparison of the present work with that of Zipper et al. (30) highlights the difference
in constraint of the amorphous region by crystals which seems to dilate the free volume
elements (increase in 13, increase in Ty) and orientation of the amorphous regions in
semicrystalline polymers by macroscopic strain (decrease in T3, increase in Tg). The
data present a consistent picture of the stages of solid state drawing in terms of the
effect on the amorphous properties in these vinyl polymers: initial dilation due to
constraint imposed by crystal reorientation, followed by local orientation of the
amorphous regions.

It should be noted that Jean et al. (/0,32,33) have shown via angular
correlation of annihilation radiation (ACAR) that the approximately spherical free
volume elements in amorphous polycarbonate, polymethylmethacrylate, and
polyaryletheretherketone become elliptical due to orientation of the glassy state.
Shelby (7) discusses the possible effects of free volume element (or “hole”) anisotropy
on the PALS free volume parameter 1:’L;. He suggests the existence of a distribution
of hole eccentricities due to only partial alignment of chain segments in the stretch
direction and further suggests a higher probability of oPs annihilation in the larger and
more spherical free volume holes. Shelby (7) concludes that although the effect of free
volume hole anisotropy on the PALS parameters (oPs formation probability and
pickoff lifetime) is not completely understood at this time, the isotropic PALS measure
of relative free volume in amorphous regions, 1:°’ls, is reasonably accurate when
applied to anisotropic material.

Density measurements showed no systematic variation as a function of draw
ratio (Figure 9) which indicates that the amorphous and crystalline densities are either
both approximately constant or both changing in an inversely coupled way. Possible
effects of microfibrillation and/or crazing in the samples in the latter stages of drawing
also make the density data difficult to interpret. In light of the PALS results, the data
may indicate that these density measurements are not sensitive to the changes in
amorphous region free volume. The PALS oPs probe can have greater sensitivity than
density measurements to free volume effects on the molecular level (27). The free
volume sites available for oPs localization typically range in size from 0.2 to 0.7 nm
and are located inter- and intra-chain. In semicrystalline polymers the amorphous
regions and interfacial regions offer sites of lowest electron density which are most
favorable for the oPs localization. Hence, as demonstrated by Zipper et al. (30) and in
the present work, the oPs probe can be used to evaluate the constraint on the
amorphous regions imposed by crystals, with a sensitivity much greater than that found
with density measurements.

In summary, it is postulated that the initial increase in free volume is due to the
constraint of the amorphous phase by the crystals as they rotate in order to
accommodate the strain. The macroscopic strain used in the present study appears to
constrain and then locally orient the amorphous regions giving a window of maximum
free volume and reduced molecular mobility. Because the free volume goes through a
maximum, it is possible that drawing can be used to increase the free volume of the
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Figure 9. Density as a function of relative draw ratio for (a) PVOH and (b)
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amorphous regions and hence tailor transport properties in semicrystalline polymers.
Wang and Porter (34) have reported a maximum in gas permeability at A = 30% for
HDPE samples subjected to varying draw ratios via solid state co-extrusion using a
strain rate of approximately 0.5 sec™’, much faster that that used in the present work.
As mentioned in the introduction, the response of the amorphous regions to the applied
stress will depend on the molecular relaxation times as compared to the strain rate. At
the temperatures used for extrusion in this work and that of Wang and Porter (60-
100°C) the samples are well above T and the frequency of motion of the amorphous
material is orders of magnitude higher than the strain rate employed. The variation of
gas permeability with draw ratio in the HDPE samples of Wang and Porter was
attributed to varymg degree of crystallinity. The degree of crystallinity of the samples
was measured via DSC, and these results are compared to those of the present work in
Figure 10. The solid state extrusion processes result in similar degrees of crystallinity
for samples extruded at very different strain rates to the same relative draw ratios. The
gas permeability results of Wang and Porter (34) are reproduced in Figure 11.
Comparison of the gas permeability (Figure 11) and the PALS free volume (Figure 5b)
behaviors for thess HDPE samples prepared by solid state extrusion suggests that
whilst degree of crystallinity (or amorphous fraction) is important to transport
properties, the effect of drawing on the amorphous free volume also plays an important
role in gas transport. Our future work will examine transport properties of these vinyl
polymers and attempt to determine the relationship between PALS free volume and
gas transport given the complex morphologies of drawn semicrystalline polymers.

Conclusions

Tensile drawing and hydrostatic extrusion were used to vary the draw ratio, orientation
angle, tensile modulus, and amorphous properties of PVOH and HDPE. The
amorphous free volume probed by PALS was maximized with initial drawing and
subsequently reduced by further drawing of the polymer. The mobility of the glassy
amorphous regions in PVOH (as indicated by T,) was slightly reduced due to the
constraint imposed by crystal reorientation and most reduced by local orientation of
the glass. In contrast the mobility of the rubbery amorphous regions in HDPE (as
indicated by *C NMR linewidth) was most reduced due to the constraint caused by
crystal reorientation. The PALS free volume in PVOH was reduced in the latter stages
of drawing below that found in the undrawn material, whilst the rubbery amorphous
regions of HDPE had similar PALS free volume in the undrawn and fully drawn
samples. It was postulated that the orientation of the glassy amorphous regions
(PVOH) resulted in the reduced PALS free volume whilst the rubbery amorphous
regions (HDPE) were able to relax. The implications of these findings for mechanical
(environmental stress cracking) and transport properties will be further investigated.
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Chapter 21

Free Volume and Transport Properties of Barrier and
Membrane Polymers

B. D. Freeman' and Anita J. Hill’

'Department of Chemical Engineering, North Carolina State University,
Raleigh, NC 27695-7905
*CSIRO Manufacturing Science and Technology, Private Bag 33, South Clayton
MDC, Clayton, Victoria 3169, Australia

Ultrahigh permeability polymers are stiff chain glassy polymers that
pack very poorly in the solid state, having high values of fractional
free volume and a high degree of connectivity of free volume
elements. High barrier materials are prepared from stiff chain glassy
polymers that pack efficiently in the solid state, with low fractional
free volume values. Manipulation of solid state chain packing changes
permeability coefficients over many orders of magnitude. Control of
chain chemistry and packing structure of stiff chain glassy polymers
permits rational tailoring of permeation properties between those of
high barriers and those of extremely permeable membranes via
systematic manipulation of free volume and free volume distribution.

The transport of small molecules in polymers plays a key role in the use of
membranes for liquid, gas, and vapor separations; barrier plastics for packaging;
controlled drug delivery devices; monomer and solvent removal from formed
polymers; and in the study of physical aging of glassy polymeric materials. In
applications ranging from gas separation to barrier packaging, glassy polymers have
permeation and separation characteristics superior to those of rubbery polymers and,
as a result, glassy polymers are used commercially in these applications.

Very high permeability membranes and low permeability barrier films derive
from stiff chain, glassy polymers. High permeability membranes result from rigid
disordered materials, and low permeability barrier films are fabricated from rigid
locally ordered materials. For example, poly(1-(trimethylsilyl)-1-propyne) [PTMSP],
a stiff chain polymer with a glass transition temperature in excess of 300°C, is the
most permeable polymer known (I). Its oxygen permeability coefficient at ambient
conditions is approximately 1x10-6 cm3(STP) cm/(cm2 s cm Hg), which is more than
ten times the oxygen permeability of highly flexible, rubbery poly(dimethylsiloxane)
[PDMS], the most permeable rubbery polymer (2-5). Bulky substituents and double
bonds along the PTMSP backbone lead to rigid, twisted polymer chains which pack
very poorly, resulting in extraordinarily high solubilities, diffusivities, and, in turn,
high permeabilities. In complementary contrast, glassy liquid crystalline polymers
[LCPs] such as poly(p-phenyleneterephthalamide) [PPTA] and poly(p-
hydroxybenzoic acid-co-6-hydroxy-2-naphthoic acid) [HBA/HNA] pack
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very efficiently in the solid state and exhibit extremely high barrier properties. For
example, at 35°C the oxygen permeability of HBA/HNA73/27, a random copolymer

containing 73 mole percent HBA, and PPTA are 47x10-15 and 80x10-15 cm3(STP)

cm/(cm?2 s cm Hg), respectively (6-11). These values are eight orders of magnitude
lower than the oxygen permeability coefficient of PTMSP, demonstrating the
extraordinary range of permeation properties between those of low free volume glassy
polymers, which enjoy efficient chain packing in the solid state, and high free volume
glassy polymers, where chain packing in the solid state is strongly frustrated. .

Free volume is a convenient concept to characterize the amount of space in a
polymer matrix that is not occupied by the constituent atoms of the polymer and is
available to assist in the molecular transport of small penetrant molecules. As noted
by Adam and Gibbs (I2), the concept of free volume embodies inter- and
intramolecular interaction as well as the topology of molecular packing in the
amorphous phase. In this regard, transport properties of polymers have been
described by Peterlin (13) as having static and dynamic free volume contributions,
thereby acknowledging the importance of packing-related free volume as well as
cooperative segmental chain dynamics to penetrant transport. In developing new
polymers for membrane and barrier applications and in the systematic processing-
induced manipulation of permeation properties of polymers, free volume is often used
to rationalize experimentally observed structure/property relations. Therefore, the
relationship among polymer backbone structure as well as higher order structure, such
as nematic order in LCPs, and free volume and free volume distribution in the solid
state is important. .

In this chapter, we examine the effect of chain packing on permeation properties
for three families of polymers that span the range from extremely low permeability,
liquid crystalline barrier materials to intermediate permeability, amorphous gas
separation membrane materials to ultrahigh permeability polymers. All of the
polymers discussed are glasses at the ambient measurement conditions. Chain
packing in these systems is characterized by density-based estimates of free volume
and by positron annihilation lifetime spectroscopy [PALS], which permits an estimate
of both the size and concentration of free volume elements in a polymer matrix. The
effect of free volume on permeability of a range of penetrants of different sizes is
presented. For the highest permeability glassy polymers, subtle variations in free
volume distribution result in extraordinary changes in permeation properties.

Background
The permeability of a polymer film of thickness £ to a penetrant, P, is (14):

p=—N¢ o)

—Pz-pl’

where N is the steady state gas flux through the film, and p; and p; are the upstream
and downstream penetrant partial pressures, respectively. When the downstream
pressure is much less than the upstream pressure, permeability is often written as (14):

P=SxD, 2)

where S, the apparent solubility coefficient, is the ratio of the dissolved penetrant
concentration in the upstream face of the polymer to the upstream penetrant partial
pressure in the contiguous gas or vapor phase, and D is the concentration averaged
penetrant diffusion coefficient (14).
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Permeability properties are very sensitive to chain packing in the solid state.
Chain packing is often characterized in terms of free volume. However, a simple,
direct, unambiguous measurement of free volume in polymers is not available. The
most common characterization of solid state chain packing is fractional free volume,
FFV, which is defined as follows (14):

1=1=v=¥’a. 3)

In this expression, V is the polymer specific volume, and V, is the so-called occupied
volume of the polymer, which is commonly estimated as 1.3 times the van der Waals
volume of the constituent monomers (15). The van der Waals volumes of monomer
units are usually estimated using Bondi’s group contribution method (16).

As permeability depends on both solubility and diffusivity, one may consider the
effect of free volume on solubility and diffusion coefficients individually when
assessing the impact of free volume on permeation properties. As discussed in more
detail below, the effect of chain packing on gas diffusion coefficients in amorphous
glassy polymers is stronger than the effect of chain packing on gas solubility
coefficients. Thus, correlations of permeability with free volume often closely
resemble correlations of diffusion coefficients with free volume. In polymers with
highly ordered regions, such as semicrystalline or liquid crystalline polymers, the
effect of free volume on solubility is stronger than in amorphous materials. In ordered
or partially ordered polymers, solubility is sensitive to the amount of ordered material
and the efficiency of packing in the ordered regions (6, 10, 17).

The effect of free volume on penetrant diffusion coefficients in polymers is often
described using concepts from the Cohen and Turnbull model (18). This statistical
mechanics model provides a simplistic description of diffusion in a liquid of hard
spheres. A hard sphere penetrant is considered to be trapped in a virtual cage created
by its neighbors. Free volume is defined as the volume of the cage less the volume of
the penetrant. Free volume fluctuations, which occur randomly due to thermally-
stimulated Brownian motion of neighboring hard spheres, provide opportunities for the
penetrant to execute a diffusion step if the gap (i.e. free volume fluctuation) occurs
sufficiently close to the penetrant to be accessible and is of sufficient size to
accommodate it. The diffusion coefficient of a penetrant is given by:

D= [ F(v)p(v)dv 4)

where v is the size of a free volume element, v* is the minimum free volume element
size which can accommodate the penetrant, F(v) is the contribution of free volume
elements of size v to the total diffusion coefficient, and p(v) is the probability of
finding a free volume element of size between v and v+dv. The distribution of free
volume is obtained, using standard techniques of statistical mechanics, by maximizing,
at fixed number of molecules and fixed total free volume, the excess entropy resulting
from the distribution of free volume. The result is:

Y Y
p(v)=7-<exp| - V] )
{ve) [ {ve)
where 7y is an overlap parameter introduced to avoid double counting of free volume

elements shared by more than one hard sphere, and <v¢> is the average free volume.
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As average free volume in a polymer matrix cannot be measured directly, <vg> in
Equation 5 is usually replaced by fractional free volume, which is calculated based on
polymer density and an estimate of the occupied volume in the polymer. Free volume
distributions calculated using Equation 5 are presented in Figure 1 for several values
of average free volume. From Figure 1, this theory predicts that smaller free volume
elements are more numerous than larger ones. Qualitatively, this prediction is
consistent with molecular simulations of free volume distributions in glassy polymers
such as atactic poly(propylene)(19) and poly(vinylchloride) (20). As indicated in
Figure 1, the theory also predicts that the probability of finding a free volume element
of a particular size increases as average free volume increases.

Using these results, the Cohen and Turnbull model provides the following
expression for the penetrant diffusion coefficient (18):

(ve)

where A is a pre-exponential factor which depends weakly on temperature. Penetrant
size is strongly correlated with v¥. From Equation 6, penetrant diffusion coefficients
decrease exponentially with increasing penetrant size (v*), which is qualitatively
consistent with experimental observations for infinite dilution penetrant diffusion
coefficients in glassy polymers (/4). This model, based on diffusion of spheres,
cannot provide insight into the effect of penetrant shape on diffusion coefficients.
Equation 6 also predicts that, in two polymer matrices with very different average free
volume, the effect of penetrant size on diffusion coefficients is weaker in the higher
free volume polymer. While this model is obviously a crude approximation of the
complex cooperative segmental chain dynamics which govern penetrant transport in
polymers, it provides an intuitively useful qualitative rationale for the effect of free
volume and penetrant size on transport properties of polymers.

D=A exp(--l—v*) (6)

Low Permeability Liquid Crystalline Polymers

Liquid crystalline polymers such as PPTA and HBA/HNA copolymers have
remarkably high barrier properties (6, 10, 11, 21-23). Values of oxygen permeability .
for several glassy LCPs and for conventional, non-liquid crystalline high barrier
glassy polymers are presented in Table 1. Oxygen permeability is at least an order of
magnitude lower in LCPs than in common glassy polymers such as PET and PVC and
can be comparable to oxygen permeability in PAN, a noted barrier polymer.

The influence of chain packing (i.e. free volume) on solubility, diffusivity and
permeability in liquid crystalline polymers can be studied by comparing properties of
LCPs in the disordered, isotropic state with those in the ordered, liquid crystalline
state. HIQ-40 is a random, glassy, thermotropic, nematogenic terpolymer synthesized
from 40 mole percent p-hydroxybenzoic acid and 30 mole percent each of isophthalic
acig ar(x)d hydroquinone. The chemical structures of the constituent monomers for
HIQ-40 are:

' HO—@—@—OH HO—@ : Cﬂ—OH HO—@—OH

p-hydroxybenzoic acid isophthalic acid hydroquinone
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HIQ-40 may be dissolved in volatile solvents and cast into thin, metastable, glassy,
optically isotropic, transparent films at ambient conditions. The rapid evaporation of
volatile solvent molecules, in comparison with the characteristic rate of mesogen
ordering, results in the preparation of solvent-free, isotropic, and disordered
amorphous films which pack as illustrated in the cartoon of Figure 2a. Subsequent
heating in the range of the glass transition temperature, Tg, confers sufficient chain
mobility to permit the development of axial (i.e. nematic liquid crystalline) order and
small amounts (<10%) of three-dimensional crystalline order (cf. Figure 2b), which
persist upon cooling the sample to ambient conditions (6, 21, 23, 24).

Table I Oxygen permeability in glassy barrier polymers and liquid crystalline
polymers at 35°C

Permeability x 1015

: Polymer [cm3(STP) cm/(cm? s cm Hg)]
Conventional, Non-Liquid

Crystalline Glassy Polymers:
Amorphous Poly(ethyleneterephthalate) [PET] (25) 11,000
Poly(vinylchloride) [PVC] (26) 9,400
Poly(acrylonitrile) [PAN] (27) 54

Liquid Crystalline Polymers:
HBA/PET 80/202 (25) 500
PPTA 80
HBA/HNA73/27 47

a HBA/PET 80/20: a liquid crystalline copolyester composed of 80 mole percent
p-hydroxy-benzoic acid [HBA] and 20 mole percent PET.

In a nematic liquid crystalline polymer such as HIQ-40, rod-like mesogenic units
of the polymer chains are locally aligned, somewhat imperfectly, in a common
direction, described by a vector called the director, n, as shown in Figure 2b.
Nematic domains formed by regions where the director value is constant or changes
smoothly and continuously with position are separated by defects or domain
boundaries, where the director and, therefore, molecular orientation change abruptly,
as shown in Figure 2b. The characteristic width of these domain boundaries is
believed to be several hundred Angstréms in nematic thermotropic polymers (28).
The nature of the molecular structure in boundary regions is not well understood.
However, several reports suggest that boundary regions may contain relatively high
concentrations of chain ends (28, 29).

By comparing the sorption and transport behavior of small molecules in an as-
cast, disordered, isotropic sample with those of an annealed, ordered, frozen liquid
crystalline sample, the effect of axial ordering on sorption and transport properties
may be determined unambiguously. Moreover, the influence of axial ordering on
other properties (e.g. density, fractional free volume, glass transition temperature, and
free volume accessible to orthoPositronium) may be determined.
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Figure 1. Free volume distribution from the Cohen-Turnbull model. po is the
probability of finding an infinitely small free volume element, y/<vs>. The
relative free volume element size is yv/<vg>.

a: As-Cast

b: Annealed

Boundary

Figure 2. Structure of as-cast and annealed HIQ-40 films. In the as-cast sample,
the mesogenic units of the polymer chains are kinetically trapped in a disordered,
isotropic arrangement. In the annealed sample, arrows in the domains represent
the director, n, and point in the direction of orientation of the domains.
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Acetone Sorption and Diffusion in HIQ-40. Kinetic gravimetric sorption
experiments provide a convenient and sensitive experimental probe of both solubility
and diffusivity in thin polymer films of uniform thickness (30). Uniform HIQ-40
films were cast from solution in an organic solvent mixture to provide a set of as-cast,
isotropic samples (6, 2). These as-cast films were then annealed for approximately
one hour at temperatures ranging from 100°C to 330°C to induce ordering. The films
were quenched to ambient conditions, and kinetic gravimetric sorption experiments
were performed using acetone as a probe penetrant. The acetone solubility and
diffusivity determined from these measurements are shown in Figure 3. Both
solubility and diffusivity are highest in the as-cast film. Solubility and diffusivity
decrease monotonically as the annealing temperature is increased to 200°C. There is
little change in solubility and diffusivity as the annealing temperature is raised to
300°C from 200°C. Annealed samples exhibit solubilities and diffusivities that are up
to approximately an erder of magnitude lower than in the unannealed, as-cast sample.

Most of the change in acetone solubility and diffusivity occurs in the temperature
range of the glass-rubber transition. In the as-cast sample, the glass transition is
observed at 42°C (31). In the sample annealed at 200°C, the glass transition of the
nematic regions is observed at 139°C. A cold crystallization exotherm centered near
150°C is observed by differential scanning calorimetry. This exotherm is associated
with the development of low levels of three-dimensional crystallinity. Samples
annealed between 170°C and 300°C exhibit crystallinity detectable by wide angle X-
ray diffraction (31). A broad melting endotherm is centered at about 310°C; this
endotherm marks the melting of crystallites and the transformation to a nematic fluid.
As-cast film samples are optically isotropic at 25°C, those annealed at 200°C exhibit
marked birefringence, suggesting the development of axial order, and those annealed
at 300°C and 330°C exhibit textures indicative of a nematic liquid crystalline phase
3.

The ordering of the as-cast films due to thermal annealing is accompanied by an
increase in density for annealing temperatures up to 300°C and a slight decrease in
density in the sample annealed at 330°C, which is above the crystalline melting point
in HIQ-40. Figure 4 presents the correlation of acetone solubility and diffusivity with
fractional free volume in the as-cast and annealed samples. There is a strong
dependence of both solubility and diffusivity on chain packing.

Based on these results, mesogenic order efficiently frustrates penetrant solubility
and diffusivity in glassy HIQ-40. Myers et al.(17) observed that even the smallest
penetrant is not soluble in the crystalline regions of common glassy and rubbery
polymers. Experimental determinations of gas and vapor sorption levels in most semi-
crystalline polymers are well-described by an analytical model which assumes that the
polymer may be divided into a non-crystalline phase which accommodates penetrant
sorption and a crystalline phase which does not. This two-phase model has been
extended to liquid crystalline polyesters with good success (8, 32). Some of the HIQ-
40 samples in this study contain low levels of conventional three dimensional
crystalline regions (<10%) and highly organized liquid crystalline regions:which could
preclude dissolution of penetrant molecules. Based on the two-phase model, the
fraction of conventional crystallinity would have to be approximately 90% to explain
the observed sorption behavior of acetone in HIQ-40 samples that had been annealed
at temperatures between 200°C and 300°C (6). However, DSC and X-ray
measurements of crystallinity in HIQ-40 suggest that only a very small fraction of the
material is crystaliine, clearly too low to account for the very high fraction of
inaccessible regions in HIQ-40 suggested by the ten-fold decrease in acetone solubility
6, 21).
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Figure 3. Effect of annealing temperature on acetone solubility (open circles) and
diffusivity (filled circles) in HIQ-40 samples at 35°C and an acetone relative
pressure of 0.15.
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Figure 4. Correlation of acetone solubility and diffusivity in HIQ-40 with
fractional free volume (6, 23). The solubility and diffusivity were determined at
35°C and an acetone relative pressure of 0.15.
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If the ordering of the liquid crystalline phase precludes solubility within the HIQ-
40 domains just as conventional crystallinity typically precludes sorption and
transport in the crystallites, then penetrant molecules would be largely restricted to
boundary regions between domains. Since the domain boundaries account for a small
fraction of the sample mass (28), penetrant solubilities based upon the overall sample
weight would appear to be quite low relative to solubilities in conventional
amorphous polymers. Moreover, the domains could act as impenetrable barriers to
diffusion of small molecules, providing a tortuous path for the penetrant molecules.
In HBA/HNA73/27, gas and vapor solubility and transport data are consistent with
models suggesting that only domain boundary regions separating nematic liquid
crystalline domains are accessible for penetrant sorption and transport (8, 22).

Permeability of Gases and Acetone in HIQ-40. Figure 5 presents the relative
permeability of HIQ-40 to a series of gases as a function of annealing temperature.
The permeability of annealed samples are reported relative to the permeability of an
unannealed (i.e. as-cast) sample. Acetone permeability is also presented in this figure
and is calculated as the product of acetone solubility and diffusivity according to
Equation 2. The numbers in parentheses are the kinetic diameters of the penetrant
molecules. Kinetic diameter is a common measure of penetrant size. As shown in
Figure 5, the permeability of all penetrants decreases with increasing annealing
temperature up to 300°C. The larger penetrants are more strongly affected by
annealing-induced ordering than the smaller penetrants. The results of the simple free
volume theory of diffusion (Equation 6) suggest that since the larger penetrants require
more free volume to execute a diffusion step, diffusion coefficients of larger
penetrants should be more strongly influenced by a reduction in free volume than the
diffusion coefficients of small penetrant molecules.

Positron Annihilation Lifetime Spectroscopy of HIQ-40 Films. Positron
annihilation lifetime spectroscopy has emerged as a sensitive technique to probe free
volume in polymers (33, 34). PALS uses orthoPositronium [0Ps] as a probe of free
volume in the polymer matrix. oPs resides in regions of reduced electron density,
such as free volume elements between and along chains and at chain ends (33). The

lifetime of oPs in a polymer matrix, T3, reflects the mean size of free volume elements
accessible to the oPs. The intensity of oPs annihilations in a polymer sample, I3,
reflects the concentration of free volume elements accessible to oPs. The oPs lifetime
in a polymer sample is finite (on the order of several nanoseconds), so PALS probes
the accessibility of free volume elements on nanosecond timescales (35).

Table II presents PALS results and other physical property data for an as-cast
HIQ-40 sample and for a sample that was annealed for one hour at 200°C. The
annealing protocol results in a 2.5% increase in density, which corresponds to a 17%
decrease in fractional free volume. The acetone diffusion coefficient decreases
almost five-fold and acetone solubility decreases by approximately 90% as a result of
the ordering induced by the annealing protocol. The oPs lifetime decreases by 14%,
suggesting that the average free volume cavity size decreases due to annealing. Based
on the oPs lifetime, the mean free volume cavity diameter may be estimated (36);
these values are reported in parentheses in Table II. The PALS I3 parameter, which
reflects the relative concentration of free volume elements in the polymer matrix, is
approximately 22% lower in the annealed, liquid crystalline sample.

The free volume accessible to oPs is more than 50% lower in the annealed
sample. This decrease is much larger than the decrease in free volume probed by
density, and suggests that both the amount of free volume and the accessibility of free
volume over the lifetime of the oPs probe decrease as the isotropic as-cast sample
orders towards the liquid crystalline state. This finding is consistent with the much
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Figure 5. Relative permeability of HIQ-40 to several gases and acetone at 35°C (24).
The numbers in parentheses are the penetrant kinetic diameters.
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higher glass transition temperature, in the annealed, nematic, liquid crystalline state
than in the as-cast, isotropic state. The large increase in Tg upon annealing suggests
rather profound decreases in segmental mobility upon ordering the polymer from the
isotropic to the liquid crystalline state. .

These composite results indicate that liquid crystalline ordering in aromatic
polyesters such as HIQ-40 can strongly decrease penetrant solubility and diffusivity
while improving static packing efficiency, as characterized by density and FFV.
Transport properties of larger penetrant molecules are more strongly affected by this
ordering process than small penetrant molecules. The improvement in packing
efficiency is accompanied by sharp decreases in segmental motions important in the
glass-rubber transition and perhaps by decreases in polymer chain motion important
for oPs accessibility in the polymer matrix.

Table II. Physical properties and PALS results for HIQ-40 films

s ciooi.. o Property . o -As-Cast . Annealed : % Change
Density [gm/cm3] 10.001 (6) 1.374 1.408 +2.5
FFV (6) 0.128 0.106 -17
Tg [K]1 (31) 315 412 +31
Relative Free Volume Cavity Size, 1.80 1.54 -14
73 [ns] £ 0.03(37) (53Ap  (@7A)p
Relative Free Volume Concentration, 15.2 11.8 =22
I3 [%] £0.3(37)

Relative Free Volume Accessible to Positrons, 89.4 429 -52
133130 [ns3 %] (37)

Acetone Solubility [cm3(STP)/(cm3 atm)] (6) 220 20 -87
Acetone Diffusivity [cm?/s] (6) 48x10-13 10x 10-13 -79

a Mean free volume cavity diameter calculated according to the free volume model of
Jean (36, 38).

b Based on a model of spherical free volume cavities, the free volume accessible to
oPs may be estimated from the product of the cube of the cavity size, 73, and the
concentration of free volume cavities, I3 (33).

Intermediate Permeability Amorphous Polymers

In contrast to the LCP results just presented, in glassy polymers used as gas separation
membranes, free volume influences diffusion coefficients much more than solulg1!1ty
coefficients. Figure 6 provides an example of this effect. In this figure, the solubility,
diffusivity, and permeability of methane in a series of glassy, aromatic, amorphous
poly(isophthalamides) [PIPAs] are presented as a function of the fractional free
volume in the polymer matrix. (More complete descriptions of the transport properties
of this family of materials are available elsewhere (39, 40)). The fractional free
volume is manipulated systematically in this family of glassy polymers by
synthesizing polymers with different substituent and backbone elements as shown in
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Figure 6. Methane solubility, diffusivity, and permeability of a series of low free
volume polyiso